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FOREWORD 


THE newer branches of science generally develop at the points of 
contact of the older disciplines and in the fringe areas between science 
and technology; the union between physics and metallurgy has been 
particularly fruitful and has resulted in the growth of the now distinct 
study of Metal Physics. Because of the hybrid pedigree of this new 
branch of science original publications relating to it are appearing in a 
very large number of different journals, and because of its recent origin 
it is sometimes difficult to digest the new material as it appears 
Experience in the more rapidly developing branches of science has 
shown that no individual can read, appraise and assimilate all the 
papers that are of interest to him, and it is found that the necessary 
perspective on a topic can usually be most efficiently realized by the 
aid of a review prepared by someone who is himself active in that 
particular field. The purpose of the series is to provide such reviews 
in the general area of the Physics of Metals. It is the hope of the 
Editors that all the significant aspects of the subject will be discussed 
and that those that are advancing rapidly will be reviewed at appro- 
priate intervals. 
B. Coatmers and R. Kine 
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EQUILIBRIUM, DIFFUSION AND 
IMPERFECTIONS IN 
SEMICONDUCTORS 


J. N. Hobstetter 


[. INTRODUCTION 


Many of us whose primary interest lies in the study of metals do not 
always appreciate the profit we can derive by devoting some attention 
to the study of semiconductors. We seek to understand the relations 
between metal structures and properties and to increase our know- 
ledge and control of both. We believe that such phenomena as 
equilibrium, diffusion of atoms and the generation and motion of 
dislocations and other imperfections are the keys to this understanding 
and control. These same phenomena occur in semiconductors where 
they play the same roles in forming structures. One of the few impor- 
tant differences is that electrical conductivity in semiconductors is 
extraordinarily sensitive to small variations in structure, whereas in 
metals it is not. Another difference is that, at present, dislocations can 
readily be located by means of etch pits on certain semiconductor 
surfaces, whereas in metals they have rarely been so located. The 
study of electrical conductivity and of etch pits in semiconductors 
thus provide new and powerful tools for exploring the same basic 
phenomena as occur in metals. Another important difference is that, 
because of the demands of transistor technology, single crystal growing 


techniques for germanium and silicon have reached a high state of 


perfection. As a result, crystals are available in which purity and per- 
fection surpass those of metal crystals by many orders of magnitude. 
These crystals are ideal media for experimentation with respect to these 
basic phenomena. 

The structure-sensitiveness of the conductivity of semiconductors 
gives rise to properties that underlie the new and ever more promising 
devices of solid state electronics. The energy levels of various donor 
and acceptor impurities, considerations of lifetime of minority carriers 
and a host of other problems come into play in this consideration. 
Most of these will be beyond the scope of this article. Here we shall 
be concerned only with measurements that shed light on the problems 
of metal physics and shall discuss only what is necessary to interpret 


these measurements. 
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The discussion will fall under four main headings, as follows: 

Electrical Properties—which will review briefly the facts necessary 
for the interpretation of the simple electrical measurements. 

Equilibrium—which will discuss new experimental methods for 
determining solidus and solid solubility lines for a variety of solutes. 
Retrograde solubility, which often occurs in semiconductor systems, 
will be considered in relation to theory of solid solutions. The ingenious 
prediction by Reiss of the semiconductor equivalent of the common-ion 
effect will also be considered 

Diffusion—which will show how this fundamental rate process can 
be conveniently studied through electrical measurements. Results 
will be described and discussed in the light of diffusion theory. 

Imperfections—which will describe methods for studying deforma- 
tion-, thermal- and bombardment-induced imperfections such as 
dislocations, vacancies and interstitials. The etch-pit technique will 


be described in some detail 


Il. ELectricaAL PROPERTIES 
The following review of the electrical properties of semiconductors is 
neither exhaustive nor documented. It is designed solely to provide a 
basis for understanding the electrical measurements that aid in studying 
fundamental structural phenomena. Readers who may care to go 
further into this subject are referred to the classic text by SHockLey™ 


from which most of the following is drawn 


Electronic Bands in Semiconductors 


An ideal semiconductor crystal Is a pertect periodic arrangement of 
atoms often having the diamond structure. The so-called A,,,By 
compounds made from trivalent and pentavalent elements form a 
related structure. The atoms occupy the same positions as in the 
diamond structure, but in ordered fashion such that each A atom is 
surrounded only by B atoms and vice versa. We shall regard these 
compounds as variants of the diamond structure and no other structure 
will be considered in this article. In the ground state, then, each atom 
is covalently bonded to four near neighbours These tetrahedrally- 
directed bonds may be thought of as formed from sp* hybrid orbitals. 
The energy levels occupied by the valence electrons while they are 
forming these bonds comprise a band of quasi-continuous states 
known as the valence band. This band can hold only as many electrons 
as are required to complete the covalent bond scheme 

When electrons in this structure are excited, they enter conducting 


states wherein they are free to move throughout the crystal. These 


states comprise a new quasi-continuum known as the conduction band. 
Between the valence band and the conduction band is a zone of 
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forbidden energies known as the energy gap. Thermal excitation of 
valence electrons across this gap accounts for the characteristic semi- 
conductor property whereby the electrical conductivity increases with 
temperature. The gap width”: *® in germanium is about 0-74eV; in 
silicon™ it is about 1-10 eV at room temperature. 

Donor and Acceptor Levels 


Impurity atoms or other imperfections perturb the band structure by 
introducing new energy levels. Consider an impurity atom having five 
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Fig. a ~ hemati« energy level diagram of a typical semiconductor 


valence electrons, for example P, As or Sb. The four sp* bonding 
orbitals will accommodate four of these electrons when the atom is 
bound into the crystal. The energy level of the extra fifth electron 
then turns out to lie in the energy gap near the bottom of the conduction 
band. This non-binding electron is thus much easier to excite to the 
conduction band than are the binding electrons that form the covalent 
bonds. Neutral impurity atoms that can so give electrons to the 
conduction baiid are called donors and the energy level from which 
the electrons come is the donor level shown in Fig. 1. 

An impurity atom such as B, Ga or In, having only three valence 
electrons, lacks one of the electrons necessary to complete the bonding 
scheme. When such an atom is bound into the crystal with sp* orbitals, 
the unfilled orbital presents an empty energy state very like one of the 
binding states, but of slightly higher energy. This state lies in the 
energy gap near the top of the valence band and an electron from the 
valence band can easily be excited into it. Neutral impurity atoms that 
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This conduction by holes is called P ty pe conduction. If both ty pes ol 
conduction occur simultaneously, then the total conductivity is 


wu PH,) ; (3) 


Intrinsi and Extrinsic ( onductivity 


An ideally pure semiconductor will ordinarily contain current carriers 
only in so far as electrons from the valence band have been thermally 
excited across the gap into the conduction band lea ing holes behind. 
The numbers ol holes and electrons will obviously be equal and will 
depend on temperature as will be shown later. From the fact that 


” P nN, if follows that 
(4) 


so that conductivity also depends on the sum of the mobilities. This 
conductivity is called the intrinsic conductivity of the semiconductor 
and will be the value approached as the material is made increasingly 
pure 

No actual material is completel, pure Most will contain at least 
small numbers per unit volume of donor atoms N, and of acceptor 
atoms A ‘ If these numbers are equal then at low temperatures all the 
th energy donor levels will drop into holes 


extra electrons from the hi 
on the low energy acceptor levels so that the number of carriers is the 
same as in an intrinsic material. Such a material is called compen 
sated 14 If however! the number ol dot ors exceeds the numbet ol 
acceptors, there will be an excess of electrons left in the high energy 
donor levels \t temperatures so low that intrinsic conduction is 
unimportant these excess electrons can still be « asily excited from the 


donor states to the nearby conduction band so as to provide relative 


large n-type conductivity Therefore whenevel A exceeds A we 
YI D 


have what is called 7 Ly pe material 
If NV, exceeds .\ at sufficiently low temperatures there will 
nh @Xcess ol Sli) ited holes in the valence band and we 
ype mate ial. Both n- and p-type materials are said to exhibit 


conduction at low tempel itures 


Fermi Dirac NStatiatica 


The electronic levels associated with the valence and conduction 
bands and donor and acceptor atoms will all be populated with electrons 
according to the Fermi-Dirac statisti These statistics take account 
of the Pauli exclusion principle that only two electrons of opposite 
spin can occupy : ngle energy state. It must be noted, however, that 
donor and acceptor states are exceptional in that only one electron of 


either spin may occupy one of them. This electron is the extra electron 
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that the donor atom possesses in its ground state or the extra electron 
that the a ceptor atom a quires to complete its bond scheme For this 
reason a restricted form of the Fermi-Dirac statistics applies to these 


listribution Fun hone 


Fermi-Dirac distribution functions are simple in form. In the 
gy bands, if f. is the fraction of all states (including spin) having 


that are occupied bv electrons. then 


rhe fraction of these same states occupied by holes is evidently 


| 
exp | 


the donor and acceptor levels, slightly different expressions apply. 


is the fraction of donor states at energy &,, Oc upied by electrons. 


Similarly, the traction f, of acce ptor states at energy 


‘ occupied by 


4 
holes is 


The Fermi Level 


The complication in the use of the Fermi-Dirac distribution laws arises 
in the behaviour of the parameter é, which is called the Fermi level 
This level represents the average energy of an electron (or hole) at 
the top of the Fermi sea where the probability /, (or f,) is exactly 4. 
The parameter e, must always be adjusted to make the distribution 
law describe the actual numbers of electrons present in a given system 
of energy levels. In metals, where the energy levels are distributed in 
an uninterrupted quasi-continuum, this adjustment is easy to make and 
the Fermi level turns out to be substantially independent of tempera 
ture. In semiconductors, where the distribution is interrupted by the 
energy gap, the Fermi level turns out to depend strongly on tempera 
ture as will now be seen 
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Consider the case of an n-type semiconductor containing NV, donors 
and NV, acceptors per unit volume where NV, > N,. Let their energy 
levels be respectively e, and ¢, and let the top of the valence band be 
éy and the bottom of the conduction band e,. All of these energies are 
depicted schematically in Fig. 1. Our problem is to find how these 
various states are occupied at various temperatures. 

Let n be the number of electrons per unit volume in the conduction 
band, n, be the number of electrons per unit volume bound to donors, 
p be the number of holes per unit volume in the valence band and p, 
be the number of holes per unit volume bound to acceptors. Each of 
these four quantities must be governed by the distribution laws. 
The parameter ¢, must be chosen so that for each different distribution 
(at different temperatures) the material contains the same net number 
of electric charges. We know that the total number of excess electrons 
(over and above the electrons contained in the perfect covalent struc- 
ture) is always given by V, — N,. It follows that at all times 


n“ MD P Pa Np N 4 
The parameter ¢, must be chosen so as to satisfy this equation. 

Let us suppose for the moment that we know the value of a number 
N,~ which is the effective number of states per unit volume in the 
conduction band, all of which have energy e,. Let N, be the same 
quantity in the valence band having energy ¢,. Then we can write 


at once that 


, ©xp i= a ') 


By substituting all four of these expressions into Eqn. 7, we obtain an 
expression that can be solved graphically for the elusive e,. A typical 
result for n-type germanium is shown in Fig. 2 where the zero of energy 
is taken at the middle of the energy gap and particular values are 
chosen for NV, and N,. At very low temperatures ¢, approximately 


= 
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coincides with e,; at moderate increasing temperatures ¢, falls toward 
the middle of the energy gap; at high temperatures it occupies the 
middle of the gap. 

Whenever ., is greater than NV, so that we have p-type material, 
at low temperatures ¢, approximately 
rises toward 


this whole result is inverted 
coincides with 4; at moderate increasing temperatures &; 
the middle of the gap; at high temperatures it again occupies the middle 


of the gap. 
Fig. 2 also shows the value of £7’ as a function of temperature. It is 


obvious that the quantity e, y 18 several times greater than k7' at 











Fig. 2 Effect of t mperature on the Fermi level in a typical example 


ot n-type germanium 


all temperatures of interest. It follows that the exponential term in the 


denominator of Eqn. 8 is very large compared with unity which latter 


can therefore be neglected Eqn 8 then takes a simpler (Boltzmann) 


iorm 
) | | 
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Similarly, from Eqns. 10 and 11 we obtain 


2\ , exp — . (14) 
7 

It should be noted however, that at low temperatures En ex 

approaches zero and therefore becomes comparable with k7'. Accord 

9 cannot be simplified in this way at low temperatures 


ingly Eqn 
(If we have p-type material, Eqn. 9 


when we have n-type material 
can be simplified but Eqn. 11 cannot.) 
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Effective Numbers of States in Bands 


We are now in a position to see how the numbers Ny and Ny, are 
obtained. Let N(e)de denote the number of electronic states per unit 
volume with energies between e and de near the bottom of the conduc- 
tion band (or near the top of the valence band). These states will be 
occupied according to the Fermi-Dirac distribution law. The number 
of electrons in this range is therefore 


dn N(e)f,,(e)de pete? 


and integrating from the band bottom ¢, to the highest energy occupied 
€yy, we find 


(Pe 


n | Neofaledde po. ce 2 a 


Simple band theory says (see SHockLey,” p. 221) that 


4n(2m)3/2 . , 
N(e) i: ( Eo) cs +) «a ae 
,: 
where m is the effective mass of the electron and h is Planck’s constant. 
We can also make use of the simplification of Eqn. 12 
fal = (18) 
,(€) = exp a . a “4 8 
' kT 
Since the fraction f, decreases rapidly as e rises, we can extend the 
upper limit of integration to infinity without introducing any error. 
Finally then 
aa - 
n . & — &q) exp | 
h® Je 


sf 


9/9. ./'*»'3/2 — 
2(2amkT') ep 


“€ 
exp | - 
h8 kT 
Comparing Eqns. 12 and 20 we see that 


: 2(2armkT')3/2 
No | 
h3 
which becomes 
No = 4:82 x 10% 73 cm- > « « «a 


if m is the rest mass of an electron. By exactly the same reasoning 
we can show 
2(2a2mkT')3/? 


N; p3 


where m is now the effective mass of a hole (approximately equal to 
that of an electron). 
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Results 


We shall now gather together the results of the application of Fermi- 
Dirac statistics to semiconductors. In particular, let us consider an 
n-type sample of germanium. If the zero of energy is chosen at the 
centre of the energy gap, a possible set of numerical values will be 


V» LO” em 
Ni, 104 em- 
0-36 eV 
0-36 e\ 
0-32 e\ 
32eV 
Lo 7° 


The Fermi level ¢,. for this material is given as a function of tempera 
7] 


ture in Fig. 2. Using these values, we can find n, p, n, and p, at any 


temperature from the equations we have derived 


Ps ~- , exp | — ; . (14) 


The results are shown in Fig. 3 where curves are given for np, n 
and p as functions of temperature ranging from 0 to 600°K (Pp, 8 
negligible throughout this temperature range). At 0°K all electrons 
will lie in the lowest energy states permitted by the Pauli exclusion 
principle. This means that some of the electrons from the donors will 
occupy all the empty low lying acceptor states leaving Ny N, 

y 10") excess electrons bound to the donors. As the temperature 
rises substantially all these electrons remain bound to donors until 
the temperature is high enough (~ 30°K) to excite appreciable numbers 
across the narrow gap into the conduction band. The temperature 
range 0-30°K is therefore called the bound range and is shown on the 
n, curve in Fig. 3 

At higher temperatures (~ 100°K) substantially all the excess 
electrons are excited into the conduction band. However no appreciable 
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excitation from the acceptor or valence band states occurs until much 
higher temperatures are reached (~ 325°K). Accordingly, the number 
of carriers remains constant in the range 100-325°K which is therefore 
called the saturation range and is shown on the n curve in Fig. 3. 
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Effect of temperature on concentrations of electrons, holes and 


un-ionized donors in typical n-type germanium 


Above 325°K an appreciable number of electrons is excited from the 
valence band to the conduction band leaving holes behind. The elec 
trons so produced will greatly outnumber VV, \, at temperatures 
much above 450°K and will in fact become approximately equal to the 


number in an intrinsic specimen. The range above 450°K is therefore 


called the intrinsic range. 
These same features are found in the behaviour of all semiconductors 


Of course the actual locations of the bound, saturation and intrinsik 
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wes will depend on composition, on the positions of the impurity 
energy levels and on the width of the energy gap In Pp type semi 
conductors identical reasoning applies: in the bound range the excess 
holes (\, \,) are all bound to acceptors; in the saturation range 


they are : n the valence band; in the intrinsic range they become 


negligible compared with thermally generated holes and electrons 


In pu 7 , ’ r 
The semiconductor described above is a synthetic model in that the 


values of donor and acceptor energy levels and the numbers of donor 


and acceptor atoms were chosen for ease of calculation Actual values 


ot donor ind acceptor energy levels have recently been listed by 


Burton’ and appear in Table 1. Instead of giving energy values with 


rABLE |! 


f Img 


0-0104 0-045 
rO102 0-057 
0-0108 0-066 


0-O112 0-16 


lable gives 1 und 1 I 
between i donot level and the conduc 
the valence band and an vcceptor level 


hold electrons in each of two energy 
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Mobility Measurements and the Hall Effect 


The preceding section has shown how the number of carriers, n and/or 
p, may be calculated at any temperature for a semiconductor containing 
given numbers and kinds of donors and acceptors. The phenomena 
we propose to study are those which create or change the number of 
donors or acceptors. Consider, for example, a diffusion experiment in 
which the component diffusing into a semiconductor acts as a donor. 
The new donors will obviously change the number of carriers. If we 
can measure this change, we can easily calculate the rate of accumula 


tion of the donors. 


Mobility Measurements 
If only one kind of carrier is present (temperature well below the 
intrinsic range) the number of carriers is closely related to the electrical 
conductivity o 

o neu,, (Or peu.) ; j . (22) 


It follows that if we have some way to determine independently the 
mobility u, the number of carriers can be obtained from conductivity 
measurements. One such independent experiment is the measurement 
of drift mobility.“ For this purpose an electric field is imposed between 
the ends of a semiconductor bar. A pulse of carriers, electrons into 
p-type and vice versa, is injected through a point probe called the 
emitter located along the bar. This pulse will drift down the electric 
field and will arrive at another probe called the collector after a time 
interval ¢. If L is the distance and V the potential difference between 


emitter and collector, then 
(23) 
This mobility is exactly the quantity needed in Eqn. 22. 
Prince’ has measured mobilities in this way as functions of tem- 


perature. His results are given in Table 2 for both germanium and 


silicon in which impurity concentrations are not too high (i.e. ger 
manium and silicon with resistivities greater than 10 ohm cm). Outside 


TABLE 2 
Mobilities of Charge Carriers in Semiconductors" 
(Carriers VM obility in Ge (m?*/V sec) M obility in Si (m?*/V sec 


Electrons 35007 -** 5507 
0-390 + 0-010 at 300°K 0-120 + 0-010 at 300°K 


91,0007?" 24,000 T-** 


(0-190 0-005 at 300°K (0-050 0-005 at 300°K 
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these limits the results should be corrected for the scattering effect of 
13 


the impurity atoms 
The Hall Effect 
An entirely different type of experiment is one that permits a direct 
measurement of the number of carriers in any conductor. This can be 
lone without reference to mobility through use of the Hall effect 

The Hall effect concerns the interaction of the current carriers in a 
conductor with an applied magnetic field. Consider the experiment 
pictured in Fig 4 all units being MKS Let electric field of strength 


+4 


* TRANSVERSE FLOW 
| OF ELECTRONS 
{ 


C 


all experiment on p- and n-type 


onductors 


E, be applied to a long bar of extrinsic material having conductivity o 
A current of density 


/ Eo (24 


will then flow in the longitudinal direction. This current can be pro 


duced either by a flow of holes in the direction of the current. Fig. 4a 


or of electrons in the opposite direction, Fig. 46. Now let a magnetic 
field of strength B be applied in the Z-direction. The carriers, either 
electrons or holes, will receive a thrust in the Y-direction which 


Wil cause an excess ol carriers to appear at the Y side of the speci 
men and a deficit at the Y side. Thus a transverse electric field 
E. is generated The sign of this field will evidently depend upon 
whether the carriers are holes or electrons. £, will oppose the transverse 
thrust on the carriers and it will build up until the transverse flow is 
stopped, whereupon a steady state will have been established. The 
current flow then will again be longitudinal (X-direction), but the net 
electric field £ will not be parallel to the current. Rather it will have 
the components BE. and i The angle between EZ and / is called the 
Hall angle and is defined as 


(25a) 
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Usually £, is small compared with Z,, so we can replace tan 6 by 6 
itself. Thus 


(25b) 


The value of 6 will depend upon details of the motion of the carriers 
in the steady state. In particular it will depend on the mean time 
between collisions of a moving carrier with atoms in the crystal. In a 
perfect infinite crystal, there would be no collisions (scattering) at all. 
In a real crystal, the predominant scattering is usually the result of 
thermal vibrations of the atoms, but if the crystal is highly impure 
there may be appreciable scattering by impurity atoms as well. An 
analysis* that we shall not go into here indicates that at temperatures 
high enough so that thermal scattering predominates, the Hall angle 


is given by 


uB (radians) : (26) 
* 


where the plus sign applies to holes, the minus to electrons. Com 
bining Eqns. 25 and 26 and solving for u, we have 
SLE 


. , 4 
(m*/V sec) 


3n BE 


z 


Positive values of £, yield the mobility of holes u,; negative values 

yield the mobility of electrons wy... 
In effect, Eqn. 27 enables us to determine what is called the Hall 
mobilityt from the Hall angle. It is more usual to find the number of 
99 


carriers from Hall experiments by combining Eqn. 27 with Eqns. 22 


and 24. Thus 


whence 


Ri, (m3/C) : . (28) 


The (experimental) ratio on the left is usually denoted by Ry, and is 
called the Hall coefficient. It is related inversely to the number of 
carriers and its sign determines the type of carrier (plus for holes). 
Solving for the number of carriers, we obtain 

37 


s ¢ Ry 


(29) 


* See SHock.ey," p. 206. 
+ The Hall mobility is 32/8 times the value of u given by Eqn. 27. The actual drift 


mobility may be less than this uv if continuous trapping of carriers occurs. 
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p-n Junctions 


A p-n junction occurs in a semiconductor wherever there is an abrupt 
change from an excess of acceptors to an excess of donors. This change 
is usually brought about by a variation in chemical composition. It is 
appropriate to consider briefly the special electrical properties of typical 
junctions since they will figure in later considerations. 

At equilibrium the average energy of an electron on one side of a 
junction must clearly be the same as on the other side otherwise the 
electron would flow to the side with lower energy. Translated into 
statistical terms, this statement means that the Fermi level must be 
the same on both sides. Fig. 5a shows schematically the band structure 
near a p-n junction at a temperature in the saturation range. On the 
p side the Fermi level is near the acceptor levels; on the n side it is 
near the donor levels. Accordingly, the conduction and valence band 
boundaries must go “‘down-hill’’ as we move through the transition 
zone from p- to n-type material. Electrons will always seek the lowest 
accessible energy state while holes seek the highest. Therefore, as a 
result of the “hill,”’ electrons in the conduction band tend to remain 
in the n-type material and holes in the valence band in the p-type 
material. When thermal equilibrium exists, only few electrons will 
have enough energy to climb the hill (or holes to climb down the hill). 

Suppose we apply a potential difference AV to the two sides of the 
junction such as to cause electrons to move toward the p-type material. 
The Fermi levels on the two sides of the junction will thereby be 
displaced from one another by an amount eAV. This will lower the 
hill as in Fig. 5b and permit some high thermal energy electrons to 
flow from n to p and some high thermal energy holes to flow from p 
to n. Electrons on the p side will soon combine with holes (or be 
otherwise trapped) and vice versa. Continuous thermal equilibrium 
will ensure the presence of other high energy electrons and holes 
which can continue the process. A steady state will ensure wherein 
a given potential difference causes a definite current to flow. 

Reversing the potential heightens the hill as in Fig. 5¢ and causes 
the chief carriers to move apart and away from the junction. Prac- 


tically no current will flow across the junction in the direction of the 


potential difference because there are so few holes in the n-type or 
electrons in the p-type material able to so flow. Thus we see that the 
junction acts as a rectifier, passing current easily in one direction only. 
This action provides the basis of many of the devices of solid state 
electronics 

Suppose we were to measure the conductivity of the material 
described in Fig. 5a over extremely narrow gauge lengths at various 
points across the junction. We would expect the n- and p-regions to 
show large extrinsic conductivity. However, in the transition zone 
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the excess respect ely of donors and acceptors decreases and somewhere 
in the middle exact compensation will occur. At this point the material 
will show only very low intrinsic conductivity. We therefore conclude 
that every junction contains a narrow region ol relatively high resis- 
tivity. Junctions can be easily located by finding these regions with 
electrical potential probes 

Summary 


Following is a summary of the facts developed in this section on 
electrical properties which are important for understanding the 
measurements of fundamental phenomena described hereafter. 

(1) Electrons in the conduction band and holes in the valence band 
provide independent mechanisms for conduction of electrical currents 
in semiconductors 

2) In ideally pure semiconductors these electrons and holes are 
generated in equal numbers by excitation of valence electrons across 
the characteristic energy gap between the bands The resulting 
conduction is called intrinsic conduction 

(3) Excess donor or acceptor impurities can easily provide additional 
electrons or holes by excitation across their narrower gaps from the 
respective bands. At temperatures sufficiently low, these carriers will 
dominate over the intrinsic carriers and produce extrinsic or impurity 
conduction. Excess donors cause electron conduction and n type 
material: excess acceptors cause hole conduction and p-type material. 

(4) The Fermi-Dirac statistics enables us to carry out either of two 
alternative calculations Given the number and energy of excess 
donor or acceptor states we can calculate the number of carriers they 


produce Given the number of carriers we can calculate the number 


and energy of the respective states 

5) Numbers of carriers and Hall mobilities can be determined from 
Hall effect experiments 

6 Numbers ot carners can also be determined directly from 
conductivity measurements (o neu) if the drift mobility is indepen- 
dently known or measured 


7) At such locations in a crystal where composition gradients occur 
in sufficient magnitude to change the type of the conductivity, p-n 
junctions occur which can be accurately located with simple electrical 
probes 
lil. Eq@vurmiBpRium 

Under the heading of equilibrium are included the many properties of 
alloy systems that can be plotted on or derived from constitution 
diagrams. We shall be particularly concerned with solid solubilities, 
with liquidus and solidus lines and with distribution coefficients. 


Interest in these matters is usually two-sided. First, the equilibrium 
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properties of a given system are important in their own right in that 
they guide us in the uses to which the alloy may be put. Second, these 
properties are the subjects of direct prediction from theories of matter 
and in so far as agreement exists between theory and experiment, we 
gain confidence in the understanding that theory affords. Semi- 
conductors offer opportunities for relatively simple measurements of 
some equilibrium properties which are often difficult to measure in 
purely metallic systems. Furthermore, they permit such measurements 


® or less. These methods 


at dilutions as low as atomic fractions of 10 
will be described and their results considered in relation to general 
theory of solutions. 
Experimental Methods 

The new experimental methods are chiefly concerned with the measure 
ment of solubilities in semiconductors. These include the determination 
of both solidus and solid solubility lines. Three methods have been 
extensively studied by FULLER and his co-workers: * 2” and are 
summarized in a paper”) describing the measurement of the solubility 
of copper in germanium. Their descriptions follow. 


The Conductivity Method 

The basic principle involved here is the determination of the change in 
the number of carriers when a semiconductor is saturated with a solute. 
This change is then easily related to the number of solute atoms 
added. Donor solutes are usually dissolved in low-conductivity 
p-type material; acceptors in low-conductivity n-type material. 

The initial conductivity of the solvent a, is first accurately measured 
with a four-point probe@® at room temperature. This temperature 
lies in the saturation range of germanium and silicon so that the low 
conductivity material acts as an extrinsic semiconductor in which the 
effect of minority carriers is negligible. In further consequence, the 
number of majority carriers is not much affected by small variations 
in temperature. The initial number of (majority) carriers per unit 
volume n, is given by 


(30) 


The mobility of these carriers can be measured by an independent 


experiment although it will usually suffice to take it as 3900 cm?/V sec 
for electrons or 1900 cm?*/V sec for holes at 25°C, no impurity correc 


tions being required for the relatively pure low-conductivity material. 

Excess solute is deposited on the carefully cleaned surface of the 
specimen which is then heated in an inert atmosphere to the temperature 
of study for sufficient time to establish (near) equilibrium. Alterna 
tively, the cleaned specimen may be heated in contact with a vapour 
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containing the desired solute After quenching to room temperature 
the final conductivity ¢, is measured with the four-point probe. The 


final number of carriers per unit volume n, is then given by 


(31) 


Since the material is again in the saturation range and assuming that 
donor and acceptor atoms acquire only single charges, it follows that 
n, is equal to the excess number of donors or acceptors per unit volume 
after saturation with solute. If this number is large, it will probably be 
necessary to correct uw tor impurity scattering before using Eqn. 3! 
This can be done by the empirical method developed by Desye and 

1) and by PRINCI 

procedure is followed of saturating p-type material with 

id vice versa, the conductivity types of the initial and final 
material will be different. e.g. an initial excess of acceptors will be 
changed upon saturation to an excess of donors. It follows that the 
solubility S, expressed as total added solute atoms per unit volume 


initia ind final numbers of carriers per unit 
(32) 


p-n Junct 

this method a bar « he initial material p-type tor the measurement 
r solubilities versa) contains a large known resistivity 
such that at one end the concentration of excess impurity 
and at the other end less than the solubility to be measured 
such a bar is uniformly saturated with solute, there will be an 
one end. an excess of donors at the other and a 
ymewhere in the middle. The junction will occur where 
mcentration of solute equ ils the initial concentration of 
pos! } Thus by locating the junction the 

from the known initial gradient 


ge irom near-compensation 


it the other The exact shape of this 


DASSING a known current through the 


5-10 mil 


increments along it 
re in conductivity thus found 

or gradient with the aid of Eqn 

eaned to remove spurious suriace 

ial is deposited on it After heating 

» desired tem near) equilibrium is established, it is 


The junctio he wated with the potential probe The 


umber o mpurity atoms per unit volume at the 


» 
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location where the junction now lies is directly the solubility S of the 


solute. 


The Radiotracer Method 


This method, while not new or limited to semiconductors, is useful as a 
standard of comparison for establishing the validity of the above two 
methods. The procedure is straightforward. Radioactive solute is 
deposited on the cleaned surfaces of the solvent, which is then heated 
to the desired temperature until equilibrium is established, and 
quenched. After removing excess solute from the surfaces, the specimen 
is crushed or dissolved and counted to determine the concentration of 
radio-solute atoms per unit volume. 

FuLLER and SrrutTuers™) employed radio-copper in such experi- 
ments and in diffusion studies to show that copper is at least one form 
of the “thermal acceptor” in germanium which is sometimes called 
“thermium.” This phenomenon is sufficiently important to deserve 


a brief discussion here. 


“*Thermium” 

It was discovered some time ago by THEvERER and Scarr* that 
whenever germanium was heated above about 550°C it rapidly acquired 
new acceptor centres of unknown nature. The phenomenon occurred 
even after the most careful cleaning then used. It was also discovered 
that these ‘thermal acceptors” could be removed by prolonged heating 
at 500°C. It did not seem likely that vacancies generated at high 
temperatures could be quenched in by the treatments used, so suspicion 
centred on undetected trace amounts of surface impurities (“ther 
mium’’) that diffused rapidly into the specimen at high temperatures 
and precipitated out again at 500°C, 

FULLER et al.”®) were able to establish the solubility of ‘“thermium”’ 
and its diffusion coefficient. The extremely small solubility ranged from 
10% cm-* at about 525°C to 10° em-* at about 850°C. The diffusion 
coefficient was found to be of the order of 10~° cm?#/sec at 800°C which 
is one of the largest ever found for diffusion in the solid state. It is 


given by 


dD 0-02 exp (33) 


12.000 
RT 


In the work referred to above, FuLLER and StrutTuers” were able to 
show that the solubility and diffusion coefficient of copper in ger 
manium were entirely consistent with those of the “thermium’”’ and 
their identification has become widely accepted. 

It will be obvious that in any experiment involving germanium 
heated to high temperature, either precautions must be taken to 
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prevent the introduction of copper oO! expl it account of its introduc 


tion must be made. Undetectably small traces of surface copper 
suffice to saturate the semiconductor and it is now known that once 
ned of such traces, the material must be kept from 

but equally clean objects."* Heating by passing 

sugh the semiconductor itself has proved a convenient way 

contact The enormous diffusion rate of copper 


contaminatior wil rapidly saturats the whol 


cent cde velopmé nt’ indicates that plating the vermanium 
with gold will prevent the introduction of copper into the 
even alter ordinary preparation and heating The gold acts 
for copper. Finn“ has also reported that copper 


germanium by heating it acuo by means 


letermining solubilities is obviously the 
( It affords a direct measure of the 
iven temperature rey irdiess of whether 


during the quen n Dhe speed of the 


The only limitations on the method 

necessa;ry isotopes ind the speed and 

ist often be handled hese limita 

s therefore fortunate that this method 

more convenient electrical methods 
is been mace 

m methods have in common 


mm Impropel control 
produce other than one carrier per atom 
mpletely maintained in solution during 


r) might appreciably 
ul cece Dpto in the manner 
i later sectior 
about in either of two wavs 
me extra electron 
lar Irom the appropriate valence 
he materia! ow the saturation ran 
to p iblished energy levels such as were 
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necessarily mean ll hold two electrons under the conditions ol 





EQUILIBRIUM DIFFUSION AND IMPERFECTIONS 


measurement. Rather it may hold one electron in either of two energy 
states depending on the position of the Fermi level. 

The second type of error might be expected whenever extremely 
rapid precipitation of impurity occurs. Some evidence exists of failure 
to retain complete solution in quenched semiconductors.“ 

The third type of error is a real hazard with both methods of measure 
ment. However, in the resistivity method, if we start with a solvent 
of sufficiently low conductivity, the excess donors will probably be too 
few in number to affect seriously the solubility of acceptors. In the 
p-n junction method the excess donors cannot be few, and the Reiss“ 


effect should occur at low temperatures as we shall see later 


Results of Solubility Measurements 


Both solidus and solid solubility lines can be found by determining the 
amount of solute in saturated solid solvent using the methods described 
above. Distribution coefficients, which are the ratios of solidus to 


liquidus compositions at the same temperature, require that the 
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Fig. 6. Schematic phase diagrams showing: (a) normal solidus; 


(6) retrograde solidus 


solubility in the liquid phase also be known. The limiting values of these 
coefficients as temperature rises are very important because they con- 
trol the operation of the zone refining process discovered and developed 
by Prann®® which makes possible the extraordinary purity required 
of semiconductor materials for device use. Impurity levels as low as 


one atom in 10° are commonly obtained. 


Solid Solubility Measurements 

Among the most interesting of recent measurements of solid solubility 
by some or all of the above methods are those of copper in germanium, ‘”’ 
copper in silicon, lithium in germanium,”® lithium in silicon,“®, * 
antimony in germanium) and nickel in germanium. All of these 
show the phenomenon called retrograde solubility which is illustrated 


in Fig. 6. Usually the solidus line of a system runs monotonically from 
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the melting point to the eutectic (or other) temperature as in Fig. 6a. 
Retrograde solubility occurs when the solidus line turns backward as 
in Fig. 65 before the eutectic temperature is reached. The theory of 
this phenomenon will be discussed later 

Smoothed experimental curves resulting from the above measure- 


ments are given in Figs. 7 and 8. Here we have plotted the results as 





: a 





























Solidus lines for various solutes in germanium 





_ 


8. Solidus lines for various solutes in silicon 


conventional solidus lines with temperature as the ordinate. The 
abscissa is log atom fraction in order to provide a compressed scale. 


Eutectic temperatures are shown in some cases. 
Distribution Coe fhicve nis 


The technique most used to find the solubility in liquid required to 
determine distribution coefficients is derived from that of PEARsoNn 
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et al. A known amount of solute is added to the melt from which 
a crystal is grown. The concentration of solute is then found at some 
region in the crystal by one of the above conductivity or radiotracer 
techniques. The concentration in the liquid with which this part of 
the solid was once in equilibrium can be found from the sum of the 
solute in subsequent portions of the crystal; or it can be found by 
subtracting from the original amount in the melt the total solute in 
previous portions of the crystal. The distribution coefficient is then 
the ratio of the concentrations in the solid and liquid 


Any consistent concentration units can be used. 

It is well known that sufficiently dilute solutions become ideal in 
behaviour and that their solidus and liquidus lines therefore become 
straight. Accordingly, the distribution coefficient should become 
constant as the system is made increasingly dilute. The solubility of 
the various solutes in germanium and silicon is so small that the laws 
of dilute solutions should apply at least out to concentrations where 
retrograde solubility begins to interfere. We can therefore assume 
that the values of k determined from sufficiently dilute crystals are 
equal to the limiting value k* at infinite dilution. 


TABLE 3 


Distribution Coefficients in Semiconductors 


Tetravalent 
Element k*® in Ge k* in Si 
radius 


» 10 0-9 
0-10 > 0-004 
0-10 0-01 

“001 0-0005 
‘00004 
“12 0-35 
04 0-3 
003 0-04 
00004 
-02 0-02 
Ol 
Ol 
000015 0-0004 
0001 
00003 0-00003 
0-00005 
10-* 
10-7 
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Values of distribution coefficients in germanium have been determined 
by Burton et al. and in both germanium and silicon by Hau.‘ 
Burton has summarized all of these together with some additional 
values reported to him privately. His summary is given in Table 3. 


T he ore tical ( ‘onside rations 
We shall now consider the relationship between these observations and 
theory of solutions showing how retrograde solubility can be accounted 
for and finding how the presence of one solute may be expected to 


influence the solubility of another 


Retrograde Solubility and listribution Coefficu nts 


It appears that the existence of retrograde solubility was first predicted 
by vAN LaarR™) as long ago as 1908. In the course of a development 





| 
| 





N 


Entropy versus composition for liquid and solid phases 
normal behaviour and (8) retrograde behaviour After 


MEIJERING” 


of the various types of constitution diagrams from synthetic thermo 
dynamic curves, he proposed one similar to Fig. 66. Evidently his 
prediction was forgotten or overlooked because when retrograde 
solubility was experimentally discovered in several metallic alloys, 
for example in Zn—Cd, Ag-Bi and Ag-—TI, the cause of the behaviour 
was not understood. In 1942, Scner.'® again predicted such behaviour 
though not in any detail. Meriserre’) elaborated the theory in 
1948. In brief, his argument rests upon a consideration of the entropy 
of liquid and solid solutions in equilibrium. Fig. 9 shows schematic 


entropy curves {ol possible solutions as functions of composition at 
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some known temperature. If we know the compositions of these two 
phases when they are in equilibrium, the entropy of the two-phase 
mixture must lie on the straight line between their corresponding points 
(line A). If the solid solubility is very small (line B), the situation 
may arise where the entropy of a slightly more concentrated solid 
solution is greater than that of the corresponding mixture of phases. 
In this case retrograde solubility will ensue. Meijering calculated 
conditions for such behaviour using simple models. 

THURMOND and StruTHERS™) have given a more detailed analysis 
which shows clearly that retrograde behaviour is a natural phenomenon 
in solutions that are in no way unusual. They assume that solid 
solutions in germanium are regular, that liquid solutions are ideal and 
show that retrograde solubility should occur whenever k* is less than 
about 0-10. This report is in accord with currently available data. 

The analysis of THuURMOND and StrutHers” rests on equating 
expressions for the partial molar free energies of the solute in the liquid 
and solid solutions. In the solid solution this quantity is given by 


FS = (F.5), + RTInySx5 . . . . (35) 


where (/’,°), is the molar free energy of pure solid solute, y,° is the 


S 


activity coefficient of the solute and z,° its atom fraction. In a regular 


solution the differential heat of solution of the solute AH, is given by 

AH,” RT \n y,” ibn a es “ale a 

If the liquid solution is ideal, the same equations apply except y,” is 

unity. Combining Eqns. 35 and 36 and equating Ff,‘ and F,” we have 

(F.5)y + RT nz,’ + AH,S = (F,”), + RT Inz,! 

If AH, is the heat of fusion of pure solute and AS, its entropy of fusion, 

then 

AH, TAS, . . . .« (38) 

so that, remembering / x,°/x,”, Eqn. 37 can be rewritten 
AH, AH,» AS, 
RT R 


In k 39) 
We know that as 7’ approaches the melting point 7’, of the solvent, 
k must approach its limiting value k*. This fact, together with Eqn. 
39, permits us to show that 
AS, (T;, 
— l (40) 
7 


T’, 
In k — In k* 
| 


The liquidus line for dilute solutions should obey the ideal expression 
AH, | | 
r T’ 


I 


In (1 2”) (41) 
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germanium, 7', and AH, are respectively 1210°K' and 8100 cal 
Noting that the entropies of fusion AS, do not vary much from 

to metal, a representative value of three entropy units can be 

osen. Points along the liquidus line can then be calculated from 
Eqn. 41 which, with the help of & from Eqn. 40, yield points along the 
solidus. Solidus lines for various values of k* have been calculated in 
by Thurmond and Struthers and are shown in Fig. 10. The 


retrograde behaviour at k* (10 is evident 
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He finds that the minimum of the free energy curve for the solid is 
given by an expression of the form 


A exp a) 2 oo o Zz 


and, further, that at temperatures not too high (7' less than 800°C for 
Cu in Ge) the common tangent is nearly horizontal. Thus the solid 
composition 2g, is approximately equal to x, and increases with tem 
perature according to Eqn. 42. However, at higher temperatures the 
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Fig. 11. Free energy versus composition curves for solid and liquid 
phases showing common tangent and equilibrium compositions. 


HoDGKINSON'®®)) 


liquid curve sinks more and more rapidly with respect to the solid 
curve so that the point of tangency z, begins to decrease again. Satis 
factory agreement with experiment is obtained when the parameters 


of the theory are suitably evaluated. 


The Reiss E ffe ct 
te1ss™ has worked out an ingenious analogy between ionizing 
impurities in semiconductors and electrolytes dissolved in an ionizing 
medium like water. The semiconductor plays the role of the water 
and partially dissociates to form electron-hole pairs which are treated 
as chemical entities akin to hydroxyl and hydrogen ions. In the presence 
of this medium, the impurity atoms become “hydrolyzed.” In this 
new formalism, solubilities and interactions among ionizing impurities 
can be treated in terms of the law of mass action. 

Consider, for example, placing a pure semiconductor in contact with 


an alloy or other medium containing a donor species in a state of con 


stant activity «. At equilibrium the semiconductor will have become 
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donor which will then exist both as un-ionized 


itoms J). and as ionized donor atoms D The following equilibria 


be written 


dD, DD Db 


. 


activities of the various species the 


in be formulated 


i 
D. 
i 
i 
and noting that concentrations of 


isually so small that activities become 


line these become 


exp ( 


now be used to calculate, for example the 
We know that for electrical neutrality 
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Eliminating p with Eqn. 52, n with Eqn. 53 and n, with Eqn. 54 and 
using Eqn. 49, we have for the solubility S 


Kak, 
(Kak, K,)'* 


0 


Reiss shows that if « is assumed nearly constant with temperature, 


then 


Kak, Jexp | ed, 


where # is nearly constant and » is the heat of solution of an ionized 
donor atom 

by consideration of the tem perature dependence of these A’s, it 
becomes evident that at low temperatures A, is negligible compared 
with K so that the solubility S 
Ky 


again. Here then is still another description of retrograde solubility 


9 Increases with temperature However 


will overtake A and at high temperatures the solubility will decrease 


This time we say that at high temperatures the large number of intrinsic 
electrons represses the ionization of donors and shifts the equilibria 
in Eqn. 43 to the left 

Rerss and FuLLer”’ first compared the theoretical result given here 
with the early experimental data on the solubility of lithium in silicon 
obtained by Futter and Dirzensercer” (Fig. 12a, Curve A 
More recent and more accurate data have since been given by REIss 
et al.™ The new data are shown as filled circles in Fig. 12a and are 
also the data used in Fig. 8. The sharpness of the peak is not in accord 
with the theory given above and may possibly be due to lack of con 
stancy of « in Eqns. 56 and 57 or to some other cause 

Reiss and Futter™’ have extended the theory to find the effect 
of previously existing acceptors on the solubility of donors and vice 


versa. The equilibria for this case are 


which introduces one more temperature dependent mass action 


expressi mn 


(59) 
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where 
(60) 


Pa 
Electrical neutrality now requires that 


D p [ . (63) 


Manipulation of all these equations yields an expression for the solu 
bility of donors S in the presence of N, acceptors per unit volume, S, 


being the solubility in pure solvent 


The authors tested Eqn. 64 against their experimental values of the 
solubility of lithium in boron-doped silicon at low temperatures using 
the data for S, contained in Fig. 12a. The excellent agreement is 
shown in Fig. 12) 

At higher temperatures the agreement breaks down because of the 
complex behaviour of interstitial lithium. In a later paper‘ it is 
proposed that whereas lithium ions are largely interstitial at low 
temperatures, at high temperatures they readily enter the vacancies 
which are increasingly generated. While occupying such a vacancy, 
a lithium ion plus an act epted electron should be able to form a covalent 


bond with a neighbouring boron ion. Thus the equilibria described in 


Eqn. 58 should apply only at low temperatures and a new set of 


equilibria 
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SOLUBILITY OF Li IN 
Si_ VS TEMPERATURE 














Fig. 12a. Solubility of lithium in silicon as a function of temperature. 
Curve B: pure silicon; Curve C: boron-doped p-type silicon. (REIss 
et al,‘**) 
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Fig. 12b. Solubility of lithium in boron-doped silicon at low tempera- 
tures. (REISS and FULLER™*’) 
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should apply at high temperatures. The new equilibria can be shown 
to introduce an additional term in Eqn. 64 which makes the new 


solubility S’ become 


(66) 


where 
(Li Bo] 


A (67) 
' Li*}| B-][ 

The new A, should depend exponentially on temperature so that at 
low temperatures, where A, is very small, the new term in Eqn. 66 
will vanish and Eqn. 64 will apply. Accordingly boron will increase 


the solubility of lithium at low temperatures, but this solubility will 


decrease as K, becomes large. However, at high temperatures the 
new term in Eqn. 66 will come into play and will approach the constant 
value .V,, as will the solubility S’. 

Reiss et al.) measured the high temperature solubility of lithium 
in boron doped silicon containing 1-9 10° boron atoms per ecm?®, 
They evaluated the temperature dependence of K, by appeal to two 
of their experimental points and then calculated S’ over the entire 
temperature range using Eqn. 66. The calculated values are plotted 
as curve C in Fig. 12a and the data are plotted as open circles. Agree 
ment again is excellent. 

It would appear that this remarkable mass action formalism has 
great potentialities for the study not only of solubilities, but also of 


vacancies, interstitials, other imperfections and their interactions. 


LV. Drrrvsion 


The types of diffusion that occur in solid semiconductors are believed 


to be the same as in most metals and alloys. Both interstitial and 
substitutional types have been recognized and studied. By interstitial 
diffusion we mean atom movements that start and end on interstitial 
sites, and by substitutional those that start and end on regular atom 
sites regardless of the mechanism of the movement. The ease and pre 
cision with which compositions of semiconductors may be measured 
by electrical means afford greatly simplified experimental procedures 


for studying the diffusion process. 


Ea pe rive nial Mi thods 


The methods that have been used to study diffusion in semiconductors 


fall into two general classes: those in which the diffusion coefficient 
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D is found directly by comparing experimental data with solutions 
of Fick’s law; those in which the mobility of diffusing ions in an electric 
field is observed directly and D is then calculated from the Einstein 
relation. This latter method has the advantage of giving additional 
information about the charge on the diffusing ions. 


Diffusivity Measurements 

In an early paper, FuLLER™) described a method for studying the 
diffusion of donors into p-type germanium or of acceptors into n-type 
germanium. The diffusing substance is deposited or plated on the sur 
face of a carefully cleaned sample and then partially diffused at some 
desired temperature. A p-n junction is thus formed between the 
material containing excess diffusing substance near the surface and 
the relatively little affected interior material. The concentration 
N, (atoms per unit volume) of the diffusing substance at this junction 
must necessarily be equal to the initial concentration of excess impurity 
and is given by 


(68) 

where a is the initial conductivity of the specimen. 
Fuller’s analysis assumes that the diffusion coefficient D is constant 
and makes use of the so-called step-function solution of Fick’s diffusion 


equation 


N, erfe 


2 m) 


where N is the concentration of the diffusing substance at distance / 
from the interface between the original plating and the sample at 


time ¢t, .V, is the concentration at the interface and 


erfe(u) exp (— y”)dy 


This solution is for a semi-infinite solid and satisfies the condition that 
N, remain constant at all times during diffusion. 

Fuller's procedure is to prepare two specimens having different 
initial conductivities, ¢, and o,, but otherwise identical. After identical 
diffusion treatments, the distances from the original plate-specimen 
interfaces to the p-n junctions, /, and /,, are determined with a potential 
probe on ground surfaces cut through the diffusion zones. Knowing 
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the concentrations at these junctions from Eqn. 68, two equations can 


be written 


N, erfe . (7la) 


l, — 
N, erte ~ (71lb) 

2vV Dt 
hese equations can be solved simultaneously for the two unknowns 
N, and D 
DUNLAP 
yn is not always completely valid, although it should give a good 


has noted that use of the step function solution of the 


approximation. He points out that this solution holds only so long as 
the plated layer is thick enough to maintain .V, constant throughout 


the diffusion process. But if the layer is thick enough to do this, then 


the concentration of diffusing substance near the surface must at all 
times exceed its solubility in the semiconductor. As a result, compound 
or other new phase layers in which the diffusivity is quite different 
may possibly form near the surface and obscure the desired results 
On the other e plated layer is quite thin, it will quickly 
semiconductor and a simple one phase 


influence of the resulting concentration 
it the surface will now decrease with 


law that satisfies this new condition is 


iD) 


oncentration of the diffusing substance in the 


» thickness, and / is the distance normal to the plated 


he distal ce to the june tion | by probing on 


a surtace « le so as to magnify the distance scale His 


equation I 


luctivity of the original material before 
He has found that D) is relatively insensitive 
depend critically upon possible 

iffusior The reason for this 

nitial rate of penetration of the diffusing 

he final position of the junction and this 


he established betore ev sporation can proceed very Ital 
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The results of this method were found to be in excellent agreement with 
those of the well-known radiotracer method which need not be 
discussed here. 

In a later paper FULLER et al.“ have described a simpler conductivity 
method, using a single specimen, which they applied to the diffusion 
of copper into germanium. After diffusion and sectioning in the usual 
way, the change in conductivity is measured at 5-10 mil intervals 
from the interface across the diffusion zone. The conductivity at each 
step is converted into number of carriers per unit volume by means of 
the relation n a/eu. Since the germanium is in the saturation range 
at the temperature of measurement, this number of carriers is equal 
to the number of excess impurities per unit volume. Thus a diffusion 
penetration curve is obtained which can be plotted as log (distance) 
against log (concentration). The resulting curve is matched against 
a curve of log |erfc (w)| against log u plotted to the same scale. N, then 
corresponds to the point where erfe (x) 1 and D is computed from 
the point where u = 2/2V Dt 1. Since this method uses the step- 


function solution, it also is subject to Dunlap’s comment. 


lon Mobility Me asurements 


The diamond structure, which is common to all of the semiconductors 


considered here, is a quite open structure containing large, easily 
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Fig. 13. Atom sites and interstitial sites in the diamond structure 
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is used so that the cloud will be bounded by a p-n junction which can 
be made visible by deposition of barium titanate under reverse voltages 
of about 40 V.“ The sample is then heated to the desired temperature 
and a d.c. electric field is applied for a fixed time. Usually the heating 
can be accomplished by means of the electric current produced by the 
applied field. The position of the junction is then redetermined at 
room temperature. It is found that the cloud will have spread out 
because of thermal diffusion which occurs radially. However, this 
diffusive motion is superimposed on a net drift in the electric field. 
If the centre of the cloud drifts a distance z in time ¢t in a field of strength 


E, then the mobility of the drifting ions is given by 


Kt 


Combining this result with Eqn 7 » obtain for the diffusion 


coethicient 


dD (76) 


By comparing the results of this method with their previous thermal! 
diffusion studies FULLER and Severiens™? were able to show that the 
ions obey the Einstein relation at least within experimental error 
They noted, however, some limitations to the method. The greater 
the rate of thermal! diffusion, the more inaccurate the determination 
of drift distance. This means that short times and large fields must be 
used. Useful temperature ranges are limited by increased thermal 
diffusion on the high side and by low solubility on the low side. Copper 
diffusing in germanium is about critical in these regards, having a low 


solubility and high diffusivity 


Re sults o} Di usion Measure ments 
Diffusion measurements fall naturally into two distinct classifications 
those of substitutional diffusion and those of interstitial diffusion. 
Whatever the mechanisms involved in either of these classifications 
the motion is governed by a diffusion coefficient D which always obeys 


a relation of the type 


D = D, exp | 


where ¢, is the activation energy required for an atom to make a jump 
and Dis constant. Both of these latter numbers are characteristics of 
the system in which the diffusion occurs. In practice, substitutional 
is distinguished from interstitial diffusion by that fact that D is several 


orders of magnitude smaller for the former. This comes about because 


3Y 
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e, is larger by virtue of the covalent bonds that have to be broken before 
a substitutional atom is free to move. Interstitial atoms need only 


squeeze through the throat between interstitial sites. 


Substitutional Diffusion 
The best measurements of substitutional diffusion in germanium appear 
to be those of FuLLER" on As, Sb, In and Zn and those of DunLapr™ 
on B, In, Ga, Zn, P, As and Sb. 

Fuller finds the donors As and Sb to diffuse in germanium at approxi- 
mately the same rate, their diffusion coefficients in cm*/sec being given 
by 


P 51.000 4 

D,. Dz, 0-71 exp | RT . « (78) 

where R is the gas constant in cal/mole°K. His data for In and Zn are 

fragmentary, but he indicates that the activation energy is of the order 
of 50,000 cal/mole. 

DuNLAP’s more recent data are also more complete. His results 
for diffusion into germanium are shown in Fig. 15 where they are 
plotted as log D against 1/7’. According to Eqn. 77 the slopes of these 
lines are equal to e,/k(= Y/R). It will be noted that the donors (P, As 
and Sb) all diffuse faster than the acceptors (Zn, In, B and Ga), the 
difference in their D-values being two to three orders of magnitude. 
Apparently this effect is related to the fact that the donors and acceptors 
are fully ionized at the diffusion temperature so that the positive donor 
ions are much smaller than the negative acceptor ions. If this size 
effect is real, it must influence the values of D, because the activation 
energies, as shown by the slopes of the curves in Fig. 15, are all equal 
to about 57,000 cal/mole. Only the activation energy for boron is 
anomalous. 

The self-diffusion coefficient for germanium has been studied by 
Portnoy et al.) and the diffusion coefficient is reported to be given by 


(79) 


as 


RT 


D 7-8 exp | 


Interstitial Diffusion 

The examples of interstitial diffusion that have been most extensively 
studied are lithium in silicon and germanium, copper in germanium, 
and nickel in germanium. The studies of lithium are the work of FULLER 
and Severrens™? using their ion mobility technique. Their most 
recent data show that in silicon the diffusion coefficient of lithium is 


15.200 
D = 23 10~* exp . « (80) 


RT 
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between 700 and 900°C, and in germanium is 
11.800 


10-4 exp —— 
R17 
in the same range. 
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Fig. 15. Diffusion coefficients of various solutes in germanium as 
functions of temperature. (DUNLAP‘*)) 


In both cases, it is found that lithium diffuses as singly-charged positive 
ions, supposedly in accord with its donor behaviour in both solvents. 
The diffusion of copper into silicon has been studied by the same tech 
nique, but with less success. The thermal diffusion rate of copper is so 
high and its solubility so low that it stands at the limits of appli 
cability of this method of study. The method nevertheless does show 
that copper diffuses as a positive ion, probably singly charged, and this 
behaviour is supposedly not in accord with its acceptor behaviour. 
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Ionized acceptors are supposed to have acquired extra electrons so as 
to become negatively charged. In order to explain this discrepancy, 
Fuller and Severiens have suggested that copper changes from acceptor 
to donor as the temperature is raised into the diffusion range, and reverts 
to acceptor again during cooling to the temperature of measurement. 
The actual changes that occur may well turn out to be more compli 
cated than this It seems likely that the mechanism will involve 
interactions between diffusing ions and lattice imperfections. 

The diffusion of copper in germanium has been extensively studied 
by Futter et al.™ using more conventional resistivity and radio 
trace! techniques. The results are peculiar \ plot of the observed 


. 


Fig. 16. Observed diffusion coefficients of copper in germanium at 
various temperatures FULLER et al 

values of J) against 1/7 is given in Fig. 16. The scatter of points, 

while not large (max. error 30 per cent), is such as to suggest that the 

diffusion rate may be quite sensitive to some uncontrolled structural 

variable—for example the dislocation content of the specimen. In any 

case the diffusion rate is very large at all temperatures of measurement, 


the average measured value of D at 1073°K being 2-8 LO 
It is these very large values—among the largest ever found in a solid 

that are in accord with observed values of D for ‘“‘thermium.’’@” The 
authors have used ZENER’s"': *) theory, which is discussed below, to 


calculate a value of D, equal to 1-9 10-*, The datum at 1073°K is 


cm/sec, 


then satisfied if Y is taken as 4100 cal/mole so that* 


$100 
RT ) 


dD y LO ‘exp | 


* An improved calculation is made below (p. 46), which gives 
= 


dD 0-0013 exy { R17 
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MARESEN and BRENKMAN"™” have studied the diffusion of nickel in 
germanium using a resistivity technique. They find that nickel behaves 
very much like copper except that its diffusion rate is slower. Values 
of D are given by 

) 21 OOO 


RT 


D Os exp 


The oretical ( ‘onside rations 


The mechanisms and theory of the diffusion process in solids have 
recently been thoroughly reviewed by Le Crarre.“*) In regard to 
semiconductors two further comments seem in order concerning the 
probable mechanism of substitutional diffusion and the relation between 
diffusion data and the theory of Zener.“!, *) 


Substitutional Diffusion Mechanism 
The large size and the large number of interstitial sites together with 
the relative ease of their communication one with another all suggest 
strongly that some kind of interstitial mechanism may also underlie 
substitutional diffusion in semiconductors. We can picture a process 
whereby an atom jumps from a normal position into an interstice so 
as to form a vacancy-interstitial pair (Frenkel defect), followed by 
migration of the defect atom through the interstices until it meets and 
combines with another vacancy. The activation energy for such a 
process is the energy required to form the pair, plus the smaller energy 
required to move the interstitial atom through the relatively open 
interstices. This latter involves the energy required to push an atom 
of radius & through a throat of radius 0-885. It seems very probable 
that this energy is less than that required to move the vacancy since 
the latter would require the breaking of three covalent bonds Thus 
an interstitial mechanism seems more likely than a simple vacancy 
mechanism. 

An interesting variation of the interstitial mechanism is the so-called 
interstitialcy mechanism of Serrz” wherein we can imagine that 


instead of forcing its way through the 0-S85A throat, the diffusing 


atom pushes one of the throat atoms into the next interstice and re 


places it. The energy required to do this is probably comparable with 
that to move a vacancy so that this mechanism, too, is unlikely 

The only other mechanism in current fashion is the ring mechanism 
recently revived by ZeneR.“® Maysure™: *) has argued in its 
favour. He allowed germanium to cool by radiation from temperatures 
near the melting point and discovered that the resistivity was altered 
by this quench. He attributed the change to the generation of Frenkel 
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defects and calculated from his data that the fraction f of all atoms in 


defect sites was 16.100 
6-7 exp | (54 


RT. 


I’, being the temperatur fore quenching Then, assuming that 


diffusion occurs entirely by an interstitial mechanism and knowing 
the coefhicient for self-diffusion D..“ he calculated the coefficient for 


interstitial diffusion JD. from the relation 


DD fj) 


> 400 
R17 
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where a, is the lattice constant, vy is the vibrational frequency of the 
diffusing atom, AS is the entropy of activation for diffusion and y is a 
number depending on the crystal structure and the diffusion mechanism. 
From thermodynamics we know that 
| AG 
AS yp ae . (89) 
where AG is the work of activation. It is most improbable that this 
work should ever increase with temperature. We therefore expect 
AS to be positive. This is the fact that lends special importance to 
Zener’s theory. Experiments in which grain boundary diffusion or 
diffusion short circuits occur usually produce abnormally low values 
of D,. These latter can be reconciled with Eqn. 88 only if AS be nega 
tive. The finding of a negative AS therefore signals improper or peculiar 
experimental conditions. 
Let us apply Eqn. 88 to the examples of interstitial diffusion 


discussed above In all cases we have highly dilute solutions in either 


germanium or silicon for which a, is respectively 5-66 10-* and 


5-43 10-" cm. For interstitial diffusion in the diamond structure ; 


43 


is 1/8. Expressions for y and AS are given by Le Clare’ as follows: 


© | . (91 


» rb 
a~s~ 


AS Be - . (92) 
ul dT 
In these expressions Q is the activation energy for diffusion, m is the 
mass of a diffusing ion, / is the diffusion jump distance equal to 
(V 3a,/4) and uw is an appropriate shear modulus for movement of the 
atoms which opens the throat between interstices. At the temperatures 
of diffusion u is probably linear in 7’ so that 


(95 


where uw, is the extrapolated value (not the true value) of uw at O°K 
The most nearly correct modulus to use is probably the shear modulus 
on {111} in (112), but the results are not very sensitive as to this 
choice The value of d(u/u dT Is approximately 10-4 101 both 
germanium and silicon. Combining all these expressions, we have 

a Qg \'¥2 Q d(u/u 


D 2 ts exp | Rat 3 ; 94 


om 


Consider first the diffusion of copper into germanium FULLER 
etal.“ reported the average value of D) at 1073 K to be 2-8 10-° em* 


sec. Combining Eqns. 87 and 94 and using this value we can solve for 
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Y, obtaining 8100 cal/mole Eqn. 94 then yields D, equal to 0-0013 


Accordingly 


S1LO0O 


RT) 


D 0-0013 exp | 


Chis calculation differs from the original calculation of Fuller in that 
i vibrational frequency appropriate to an interstitial atom has been 
used rather than a lattice Irequency 

Consider now the diffusion of lithium into both silicon and get 
manium. Applying Eqn. 94 and using the values of @ given in Eqns 


80 and 81, we obtain for the calculated values of D 


manium 5S°6 
rhe corresponding experimental values are 
D. (silicon 
D. (germanium) 


The agreement to well within an order of magnitude indicates that the 


experimental methods and results are probably quite good 


\. IMPERFECTIONS 
[t seems probable that one of the most important contributions to our 
knowledge of solids which may come from the study of semiconductors 
1 of crystal imperfections. Lattice imperfections are 
increasing importance in our understanding of the 
vs, yet their generation and behaviour 
direct way in metal systems. On the other 
ff semiconductors are uniquely sensitive 
ns, and in the case of dislocations, their 
be clearly seen in the form of etch pits 
which develop « tain specially prepared semiconductor surfaces 
Thus, these ler very attractive possibilities for the study 
dy 1s still in its infancy, and the account 
given here is made in full realization that it will be soon outmoded by a 


rapidly expanding store of important new knowledge 


ni luce 1 Imperfections 
Semiconductors were long regarded as completely brittle materials 
That germanium could be lastically deformed at elevated tempera 


tures (above 500° was first reported by GaLLaGHEeR™? in 1952 
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Both he and TREI riInc’™”’ were able to show that the deformation 


») has since demon 


occurred by slip on {111} planes, and TreuTine 
strated that the slip direction is (110 At the time of writing both 
germanium and silicon have been bent,‘*’: *. 5®) stretched, twisted, 


6, 


compressed’ and indented In all respects, these deformations 
are indistinguishable from equivalent deformations of metals except 
for the single requirement of elevated temperature.* The natural 
conclusion has been drawn that when the temperature is high enough 
the same dislocation sources operate and the same dislocation motions 
occur in semiconductors as are believed to occur in metals. The fact 
that these dislocations reveal themselves directly in semiconductors 
affords us a unique opportunity to confirm and enlarge our knowledge 


ol dislocation behaviour 


Dislocation Ete h Pits 


The first substantial prool that the presence of dislocations can be 


revealed in the form of etch pits was made by Vocet et al. through 


their study of lineage boundaries in germanium. Previously, Bur 


Gers had proposed a dislocation model for a boundary between two 
crystals differing in orientation only by a small pure rotation # about 
an axis in the boundary. The model consists of a series of equally 
spaced identical edge dislocations lying in the boundary and running 
parallel to the rotation axis. If d is the dislocation spacing and 6 is 


the magnitude of their Burgers vector, the 


Etch pits in sub oTain boundaries had also been reported 60, Gl but 
it remained for the above authors to demonstrate that observed values 
of d and @ did in fact satisfy Eqn. 95 

The demonstration was made as follows Lineage boundaries 
tending to lie along 110} planes were discovered in otherwise 
apparently perfect germanium crystals grown in 100> directions 
When etched with CP—4 (5 HNO, 3—-HF, 3-acetic acid, 1/10 ary 
and examined at high magnification on {100} planes normal to the 
boundaries, each was resolved into a line of regularly spaced, over 
lapping conical pits The implication was strong that these pits 
denoted edge dislocations having <110) Burgers vectors Accordingly 
careful X-ray orientation studies were undertaken which showed 


small rotations about the 100> direction Dislocation spacings were 


* Wano and ALEXANDE! lave re t shov it i alloys indented by hardness 


testers at room temperature 
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calculated from the observed orientation differences using Eqn. 95 
and were compared with observed pit spacings. Excellent agreement 
was obtained, as shown in Fig. 17, which is taken from a fuller account 
of this work by Voce. The excellent agreement demonstrates 
both that the Burgers model is valid and that pits are associated with 
these particular edge dislocations.* It should be noted, however, that 


these are not glissile edge dislocations such as cause plastic flow. The 





>; «4 
N RADIANS x 104 
ction of tilt angle 


open circles Vo 


latter are kni » only on the {111} slip planes. The former, 
called sessile, lie on {110} planes 

More recent work". 5. &) has shown that glissile edge dislocations 
formed during bending also cause pits when etched with CP—4. These 


can also be revealed on !/111 planes that intersect the plane on which 


they lie. Furthermore, GREINER and Hosstetrer™ have found pits 


on {111} planes that denote what are apparently screw dislocations 
formed during rotational slip. It thus seems possible that all types of 
dislocations may be revealed as pits on suitably etched surfaces 
This conclusion is indirectly supported by the theoretical work of 


CABRERA ef al.“ who have considered the circumstances in which 


i intersecting 
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etch pits are to be expected when Burgers vectors are as small as in 
glissile dislocations (one-half the face diagonal of the unit cell). They 
conclude that a pit will form only if the interfacial energy between 
the crystal and the etchant is considerably below the value corres 
ponding to the free surface of the crystal. There is no present informa- 
tion about these energies. The interesting point is that their theoretical 
analysis applies equally to dislocations in any orientation from edge 
to screw. 

A very recent development has come from 8. G. Exxis.® He has 
found a slow etchant based on potassium hypochlorite which reveals 
about 100-fold more pits than does CP—4 on {111} planes of undeformed 
crystals of germanium. The pits revealed by CP-—4 become highly 
over-etched in the new reagent. The new pits are small and show inner 
detail, such as terraces and spirals. If the spirals denote screw dislo 
cations, their Burgers vectors must be very large (~ 1000 A). Ellis 
suggests that the pits revealed by CP—4 denote pure edge dislocations 
and that the new pits denote dislocations in other orientations. If so, 
it is very difficult to see why the pure edge orientation should behave 
completely differently from a dislocation very close to edge orientation. 
The significance of these new pits is not yet understood. 

The etch pit tool has already been put to work in the study of bend 
ing, twisting and indentation. These experiments will now be described 
as illustrations of what we can hope to discover about the fundamentals 


of deformation. 


Be nding 
A thorough study of the behaviour of dislocations in bent germanium 
crystals has been made by VocE..®*) He prepared crystal bars having 
a {111} slip plane and a <110) slip direction both at 42° to the longi 
tudinal axis. The bars were bent around the <112> axis normal to this 
slip direction. The neutral plane thus contains both the longitudinal 
and the <112> bend axes. In this orientation no other slip systems 
become active. The bending was carried out at about 550°C, heating 
being accomplished by the passage of an electric current and the 
bending being produced by static load on two knife edges 1 cm apart. 
Various radii of curvature were prepared. 

The crystals were then sectioned to reveal the {111} plane most 


nearly normal to the axis of bending and were etched in CP-4 to 
produce dislocation etch pits. Pit densities (referred to a {112} plane) 
were determined at various distances from the neutral plane. All such 


densities were of the order of 10® dislocations/em?, whereas original 
densities before bending were of the negligible order of 10*/em?. The 
results are shown in Fig. 18. The density is largest near the outer 
fibres and reaches a minimum at the neutral plane. 


49 








PROGRESS IN METAL PHYSICS 


Vogel shows that these observations are consistent with the following 
mechanism. Dislocation sources are first activated near the outer 
fibres where the stress is greatest The inward moving components 
of the resulting dislocation loops are in edge orientation, and all have 
the same sign. They will move into regions of declining stress, even- 
tually stopping so as to produce the observed density distribution. 
OQutward-moving components of opposite sign probably also become 
trapped in the cry stal and contribute to the density. 

Nye? has considered in detail the behaviour of dislocations in 
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VOGEI 


ideal plastic bending and has determined that a uniform density of 
edge dislocations, all having the same sign and Burgers vector. should 
be produced For a slip plane inclined at angle @ to the neutral! plane 


the density p of dislocations per unit area is given by 
(96) 


where r is the radius of curvature and + is the magnitude of the Burgers 
vector of the dislocations 

Vogel’s densities are all higher than Eqn Y6 predicts and his values 
of p are not uniform. However, his distributions reflect both the manner 
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of formation of dislocations and work hardening effects and thus are 
not a consequence of ideal plastic bending. Accordingly, he was led 
to anneal bent crystals for long periods (three days) at 800°C in an 
effort to approach more nearly the ideal final state. Three effects 
ensued: (1) dislocation densities were reduced, presumably by cancel 
lation of those of opposite sign; (2) the densities became uniform 
across the section: (3) dislocations migrated into walls normal to the 
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Fig. 19. Dislocation density as function of radius of curvature 
(Eqn. 96). Experimental points shown by open circles. (VOGEL 


slip planes so as to form a polygonized structure as expected of edge 
dislocations. The new, uniform densities agreed nicely with Eqn. 96, 
as shown in Fig. 19. This work is an excellent illustration of the way 
the etch-pit technique may be used to obtain information on how 
dislocations are generated and move under controlled conditions. 
Twisting 
The behaviour of semiconductor crystals in rotational slip has been 
studied by Gretner™) and GretnerR and Hossrerrer.’ With a 
crystal of square cross-section oriented with {111} nearly normal to the 
torsion axis, Greiner found that slip occurred on all four slip planes 
and could not be classed as rotational slip. Etching on the subsequently 
exposed {111} plane lying about 19° to the torsion axis revealed pits 
aligned along the other intersecting {111} planes and suggestive of 
dislocations. 

Greiner and Hobstetter have reported on cylindrical crystals 
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similarly oriented and twisted. Rotational slip occurred only on the 
111} normal to the torsion axis. They have proposed a mechanism 
whereby dislocation sources neat the periphery along 112) radii 


become active and generate streams of inward-bound screw dislocations. 


These co-planar streams meet and interact to form a hexagonal grid 
| 


of screw dislocations which constitutes a twist boundary According 
to this view, rotational slip occurs both by increasing the density of 
dislocations in such boundaries and by the multiplication of boundaries 
densities were determined on the Lil planes lying about 19° to 
torsion axis by etching with CP—4. The densities turned out to be 
the order of 10°/em* ju as in Vogel's bent crystals Original 
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It now seems generally agreed that this low-lying level is real and is 
introduced in consequence of deformation. Further, Twerr®) has 
found the level is easily annealed out. It thus seems very probable that 
this level is connected with imperfections other than dislocations such 
as might be formed by the motion of dislocations during deformation. 
It has been shown by Serrz® that the motion of screw dislocations 
containing jogs is attended by the production of vacancies or inter 
stitial atoms. Jogs on edge dislocations are also sources for such 
imperfections, but their generation is not a necessary consequence of 
jog motion. In a gross deformation these imperfections should be 


formed in approximately equal numbers. When similar pairs are 


NAA y 
| 


Fig. 20. Model of edge dislocation in diamond structure. {BAD “7! 


formed by bombardment, as discussed below, they are found to consti- 
tute acceptors with a low-lying level. The absence of such a level in 
the experiments of Pearson et al. may indicate an initial state so 
free of sessile dislocations as to produce an inappreciable number of 
jogs on the largely edge type glissile ones and hence an inappreciable 
number of vacancies and interstitials 

It also seems generally agreed that a second acceptor level somew here 
near the centre of the energy gap is formed during deformation. 
Reap.) following a suggestion of SHockiey,'”) has developed a 
theory wherein he attributes this level to dislocations having an edge 
component The idea advanced concerns the behaviour of the so-called 
dangling bonds that occur along the edges of such dislocations at those 


locations where the local coordination is not satisfied. The configuration 


along a pure edge dislocation is illustrated in Fig. 20. These dangling 


bonds occur at exactly the spacing of near neighbours along pure edge 
dislocations (4 A in germanium) and at correspondingly greater separa 
tions as the direction of the dislocation changes toward screw orienta 
tion, where their separation becomes infinite 

Read’s theory assumes that the dangling bonds constitute acceptor 
sites. He reasons that an electron can pair with a dangling bond 
because in such a state it probably has less energy than a free conduction 
electron. Since it then should also have considerably more energy 
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attempt to present the general picture of bombardment damage in semi 


conductors as presently understood 


Theory of James and Lark-Horovitz 


It can be said that, at least for bombardments carried out at room 
temperature, all results obtained so far are not inconsistent with the 
theory of Frenkel defects advanced by JAMES and LarK-Horovirz.' 
According to this theory, when isolated vacancies and interstitials are 
created in equal numbers in semiconductors, four new electroni 
energy levels are introduced into the energy gap. Two of these levels 
correspond to the first and second ionizations of the donor-interstitials 
and the other two to the first and second ionizations of the acceptor 
vacancies. The approximations of the theory are such that the energies 
of these levels—even their relative order on the energy scale—cannot 
be exactly determined 


The following arrangement of levels has been proposed‘, *° 


and 
we shall see that it seems to explain many of the effects of bombardment 
on electrical properties. It is only fair to point out that other arrange 
ments might work as well and that it would be very difficult to design 
experiments to decide among various possibilities. The proposed levels 
and their occupation in intrinsic material are as follows. 

(1) An empty state slightly below the bottom of the conduction 
band which is the first ionization level of the interstitial atoms. This 
level is probably so close to the conduction band that it is at least 
partly ionized except at very low temperatures. 

(2) An empty state nea the middle of the energy gap which is 
either the second ionization level of the interstitial atoms or the second 
ionization level of the vacancies—it matters little which. This level is 
readily available for accepting (trapping) electrons in 7 type material. 

(3) A filled state nearer the bottom of the energy gap which is the 
alternative to the level in state (2 

(4) A filled state probably quite near valence band which is the first 
ionization level of the vacancies 

The net effect of all the levels, in so far as room temperature electrical 
measurement is concerned, is the introduction of approximately one 
acceptor centre for each vacancy interstitial pair Thus, in type 
material. state (2) can accept conduction band electrons in p type 
material, state 3 can accept electrons from the valence band. States | 


and 4 probably play minor roles except under extreme conditions. 


Re sults of Bombardme nt Studi 8 


As a framework for discussing the general results of these studies, let 


us apply the statistical principles developed above in Part II to the 
model of the James and Lark-Horovitz theory. Assuming all chemical 


vv 
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donors and acceptors are completely ionized at room temperature, 


the condition of electrical neutrality requires 


the number of bombardment-induced, 


he two summation terms are 
The indices i and j 


ionized donor and acceptor centres respectively 
bombardment-induced levels described above 


refer to the four IS 
the number of bombardment-donor centres at energy level e,; 
the number of bombardment-acceptor centres at energy level ¢,. 


The 


denominators of the summation terms derive from the expressions for 


| f.) and (1 f,) as given by Eqns. 9 and 11 


Eqn. 97 relates the number of carriers to the Fermi level, and it 
follows that the rate of change of number of carriers with D, and A, 


that is with bombardment flux) also depends on the Fermi level. 


This last effect is what often makes interpretation of experiments so 


complex 
Suppose we start with high conductivity n-type germanium in which 


N,, is very much greater than V,. Even at room temperature the 


Fermi level will then be rather high in the energy gap. As the radiation 
induced levels are introduced, the conductivity will fall rapidly because 
the donor-2 states will immediately trap electrons and the donor-! 
states will also be partially effective. The initial rate of trapping will 


theretore | reater than one electron per detect formed As the detects 


however, the trapping will gradually lower the Fermi 


the donor-1 states less effective and the rate will fall 


have considered this effect and shown that the initial 


» of the fast neutron bombardment curve is satisfied if the donor-] 


about 2 e\ below the col i iction band These workers have 
rest at room temperature after bombardment, 
y continues to decrease. They attribute this 


jogs or sur 
Thus the 


he migration of interstitial atoms to dislocation 


faces where they can reattach themselves to atom sites 


donor states are annihilated leaving the vacancy-acceptor states behind. 


This is in line with the very reasonable idea first stated by Maypurc™ 


that interstitials migrate more rapidly than the vacancies. This matter 


has been considered above in connexion with diffusion mechanisms 


If we start with moderate or low conductivity n-type germanium, 


the initial Fermi level will not be very high in the gap and the donor-! 
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level will not play an important role in the trapping of electrons. The 
radiation-induced levels will then capture only about one electron per 
defect and the conductivity will therefore fall more slowly. Fan and 
LarK-Horovitz™ find that a 9-5 MeV deuteron creates about 25 
defect pairs per centimetre of its path at 205°K, each of which can 
trap one electron. Their work clearly shows the effect of Fermi level 
on the initial trapping rate. Of course, as irradiation continues, the 
trapping will act to lower the Fermi level and when it reaches the 
donor-2 level the trapping rate will rapidly decrease. 

If we start with near intrinsic or with low-conductivity p-type 
germanium, quite different behaviour ensues. The Fermi level will 
now be low enough so that donor-2 states will not be entirely filled. 
The net number of ionized bombardment centres will then be negative 
and must be balanced by the presence of new holes. Thus, the p-type 
conductivity will increase upon irradiation, but at a rate much slower 
than one hole per defect pair. This behaviour has been observed with 
all types of irradiating particles. ‘*” 

Finally, if we start with high-conductivity p-type material, the 
Fermi level will be so low that donor-1 and 2 states are entirely 
ineffective, and the acceptor-2 is only partially filled. This means that 
this state must be acting anomalously as a donor because the upper 
donor states contribute enough electrons to fill it were it not in turn 
donating some electrons to the valence band. As a consequence, the 
high p-type conductivity will be reduced by irradiation. This peculiar 
behaviour whereby low p-type conductivity increases and high p-type 
conductivity decreases upon irradiation is well established.” There 
is, of course, one value of p-type conductivity which is unchanged by 
radiation. 

In silicon the acceptor-1 and 2 levels both appear to be well above 
the valence band so that even low p-type conductivity decreases 
upon irradiation. 

The qualitative agreement between theory and experiment at room 


temperature supports the picture of bombardment defects as isolated 


vacancy-interstitial pairs. Results of irradiation at lower temperatures 
is not so straightforward. We cannot go into this subject very deeply 
here, but it can be said the low temperatures may tend to freeze in 
various states of association of the defect pair. We expect that the 
stress fields about vacancies and interstitials should interact to cause 
a mutual attraction. Various “excited states’ of association of two 
or more defects may well exist. If they do exist, their stability should 
be quite small so that they readily anneal out by mutual cancellation 
even at room temperature. Upon irradiation at low temperatures they 
may be frozen in and change the whole energy level picture. 
Annealing at temperatures above room temperature heals radiation 
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damage and returns the material toward its original state. Presumably 


the annealn 


occurs by migration of pairs under their mutually 
attractive forces and their consequent mutual annihilation. However, 
innihilation at surfaces and particularly at dislocation jogs must play 
Important role FLETCHER and Brown” have developed the 

line of a theoretical treatment of annealing in which they assume 
only vacancy diffusion is important. No doubt their work will be 
broadened to include what seems the more probable occurrence ol 


interstitial diffusion. Further work along these lines will be enlightening. 


Thermal j nduced Imperfections 
During the last few years several investigators have looked into the 
possi bility of freezing-in therm lly induced imperiections by the rapid 
quenching of semiconductors from high temperatures. The results of 
the experiments are all positive, but interpretation of the results is not 


roo clear; 


Taytor® iscovered tl ipon quenching either germanium or 
silicon (tempera and quenching medium unspecified) changes 


occurred in the number of carriers similar to those found upon bom 


bardment He suggested that the defects introduced were Frenkel 


} I 


and possibly Schottky defects in equilibrium at the quenching tempera 
d retained at room temperature by a freezing-in process. The 
yortional to exp W/kT where A 1S 


The energy of formation W in germanium 


were described above in connexion 

nisms » quenched germanium by radiation 

om temperatures near the melting point and also found new 
centres which he attributed to quenched in Frenkel defects. 


of atoms ct positions was found to be 
16. 100/ RT : ; (99 


Lhe ni tv ft ’ I ts suggests that the same phenomenon 
was observer 

1 very detailed study of quenched-in 

» of their annealing. He found that when 

to prevent specimen contamination 

new acceptors were quenched-in 

ry drastic qu g—that is, specimen cooling from 


temperature i » order of 0-1 sec. He noted 
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that Mayburg’s cooling time was much longer than this, and that 
Mayburg’s quenched acceptor density was five times larger than he 
himself could observe. Logan concluded that he and Mayburg were 
observing different phenomena. 

Logan determined that his defect density was proportional to 
exp ( 45,600/R7'). He also found that the rate at which his defects 
trapped electrons in n-type material was twice the rate at which they 
created holes in p-type material. 


Interpretation 

It remains uncertain just what is being observed in these various 
experiments. Among the several alternatives are (1) acceptor-type 
impurities which ordinarily precipitate out of solid solution, but which 
are retained upon quenching; (2) quenched-in hole-interstitial pairs 
(Frenkel defects); (3) quenched-in vacancies (Schottky defects); (4) 
quenched-in interstitial atoms. Both of these last two must be con- 
sidered since the energy required to form an interstitial may be of the 
same order as that required to form a vacancy in the diamond structure. 

Taylor does not describe any measures he may have taken to exclude 
impurities. Mayburg eliminated copper by the previously described“® 
evaporation technique, but other impurities which do not respond to 
such treatment may have been present. Logan made a serious attempt 
to exclude all impurities, but admitted unknown ones might still be 
present. However, the different order of the results of Mayburg and 
Logan does suggest strongly that an impurity effect occurs in May- 
burg’s work that does not occur in Logan’s. 

We have already seen that the Frenkel defects which are almost 
certainly produced by bombardment introduce four new energy 
levels in the energy gap of germanium and that these combine to act 
as a single mid-gap acceptor level in n-type germanium and a single 
lower lying acceptor level in p-type germanium, provided the con- 
ductivities are not too high. This picture agrees partially with Logan’s 
results. The difference is that the lower of the two levels is still high 
enough in the gap so that the ratio of hole production to electron 
trapping is much less than the one to two ratio that Logan finds. 

Schottky defects fit Logan’s results very closely, since both vacancy 
levels should be active in trapping while only the lower level should be 
fully active in hole production. A combination of Schottky defects 


and independently produced interstitials would also agree if the former 


were in excess. 

Interaction of Imperfections 
A field which promises to take on considerable importance in the near 
future is that of the mutual interaction of crystal imperfections. 
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Present knowledge of this field is admittedly rather fragmentary and 


&4) 


is summarized in a recent symposium. We cannot hope to do more 


here than touch a few aspects peculiar to semiconductors. 


In purities and Dislocations 


In the discussion above on “‘thermium”’ it was noted that copper ions 
from contaminated surfaces which diffuse into germanium at high 
temperatures were precipitated from solution upon annealing at 500°C. 
The fact of precipitation has been proved through the study of radio 
autographs. It is well known ® that the precipitation is very much 
more rapid in material which has been plastically deformed. This fact 
may indicate a mutual interaction between copper ions and dislocations 
whereby the ions are attracted to sites along dislocations. Thus, 
dislocations would help to trigger nucleation of the precipitating copper 
particles 

Kurtz and Kuiin have attempted to spell out in greater detail 


a? 


the mechanism of this interaction. Following CoTTRELL, 


evaluated the elasti energy of interaction between edge dislocations 


they have 


and various solute impurities in germanium and are thus able to show 
that solute atmospheres should form around these dislocations on the 
basis of elastic theory alone. But this account neglects all electronic 
interactions between impurity atoms and dislocations, such as might be 
involved in Locan’s'*. *) annealing experiments 

Kurtz and Kulin suggest that because of electronic effects, copper 
along a dislocation may be present in un-ionized form so that when the 
copper is dispersed by heating, or when the dislocation is moved away 
Irom its atn osphe re by deformation, the ¢ opper re-1onizes and acceptor 
centres appear. Such action would contribute both to the “thermium”’ 


to the formation of deformation-induced acceptors 


ratiti tls and Disi WOTiOons 


ve, dislocation jog un act as either sources or sinks 
interstitial atoms. The sources are presumably 
formation of the thermally-induced impertections 
Locan'® considers the sinks in connexion with the 
mperfections at lower temperatures. He finds that 
increased in regions of high dislocation 

pment he finds that coppel and the 

tions seem to compete for the same anneal 

of copper the extent of annealing of 

mechanism of this competition is not 


an be dr iwi 
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Conclusion 

Imperfections such as vacancies, interstitial atoms, dislocations and 
impurity atoms play roles in metals and semiconductors alike upon 
which structure-sensitive properties depend. Their mutual interactions 
appear increasingly to govern mechanisms of atom-transport, work 
hardening, heterogeneous nucleation of new phases in solids and other 
processes basic to the understanding of solid materials. In the course 
of this article we have considered many examples of such interactions: 
in the diffusion and annealing of vacancy-interstitial pairs produced 
by bombardment; in the effect of dislocations on diffusion; in the 
effect of vacancies on the solubility and electrical behaviour of lithium ; 
in the triggering of copper precipitation by dislocations, and so forth. 
Others are well known in different connexions, as for example the effects 
of Cottrell atmospheres on yield points and the whole field of work- 
and impurity-hardening. Still others have yet to be formulated, such 
as the general effect of one impurity upon the solubility or the diffusivity 
of another or upon the nucleation of a new phase. Most of these 


interactions are not yet understood except in a qualitative sense, and 


the tools with which we can handle them are only now taking shape. 


Semiconductors offer unique experimental and theoretical advantages 
to seekers in this field. 
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THE PHYSICAL METALLURGY OF 
TITANIUM ALLOYS 


R. 1. Jaffee 


PRELIMINARY CONSIDERATIONS 
Wuart additions form useful alloys with titanium? One way to answer 
this question is to try everything economically feasible, and see what 
happens. Much of our present knowledge on titanium alloys is the 
result of having done this. However, consideration of the fundamental 
factors involved in the alloying of titanium will be helpful in evaluating 
the alloy investigations that have been completed. 

When it comes to making a close size fit with other atoms, the 
titanium atom does as well as is possible, considering the spread in 
atom size of the elements. Titanium is in the first long series of the 
periodic table and, as such, has the characteristic atom size of members 
of the long periods. The atomic diameters of the elements for a co- 
ordination of 12 (Goldschmidt atomic diameter), corresponding to the 
size of the atoms in a close-packed lattice, are plotted in increasing 
order in Fig. 1. Hume-Rotuery’s” atom-size-fit range of + 15 per 
cent for substitutional solid-solution alloying has been used to set off 
the elements with diameter ratios of 0-85 to 1-15 to that of titanium. 
Also, HAaca’s rule for interstitial solid-solution alloying has been 
followed to set off the elements with diameter ratios less than 0-59. 
It is readily apparent that most of the elements fall within either the 
substitutional or interstitial alloying ranges. Some of the atoms, 
mostly of alkali and alkaline-earth metals, are too large to make a good 
size fit with titanium. Borderline on the large side are lead and thallium. 
In the region between the substitutional and interstitial alloy ranges 
are boron, phosphorus, beryllium, selenium and silicon, which would 
be expected to form compounds. Based on what we know now con- 
cerning the solubilities of the elements in titanium, it appears that the 

15 per cent atom-size-fit range is too restricting for titanium. A 
better range would appear to be + 20 per cent, or diameter ratios from 
0-80 to 1-20. This follows from the appreciable solubilities in one or 
both of the allotropic forms of titanium found for those elements 
between + 15 and + 20 per cent size fit, which are not too electro 
negative in nature. 

These elements within the substitutional alloying range would be 
expected, barring other factors which might be unfavourable, to form 
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extensive solid solutions in one or the other, or both, of the allotropic 
forms of titanium. Of the elements favourable for interstitial solid- 
solution alloying, it would be expected that the most extensive solid 
solution would be formed with the elements having the lowest diameter 
ratios. Thus, hydrogen should form the widest solid solution, followed 
by oxygen, nitrogen and carbon, in that order. As will be shown later, 


except for hydrogen, this is indeed the case. 
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Fig. 1. The position of the atom size of titanium with respect to 


that ol alloying elements 


Good size fit alone is no assurance that extensive solid-solution alloy- 
ing will take place. In Hume Rothery s other factors for solid-solution 
alloying, the valence of the solvent metal and the alloying metal are 
considered. Hume-Rothery points out that the more electronegative 
the solute is, the less chance there is for normal alloying and the 
greater chance there is for the formation of stable intermetallic com- 
pounds. Thus, although tellurium makes an excellent size fit with 
titanium, its valence of 6 would appear to preclude solid-solution 
alloying with titanium. In fact, tellurium is found to be practically 
insoluble. Also, the extent of primary solid solution between two metals 
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will be greater in the metal of lower valency. The difficulty here is that 
titanium is a transitional metal, and its valence is uncertain. Hume- 
Rothery points out that, if the valences of iron, cobalt and nickel, 
which are also transitional, are assumed to be zero, many of the 
intermetallic compounds formed by these metals with the B-subgroup 
metals fit the Hume-Rothery electron-atom ratio rules. In the absence 


of any better information, the valence of titanium may be assumed to be 


zero also, or, at any rate, it may be assumed to be low. As such, we 
could then expect the solid solubility of nontransitional metals in 
titanium to be greater than vice versa. This has also been amply 
demonstrated by experience. 

Titanium is a transitional metal. Its free atom has an outer electron 
configuration of (3d)* (4s)*, indicating two unpaired 3d electrons and 
two 4s valence electrons. The former provide exchange-force coupling, 
and the latter metallic electron bonding. It is reasonable to expect 
that titanium would form extensive solid solutions with other transition 
metals with similar electronic configurations, containing unpaired d 
electrons. These would include zirconium, hafnium, vanadium, 
columbium, tantalum, chromium, molybdenum and _ tungsten. 
Similarly, it is reasonable to expect that good solid-solution alloying, 
although perhaps not so extensive, would be formed with the other 
transitional metals, which contain one or more pairs of paired d elec- 
trons. These would include, for the more common elements, manganese, 
iron, cobalt, nickel, palladium and platinum. Solid-solution alloying 
is taken here to mean in either of the two allotropic forms of titanium. 
Which of the allotropic forms of titanium will be stabilized, i.e. have its 
temperature range of stability broadened, is difficult to predict. 
Crystal-structure considerations are helpful here. Thus, body-centred 
cubic transition elements would be expected to stabilize the high- 
temperature body-centred cubic form of titanium. Actually, so far as 
is known, all of the transition elements are beta stabilizers for titanium. 
The effect of nontransitional metals on the allotropic transformation 
would not appear to be amenable to generalization. 

Summarizing, the alloying nature of titanium would appear to be 
such that it would form extensive solid-solution alloys with all of the 
transition elements and, also, with those nontransitional elements of 
relatively low valence which make a good atomic size fit with titanium 
and which do not boil at temperatures appreciably below the melting 
point of titanium. In addition, the potentialities for forming inter- 
stitial solid solutions with hydrogen, oxygen, nitrogen and carbon are 
good because of titanium’s transitional nature, and the relative 
diameter ratios are favourable. 
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Types or Trranrum-Ricn EQUILIBRIUM 


Before describing what is known about the constitution of titanium 


alloys, it would be well to consider the types of equilibrium that might 


be encountered. Here. only the possible phase relations between 
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terminated, as, for example, by eutectic or peritectic reactions, the 
phase equilibria may be designated as terminal beta, shown in Fig. 2c. 

If the beta phase is stabilized to a lower temperature, at which it 
decomposes eutectoidally, a eutectoid type of equilibrium results. 
This is shown in Fig. 2p. 

The alpha phase can also be extended and stabilized. Where the 
alpha phase extends to higher temperatures until it reaches a peritectic 
transformation, and the alpha phase is also isomorphous with the other 
constituent in the system, the diagram shown in Fig. 2£ results. How- 
ever, if the alpha phase terminates at the peritectic temperature or 


peritectoid reaction, the diagram becomes one of a terminal-alpha 


type, shown in Fig. 2r. 

The effect of purity of the constitution on titanium alloys is perhaps 
more important than the effect of purity on most other alloy bases. 
A combination of alpha-stabilizing and beta-stabilizing impurities in 
commercial-purity titanium results in an alpha—beta transformation 
range rather than a sharp transition point. It follows that the alpha- 
beta boundary lines for commercial-purity systems should be outside 
those for high-purity systems. That is, the boundary between com- 
mercial-purity beta and alpha plus beta will be above, and the boundary 
between alpha and alpha plus beta below, the corresponding boundary 
lines for high-purity alloys. 


CONSTITUTION OF TITANII M INTERSTITIAL SYSTEMS 
Interstitial Solid Solutions 


On the basis of increased size of the unit cell of alpha titanium, the 
data available would appear to indicate that titanium forms interstitial 
solid solutions with at least oxygen, nitrogen and carbon. It is certain 
that the solution of hydrogen in both alpha and beta titanium is 
interstitial. There is a possibility that boron also enters into restricted 
interstitial solid solution 

Probably the most careful and precise measurements of the effect of 
interstitial elements on the lattice constants of titanium are those of 
CLARK.” His results for oxygen, nitrogen and carbon are plotted in 
Fig. 3. The data for oxygen and nitrogen were taken from Clark’s 
paper, which dealt with those elements only. The data for carbon 
were interpolated from Clark’s data given in the form of hardness 
parameter correlations in a paper by Frxtay and Snyper.” It is 
particularly interesting to note that, while the a, parameter remains 
essentially constant for solution of nitrogen and oxygen, the c para 
meter increases. This may be associated with the fact that the c/a 
ratio for titanium is lower than that corresponding to perfect packing 
in the close packed hexagonal structure. Clark’s value for c/a for 
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high-purity titanium is 1-587 whereas the ideal close packed hexagonal 
lattice has a c/a ratio ot 633. Carbon increases both the a and ¢ 
parameters. McQu1 data on hydrogen indicate that it has a 
negligible effect on * alp titanium lattice. Hiac found a major 
lattice expansi mo Irom zero to 33 atom per cent but his work 
does not py mvincing as that of McQuillan. The work of 
CRAIGHEAD ef al shows that hydrogen has such a smal! room tempera 
ture solubility in titaniun it any effect on the lattice constant 1s 
improbable. Exriicu™ found that the lattice constants of titanium 


increased with boror conte! but the extent of solid solution ot boron 
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It is apparent that, for carbon oxygen and nitrogen, the alpha lattice 
distortion and the alpha solubility are in inverse order, as one would 


expect them to be. On the other hand, hydrogen, which produces no 


lattice distortion, has only a relatively small alpha solubility. The 


solubility of hydrogen in alpha decreases to zero at room temperature, 
and, as a matter of fact hydrogen cannot be retained in solid solution 
by quenching from the all-alpha field.”’ Thus, the actual case for 
hydrogen at low temperature is zero solubility and no hardening effect. 

For oxygen and nitrogen, the relative lattice distortion, alpha 
solubility, and hardening effect are in accordance with expectation. 
However, the moderate hardening effect of carbon with respect to the 
potent hardening effects of nitrogen and oxygen is anomalous in view 
of its much greater lattice distortion. The reason for this may be con 
nected, as Frntay and Snyper indicate, with the fact that nitrogen 
and oxygen increase the c/a ratio of titanium less than does carbon. 
Using CLARK’s data,” the relative effect of these elements on c/a is 
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The theory of interstitial solid solutions permits an estimate to be 
made of the effect of dissolved metalloids on the alpha—beta transforma 
tion. The high-temperature allotropic form of titanium is body 
centred cubic, and, as such, does not possess interstices as large as the 
octahedral interstices in the low-temperature, close-packed hexagonal 
form, despite the fact that it has more interstitial volume. Therefore, 
at any temperature Ww here the alpha and beta phases are in equilibrium, 
the solubility of interstitially dissolving elements in alpha will be 
greater than in beta titanium. It follows then that these elements will 
be alpha stabilizing and the alpha—beta transformation range will be 
extended to higher temperatures 

Hydrogen is the exception to the rule that interstitial solutes are 
alpha stabilizing. It has been indicated that hydrogen atoms enter the 
smaller tetrahedral interstices in the hexagonal close packed lattice 
where they are surrounded by six titanium atoms. It is entirely 
feasible that the size of the largest interstices in the body-centred cubic 
lattice, intermediate between the size of the tetrahedral and octahedral 


interstices in the hexagonal close packed lattice, will fit the hydrogen 
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proton better than the hexagonal close-packed tetrahedral interstices. 
rhus, it is reasonable that the beta solubility of hydrogen will be greater 
than the alpha solubility, and hydrogen will be beta stabilizing instead 


of alpha stabilizing 


Titanium H ydroge n Syst m 


4. D. MceQuttitan™ worked out the titanium—hydrogen system for 


hydrogen pressures up to | atm, as shown in Fig. 4. It is seen to bea 














Atomic ** Hydrogen 
Fig. 4 H ydrogen-—titanium diagram for the condensed phases. 


McQvuILLan™ 


beta eutectoid system, with a eutectoid at about 325°C, where beta 


phase containing about 38 atomic per cent hydrogen decomposes into 


alpha containing about 8 atomic per cent hydrogen and hydride phase 


containing 47 atomic per cent hydrogen Plotted on the temperature 

concentration diagram are isobars, calculated from McQuillan’s data. 
These isobars clearly show the effect of pressure on the titanium 

hydrogen equilibria. The solubility of hydrogen in equilibrium with 
titanium is seen to be dependent both on pressure and temperature. 
The lower the hydrogen pressure and the higher the temperature, the 
lower is the hydrogen solubility in titanium. Consider the 0-005 atm 
isobar. At this pressure, which corresponds to 3-8 mm Hg pressure of 
hydrogen, about 2-5 atomic per cent hydrogen is soluble in beta 
titanium at 1000" The solubility increases to about 6 atomic per 
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cent in beta titanium as the temperature decreases to 810°C, where 
hydrogen is rejected as the beta titanium transforms to alpha titanium 
containing 2-5 atomic per cent. As the temperature decreases further, 
hydrogen is picked up until there is 7 atomic per cent at 660°C. Here, 
hydrogen is absorbed and the alpha solid solution transforms to beta 
solid solution containing 18 atomic per cent hydrogen. On further 
decrease in temperature, the beta solid solution picks up hydrogen 
until, at 460°C and 49 atomic per cent, hydride containing 54 atomic 
per cent is formed. The hydride continues to absorb more hydrogen 
as the temperature decreases further, as is shown in Fig. 4. 
McQuILLan™® also investigated the titanium—hydrogen system for 
magnesium-reduced titanium. He found that the alpha-transus line 





— 


¥ 
400) 


Ternperature 


g 











123456789 01 
Atomic *l Hydrogen 


Fig. 5. Solubility of hydrogen in alpha titanium. LENNING, CRAIGHEAD 
and JAFFEE"?? 


was lower and the beta-transus line was higher, compared with those 
for the corresponding alloy made with high-purity iodide titanium. 
This is caused by the presence of both alpha-stabilizing (oxygen, 
nitrogen and carbon) and beta-stabilizing (chiefly iron) impurities in 
commercial titanium. It was not possible to investigate the beta 
eutectoid, or the higher hydrogen region, in the commercially pure 
base because of the effect of impurities in decreasing the rate of absorp- 
tion of hydrogen. It was shown, however, that the maximum solubility 
of hydrogen in beta titanium was 50 atomic per cent, identical with that 
in high-purity titanium. 

The investigations of McQurttan®: did not extend to low tem- 
perature, below the eutectoid. CRAIGHEAD et al.: 4) have shown that 
the alpha solubility of hydrogen decreases to less than 0-15 atomic 


per cent at room temperature. The solubility decreases very rapidly 


from 150 to 125°C, as shown in Fig. 5. 
There is no measurable effect of hydrogen on the lattice parameters 
of alpha titanium according to both McQur~ian® and GiBB and 
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Kruscuwitrz.“’ This result appears more correct in view of the low 


solubilitv of hvdrogen in alpha than the expansion ol the alpha titanium 
lattice reported earlier by HAce on impure material, where an 
alpha solubility of 33 atomic per cent hydrogen was indicated, with 
a, increasing from 2-95 to 3-11 A and c¢, from 4°69 to 5-02 A. The 
crystal structure of the hydride has been investigated by H Ace, 
McQuitian,” Gres and 


who confirmed the 


Kruscuwitz,”” and FirzwitiiaM et al.,“ 
structure as being face-centred cubic with a lattice 
tant of about 4-40 kx. McQuillan reported that the lattice para 

of the hydride increased from 4 JU kx in the alpha plus gamma 

region t t +1, at 61-7 atomic per cent in the 


gamma region, indicating 
ween titanium and hydrogen. The lattice 
‘xpansion in the hydride is apparent, because, if pure titanium were to 


rystallize with a face-centred cubic structure, it would have a lattice 


onstant of about 4-2 “vidence for a higher hydride of titanium 


is been presented et al.“* This hvdride is stoicheiometric 


H. und is reported o | formed at high ressure A tetragonal 
| 


dicated by neutron diffraction has not been confirmed,“ 
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\t any rate, Ehrlich found that the 
titanium was 30 atomic per cent (12 pel 
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riO composition, was found to have 


, ad >» to 55-5 itomk per cent oxvgel 
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im—Ox\ n diagram, comp! * through gamma 
rk of Bumps et al..“® is shown in Fig. 6. According t« 


the alpha—beta field terminates in a peritectic reaction 
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1900°C at 10 per cent oxygen and a maximum solubility of 14-5 per 
cent oxygen. A new phase, designated as delta, was found to form 
sluggishly in a peritectoid reaction between gamma and alpha titanium 
at 925°C. The effect of oxygen on the lattice constants of the hexagonal 
close-packed alpha phase is to increase the c-value while maintaining 
the a-value substantially constant up to the solubility limit of 14-5 
per cent oxygen. The c/a ratio increases from 1-59 to 1-63 over this 
composition range. The a-value of the face-centred cubic gamma phase 
decreases linearly from 4-180 A at 22 per cent oxygen to 4:162A at 
Atomic ‘le Oxygen 
= 50 
ngie pnose 
2000} } | * Phase mixture 
» Partial melting 


© Complete melting 
Incipient melting 


1900} 
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Fig. 6. The titanium—oxyvgen system, according to Bumps ef al.'** 


28 per cent oxygen The intermediate phase between alpha and gamma 
was reported tentatively to have a tetragonal structure with c 
6-645 A. a 5-333 A, and c/a 1-246. 


Titanium Nitroge n System 
The titanium—nitrogen system was determined by Patty et al.,"° and 
is shown through the delta (TiN) phase in Fig. 7. An enlarged section 
of the transformation region with iodide and sponge (of unreported 
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The titanium—nitrogen system. PALty ef al.'* 
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interstitial content) is shown in Fig. 8. The sponge-base system has a 
wider two-phase region because of the alpha-stabilizing and beta- 
stabilizing impurities. The maximum solubility of nitrogen in beta is 
about 1-9 per cent nitrogen at the « + L = # peritectic. The maximum 
solubility of nitrogen in alpha is about 7 per cent nitrogen at the 
6+ L =z peritectic. Epsilon-phase formation is sluggish. This phase 
has a tetragonal cell, a 1-72 A,c = 5-61 A. 

The titanium—nitrogen system was described earlier by Exruicu,'™: ® 
with results in good agreement with those of Patry.“® However, the 
conditions of equilibrium as regards temperature were not adequately 
described by Ehrlich. The alloys were prepared by nitriding titanium 
at 1200°C, using an atmosphere of nitrogen, and were homogenized at 
the same temperature. It is probable that the results may be taken as 
corresponding to equilibrium somewhere around this temperature. 
The terminal solubility of nitrogen in alpha titanium was reported to 
be 18-7 atomic per cent (6-3 per cent by weight) on the basis of x-ray 
diffraction data. Only one other solid phase was found to exist. This 
was a face-centred cubic (NaCl type) phase around the composition TiN, 
with a range of homogeneity from 24-6 to 50 atomic per cent (11 to 
22-6 per cent by weight). The lattice constants of this phase increased 
from 4-213 A to 4-234 A over its range of homogeneity. This phase, 
which is designated here as delta (TiN), is structurally identical with 
the gamma (TiO) and delta (TiC) phases. 


Titanium—Carbon System 
The titanium—carbon system was determined by Caporr and NIELSEN‘) 
up to 20 per cent carbon, as is shown in Fig. 9. The reactions in the 
system were: 
B(O-1C) + 6(12C) = a«(0-5C) (920°C) 
L(0-2C) + d(11C) = A(0-75C) (1750°C) 

The peritectoid reaction is substantially the same as that reported 
by JAFFree et al.,"© but the extent of solubility of carbon in delta, 
reported by Cadoff (11 to 20 per cent carbon) is less than that reported 
by Exruica,’ who found the delta had a very broad range from 22 to 


50 atomic per cent (6-6 to 20 per cent by weight). Ehrlich’s value for 


the lower composition limit of delta was in good agreement with the 
value reported by Ragone and Rengstorfft according to H ANSEN ef al.) 
The delta phase has a face-centred cubic structure. Ehrlich reports 
that a, increases from 4-27 A to 4-32 A over the range of homogeneity. 


CONSTITUTION OF THE ALLOYS OF TITANIUM WITH 
SUBSTITUTIONAL SOLUTE ELEMENTS 
Much progress has been made toward developing the phase diagrams 
of the technically important alloying elements in titanium. Based on 
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that information, it is possible to classify the systems according to the 


six basic types presented in Fig. 2. If the alloying element has small-to 
negligible solubility in either of the allotropes of titanium, it may be 


classified as a compound-forming element. So far as is known, excepting 
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rABLE 1 
f Substitutional Solutes Based on Effect of 


Alpha—Beta Transformation 


® 1lp/ 1i~Beta ITaomorphous 
J } 
Zr, Zirconium 


Beta Isor 


Mn, Mar ypanost 


range Since silver is of technical interest as a brazing material! the 


complete diagram given by Adenstedt and Freeman is shown in Fig 


10. The system is of the eutectoid type with a eutectoid at 17 per cent 
silver and 849°C according to Adenstedt and Freeman, and 23 per cent 
silver at 855°C according to Worner. The alpha solubility is relatively 
large, and the eutectoid temperature high, indicating that silver is not 
strongly beta stabilizing \lso, beta may not be retained on quenching 


for any silver content.“ 
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The titanium-—silver phase has been shown by Van THYNE et al,’ 
be an ordered copper-gold-type superlattice, with a 4-096 kx, 
( 4-069 kx and c/a 0-993. Worner, on the other hand, obtained 
evidence for the ordered Cu,Au-type superlattice at about Ti,Ag. 
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The titanium—silver system, according to ADENSTEDT and 
FREEMAN ‘**) 


Possibly the range of homogeneity in the intermediate phase range is 
sufficiently broad to include formation of both ordered phases from 
solid solutions 


Titanium—Aluminium System 


Aluminium is the only substitutional solute that has been conclusively 
shown to be a strongly alpha-stabilizing solute for titanium. This was 
first shown by OGDEN et al.,'*’ who studied the solid-state equilibria in 
alloys with up to 50 per cent aluminium at temperatures up to 1100°C, 
and also determined melting-point data on alloys with up to 30 per 
on alloys with up 


cent aluminium. A later diagram by Bumps et al.,‘” 


to 60 per cent aluminium was in good agreement with the early 


diagram, and, furthermore, showed the solid phase equilibria at tem- 
peratures up to 1400°C and included melting-point data. Duwerz and 
Taytor™? have given data on the phase boundaries of the alpha and 
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gamma phases at 750°C. The aluminium-rich portion of the diagram 


was studied by Fink et al.) Fig. 11 shows the titanium—aluminium 
phase diagram resulting from the work of these investigators. (A more 
recent study by Sacet et al.“ has resulted in a much more complex 
phase relation, shown in Fig. 49, and is discussed in connexion with 
high-alloy-content alpha alloys.) 

There is a broad alpha field extending to about 25 per cent aluminium 
at low temperatures, with the transition in titanium extending upward 
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Fig. 11. The titanium—aluminium system: 


in a narrow, two-phase alpha—beta field to 1250°C at 30 per cent 
aluminium, where a peritectoid reaction forming gamma occurs. The 
beta phase terminates in a peritectic reaction at about 1460°C. 
OGDEN et al.'*®) found no difference between the incipient and complete 
melting temperatures for alloys with up to 10 per cent aluminium, 
indicating that the freezing range must be very narrow. Gamma, the 
intermediate phase based on TiAl, extends over a range of compositions 
which widens on the aluminium side at elevated temperature. The 
only other compound is TiAl,, which forms a peritectic with the 
aluminium melt containing 0-15 per cent titanium at 665°C. 

A comparison of the phase boundaries found by various investigators 
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for the alpha and gamma phases at around 750°C, where composition 


does not change much with temperature, is given below 


Fig. 1l was drawn with due weight given to these findings. 

Aluminium decreases the lattice parameters ol alpha titanium'**, 9) 
and increases c/a from 1-59 to about 1-603 at 15 atomic per cent 
aluminium (8 per cent by weight), after which the value stays constant 
to the limit of solubility. The structure of the gamma phase is ordered 
face-centred tetragonal, with the AuCu type ol ordering.‘**, ) DuwEz 
and TayiLor give the following data on the lattice constants of 


yamma Ove! the range ol homogeneity. 


The microstructures of titanium—aluminium alloys in the alpha range 
closely resemble those of unalloyed titanium. Working and annealing in 
the alpha field produces equiaxed alpha struc tures. The transformed-beta 
structures are typi lly serrated alpha in appearance In the alpha 
gamma region, gamma precipitates from alpha, giving rise to a banded 
structure. The gamma phase has a twinned equiaxed structure, 


reminiscent of alpha brass 


soron Syusten 


Boron has : small solubility in both alpha ind beta titanium and 
does not : t the transformation.”: * Thus, it fits the case for a 
compound-forming element with titanium almost perfectly OGDEN 
and JAFFEE” reported that the first compound which was probably 


Ti,B had a hexagonal close pac ked structure Pal ry ef al report 


that Ti, B exists at elevated temperature and decom poses to alpha 
and TiB. TiB, is given as the other compound in the system. Post 
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and GLASER™* report the existence of Ti,B with a tetragonal structure. 
KnRiicu™ reported a TiB phase (ZnS-type structure) and a TiB, 

| YI 2 
phase (A1B,-type structure). 


Titanium—Beryllium System 
Beryllium, with its atom size intermediate between the ranges for 
extensive interstitial and substitutional solid solution, is a compound- 
forming element with titanium. The solid solubility of beryllium in 
alpha titanium was believed to be considerably less than 1 per cent 
according to CRAIGHEAD et al. However, it was found that there 
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The titanium—niobium. HANSEN ef al.'*) 


was an appreciable solubility, between 1 and 2 per cent, in the beta 


phase. This shows that beryllium dissolves as a substitutional solute 
in titanium. Otherwise, the alpha solubility would be greater than that 


in the beta phase. 

ExRLICH™ found two intermediate compounds in titanium—beryllium 
alloys prepared by sintering compacts at 1300-1600°C. The first 
phase had a range of homogeneity from TiBe,.,, to TiBe (42-8 to 50 
atomic per cent Be). Its structure could not be determined. The 
second phase corresponded to TiBe, and had a MgCu, type structure, 
with a lattice constant of a 6-435 A. Indications were that there 
2 


20 5. 


was some range of homogeneity in TiBe, 
Titanium—Niobium (Columbium) System 


Niobium (columbium) is beta stabilizing and forms a beta-isomorphous 
system with titanium, as shown in Fig. 12. The beta transus could 
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only be determined with certainty down to 750°C because of residual 
coring in the high-niobium alloys. Quenched from the beta field, 
titanium—niobium alloys with up to 36 per cent niobium were found 
to exhibit martensitic transformation from beta to alpha. Above 
36 per cent niobium, the beta phase could be retained by quenching. 
The beta parameter curve showed a slight negative deviation from 
Vegard’s law. The solubility of niobium is about 4 per cent niobium at 
600°C 


Titans Mp ( ‘ohalt ss yste m 


The titanium—cobalt system up to TiCo, according to ORRELL and 


Fontana, is shown in Fig. 13. The system is beta stabilizing with a 
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beta eutecto it cobalt and 685°C, and two intermetallic 
compounds, Ti, n early diagram was prepared by 
WALLBAUM 4 me ive ty modifications of Ti O» which have 
und TayLor.'* The intermediate 

em. according to Duwez and Taylor, 

RosToKER™ has presented indicating that high-purity Ti,f oO 
has a cubic MgCu,-type structure with a 6-73 A. Further, he indi 
cates that the compound containing oxygen Ti,Co,O0 which is 


structurally an yus to Fe.W.! has a tace-centred cubic structure 
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with a 11-295 A. This appears to be the case because of other 
compounds of the type Ti,X,O0 to Ti,X,0. Rostoker concluded that 
when X was cobalt, iron or manganese, this face-centred cubic struc 
ture with 96 atoms occurred with oxygen but did not without. When 
X was copper or nickel, the structure occurred with and without 
oxygen. Later, in a discussion of the paper by ORRELL and Fontana, 
Rostoker, on the basis of additional work, reversed his position on the 
existence of Ti,Co and agreed with the structure reported by Duwez 
and Taytor™® and Laves and WALLBAUM.®) 
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Fig. 14. The titanium—chromium system. CUFF, GRANT and FLor‘*) 


Titanium—Chromium System 


The results of several investigations of the titanium—chromium 
system have been in good agreement and have provided a good under 
standing of the system. Curr et al.) have investigated the entire 
system, and their results are presented in Fig. 14. The features of the 


titanium—chromium system are: (1) a minimum in the melting point 


of the complete series of beta solid solutions, (2) limited alpha solubility, 
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in the vicinity of 60 per cent chromium, showed that the structure was 


isomorphous with MoeCu.. face-centred cubic with 24 atoms per cell, 


with a 6-929 kx. Thus, the compound has the ideal structure but 


some titanium atoms replace chromium atoms in the lattice, such that 
its actual composition is less than 68-5 per cent chromium, stoicheio 
metric composition. VAN THyNne et al.“ give the composition as 
67-68 per cent chromium, while Curr et al.“ give 60-65 per cent 
chromium; both investigators report 1350°C as the temperature of 
decomposition to beta. Cuff et al. give a structure in agreement with 
Duwez, but with a smaller unit cell, a 6-91 A (6-90 kx). Levincrer™® 
found that at 1300°C, there is a hexagonal close-packed high-tempera 
ture modification of Tit r, with 12 atoms per unit cell (MgZn, type), 
a 4-922 kx, « 9-45 kx, c/a 1-614 

Retention of the beta phase after quenching has been reported with 
minimum chromium contents of 6-5 per cent,“ 7 per cent" and 
10 per cent ‘ Below these contents, martensite or alpha prime 1s 
formed with increasing amounts of retained beta as the chromium 
content increased 

Titanium oppe? System 

The titanium—copper diagram, according to JOUKAINEN et al.,“ is 
shown in Fig. 15. It is a beta eutectoid system with limited alpha 
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solubility and four peritectically formed intermediate phases. A. D 
MoQurttan™ determined the transformation range, using the 
hydrogen-pressure method. In Fig. 16 his results are compared with 
those of Joukainen et al. who determined the transformation range by 
the metallographic method also using iodide alloys Relatively good 
agreement is obtained on the maximum solubility of copper in alpha 
titanium at about 2 per cent copper, but the eutectoid temperature 
differs, 776°C™ and 798°C.“ In a study of the heat treatment of 
iodide titanium—copper alloys, HoLpen et al.,“’ showed that 790°C 
was below and 810°C above the eutectoid temperature, in agreement 
with the 798°C value 

The beta phase is not retained in quenching from the beta until 13 


per cent copper.“ The eutectoid reaction is very active.“ The 
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Fig. 16. The transformation range in high-purity Ti—Cu alloys 


intermediate phases in the titanium—copper system have been difficult 
to obtain as single-phase structures because of the sluggish nature of the 
peritectic reactions A considerable difference exists between the 
phases reported by JOUKAINEN ef al.“ and those reported by 
Karisson.) However, a diffusion-couple experiment performed by 
Joukainen indicated that there were four intermediate phases in the 
system and that the structures obtained from melted and homo 
genized allovs agreed with those obtained from sectioning the diffusion 
couple through the compound layers. Therefore, it is most probable 
that the compounds formed were Ti,Cu, TiCu, Ti,Cu, and TiCug,. 


The Ti,f u phase has the face-centred cubic Fe,W,C type structure, 


with 96 atoms in the unit cell, and a 11-24 kx, according to 
RostToker.™ This was in agreement with Laves and WALLBAuM 
and JOUKAINEN et al.“ Karisson® found the same structure in 
Ti,Cu,O to Ti,Cu,0, as did Rostoxer,® but, inexplicably, Karlsson 
did not find it in Ti,Cu 
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Titanium—Iron System 
The titanium—iron system, according to the review by HANSEN et al. ,5®) 
is shown in Fig. 17. Van Tuyne et al.“ and WornER”™ are in excellent 
agreement, taking into account the fact that Worner used commercial 
titanium, while Van Thyne ef al. used iodide titanium for preparing 
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Fig. 17. The Ti—Fe system. HANsEN‘®*®) 


the titanium-rich alloys. McQurian’s®) determination of beta 
transus down to 800°C by the hydrogen-pressure method also agrees 
well. 

The system is a beta-eutectoid type with a eutectic at 32 per cent 
iron and 1080°C between beta containing 25 per cent iron and TiFe 
WorNER™) located the eutectoid at 15-5 per cent 


(54 per cent iron). 
Retention of the beta phase by 


iron at a temperature of about 600°C. 
quenching occurs at iron contents of about 4 per cent or more. As with 
the titanium-chromium alloys, the eutectoid decomposition of beta 
phase is very sluggish, but is accelerated by interstitial contaminants. 
Van Tuyne et al.“ observed eutectoid decomposition only in 
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hypereutectoid alloys or in hypoeutectoid alloys close to the eutectoid 
compositions after very long soaking 

The solubility of iron in alpha is very low 0-9 per cent® and 

0-5 per cent’ being reported. From observations on the presence 
or absence of beta phase resulting from the iron impurity in commercial 
titanium, the writer is of the opinion that the solubility of iron in alpha 
titanium is between 0-05 and 0-10 per cent. 

The TiFe compound has been reported by WorRNER”™) to melt 
at about 1250°¢ Van Thyne and co-workers believe it probably 
is formed peritec tically It has a body centred cubic CsC] type struc 
ure 2 atoms per unit cell, and a 2-97 according to DuwEz 
and Tayior,* who give the next higher compound as TiFe,, with a 
hexagonal MgZn,-type structure, 12 atoms per unit cell, a 1-779 A. 
7°760 A. The riFe, ph use forms a eutectic with alpha iron con 


taining 6-5 per cent titanium at L310 


ly work by Duwez and Taytor,™ reporting the existence of 
face-centred cubic with 96 atoms per unit cell, has not been 
ntiated. This probably was the result of oxygen contamination, 
forming Ti,Fe,O as suggested by Kartsson®* and demonstrated by 


) 


ROSTOKER 
Titaniun Hafnium System 

There are no data on the constitution of the titanium—hafnium system, 

but it is very probably an alpha—beta isomorphous system (complete 

miscibility in both alpha and beta phases Hafnium transforms from 

he xagonal close packed to bodv-centred cubic structure at about 

pilin 

un WV Ingdanese Syste mn 


The titanium—manganese system according to MAYKUTH ef 

shown in Fig. 18. The system is a beta-eutectoid type. The eutectoid 
composition 1s 20) per cent manganese, and the eutectoid temperature 
for high-purity alloys is 550°¢ In discussion of the May kuth papel 


Rostoker presented data indicating that gamma phase was formed 


peritectoidally at about 950° rather than peritecti uly at 1200° 


‘| he re appears to be no basis tor deciding whi h reaction 18 correct at 


the present time 
The titanium—manganese system is characterized by the extreme 


u isht ess ot its solid state reactions Although the heta eutectoids 


in the titanium—chromium and titanium-iron are sluggish, they are not 
m—manganese eutectoid. A high-purity 


nearly so sluggish as the titaniu 


hypoeutectoid alloy containing 15 per cent manganese was held 60 
davs at 500 -( without evidence ol eutectoid reaction 
Bet 118 retained on quenchi oy titanium manganese allovs containing 


above about h wpe! cent nr neanese,‘” Below this composition, 
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typical martensitic structures are formed in quenching. The alpha 
solubility of manganese is low, reaching a maximum of only about 
0-5 per cent manganese at about 600°C. 
The compounds in the titanium—manganese system are typically 
difficult to isolate because of the reaction sluggishness. Despite the 
Manganese at.% 
op 


+ 
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® Optical observation 
Thermal analysis 
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Fig. 18. The Ti-Mn system. MAYKUTH et al."® 


use of long homogenization anneals and slow cooling through the 
freezing range, Maykutru™) was not able to prepare single-phase 
gamma (TiMn) compound. The delta phase (TiMn,) apparently forms 
congruently from the melt, but, because of its narrow range of homo 


geneity, is difficult to prepare as a single phase. It is based on TiMn, 


(69-6 per cent manganese) but has a composition of 66-9 per cent 
manganese on the titanium side. WaLtiBaum™*) identified the TiMn, 
phase as a hexagonal MgZn, type with a = 4-81 kx, c = 7-88 kx, 
and c/a 1-638. 

T'itanium—Molybdenum System 
Molybdenum is beta stabilizing and forms a beta-isomorphous system 


with titanium.’ ® Fig. 19 shows the diagram worked out by HANSEN 


91 





PROGRESS IN METAL PHYSICS 


etal.) The melting range is increased by molybdenum, the alpha—beta 
field is relatively broad, and the alpha solubility is very limited. 
Duwez’) reported a transformation-temperature range for titanium 
molybdenum alloys somewhat higher than that found by HANSEN ef 
al.“ This may indicate contamination in Duwez’s alloys, since 
oxygen and nitrogen raise the beta transus of alpha—beta alloys. For 
titanium—molybdenum alloys made with commercial titanium (con 


taining 0-14 per cent oxygen, 0-007 per cent nitrogen, 0-02 per cent 


Atomic “le Molybdenum 
>a0k 10 20___30 40 50 60 70 8090 





Temperoture 
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we ght "le Moly bdenum 


‘he Ti-Mo system. Hansen ef al." 


carbon and 0-10 per cent iron), Hansen found that the titanium 


molybdenum beta-transus temperatures were about 20°C higher than 


for iodide-base alloys 
The martensite transformation temperature of titanium is depressed, 


with increasing amounts of beta phase being retained, as the molvb 


9 


denum content is increased Finally, at molybdenum contents 


ot 11-12 per cent heta phase is completely retained on quenching 
from the beta field.“ ™ 

The solubility of molybdenum in alpha titanium is low. The only 
data available are a reported maximum value of about 0-8 per cent™ 


and a value of less than 0-8 per cent molybdenum at SOU 'U,'* 
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Titanium—Nickel System 


According to MARGOLIN et al.,® nickel forms a beta eutectoid system 


with titanium, featured by very limited alpha solubility, a beta eutectoid 
at 6-5 per cent nickel, and a low-melting eutectic at 955°C and 28 per 
cent nickel between the terminal 13 per cent nickel beta phase and Ti, Ni. 

The beta phase can be retained by quenching when 8 per cent nickel 


(59) 


or more is present. However, the beta eutectoid reaction is not so 
sluggish as the beta eutectoid reactions in the titanium—iron and 
titanium—chromium systems. McQuimLLan? determined the £/a + £ 
boundary for alloys containing up to 5 per cent nickel, using the 
hydrogen-pressure method, and obtained values considerably lower 
than those of MARGOLIN et al, 

The crystal structures of the three intermediate compounds in the 
titanium—nickel system, according to Duwez and Taytor,® are 
tabulated below. 


Ti,Ni TiNi, 


Structure type Face-centred cubic Body-centred cubic Hexagonal 
(CsCl) DO,, type 

Atoms in unit cell 06 96 16 

Lattice constants (kx) 11-310 2-980 5-093 


9-276 


Both Ti,Ni and Ti,Ni,O give the same Fe,W,C-type pattern, accord- 
2 a+Nly 3g VV gv -bype | 

ing to Rosroker,®) just as in the parallel case of the Ti,Cu compound 

in the titanium—copper system. 


Titanium—Silicon System 


The titanium-silicon system as determined by HANSEN ef al. is 
shown in Fig. 20. Silicon is primarily a compound-forming element 
with titanium. Its beta-stabilizing tendency is slight, the eutectoid 
temperature being only 25°C below the transition temperature of 
titanium. At the eutectoid temperature, the terminal alpha solubility 
is about 0-4 per cent silicon and the eutectoid composition is about 
0-9 per cent silicon. Silicon may be considered as only slightly soluble 
in titanium, with a solubility line that jogs slightly at the transition 
temperature, such that more silicon is soluble in beta than in alpha 
titanium. 

Three compounds exist: Ti,Si,, TiSi and TiSi,. PreTRoKOWSKY 
and Duwez' determined the crystal structure of Ti,Si, as hexagonal, 
Type Ds 


_ 


with 16 atoms in the unit cell. The compound is structurally 
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isomorphous with Mn,Si,, Fe,Si,, Ti,Sn,, and Ti,Ge,. The diffrac- 
tion pattern of the TiSi phase was tabulated but not determined. 


The TiSi, phase has a rhombic structure of the C54 type.‘ 


Atomic “te Silicon 
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ri-Si system. HANSEN ef al,‘*” 


Tantalum System 


The titanium—tantalum system, according to MayKkutsu et al.,™ is 
beta isomorphous. The solubility of tantalum in alpha is relatively 
large for a beta-stabilizing ment, amounting to a maximum of 15 
per cent at lower temperatures. SUMMERS-SMITH was in substantial 
agreement with Maykuth, except for a lower alpha solubility. Beta 
is retained after quenching alloys with tantalum contents above about 
+0 per cent The higher-tantalum-content alloys are difficult to prepare 
because of the refractory nature of tantalum and its high melting point 
Coring of the high-tantalum-content allovs is severe, and diffusion is 


sluggish, such that it is difficult to obtain homogeneity in these alloys 


mi Tin Syats m 


6 


The titanium—tin system, according to WORNER is shown in Fig. 21 


The minimum at 10 per ce in in the beta transformation region was 
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not observed by Fray et al.,“) but was found at about 15 per cent 
tin by A. D. McQuittan.“? Tin does not have a pronounced effect 
on the transformation, and has a solubility of roughly 20 per cent in 
both alpha and beta phases. The first compound in the system is 
Ti,Sn, which has a hexagonal Dj, lattice with a, = 5-905 kx, c, 

4-754 kx, c/a 0-805, and 2 molecules per unit cell.) The second 
which has a hexagonal lattice of the D8, type, 


compound is Ti,Sna,, 


Atomic % Tin 





Ternperoture 
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Weight % Tin 


Fig. 21. The Ti-Sn system. Worner‘*®? 


is isomorphous with Ti,Si,, with a 8-033 kx, c, = 5-443 kx, and 
C 0-678. 

K. McQurttan®®) recently suggested that the range of homo 
geneity of the Ti,Sn phase is relatively wide and is separated from 
alpha by a relatively narrow phase gap, and that the attainment of 
equilibrium between random alpha and ordered Ti,Sn phase was 
exceedingly slow. PreTrokowsky and Frink,"* at about the same 


time, presented a detailed phase diagram which departed considerably 


from the previous diagrams in that there was no minimum in the trans 
formation range, the terminal alpha solubility was 8-5 atomic per cent 
tin, the beta had a eutectoid at 9-5 atomic per cent tin and 865°C, there 
was no homogeneity indicated in Ti,Sn, and a new phase, Ti,Sn, with 
a “‘filled’’ B8-type structure between Ti,Sn and Ti,Sn,. Additional 


study will be required to rationalize the differences. 


Titanium—Vanadium System 


The beta-isomorphous titanium—vanadium system, as determined by 
ApeEnstept et al.,‘® is shown in Fig. 22. The system is characterized 


95 





PROGRESS IN METAL PHYSICS 


The titanium—vanadium system. ADENSTEDT, PEQUIGNOT 


and RaymMeEr‘** 
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by a minimum in the solidus temperature at about 30 per cent vana- 
dium. The transformation range was determined both for iodide 
titanium and commercial titanium base, and is shown in Fig. 23. In 
accordance with expectation, the alloys made with the commercial 
base have a slightly higher beta transus (from oxygen, nitrogen and 
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Fig. 24. The titanium—tungsten system. MAYKUTH ef al.‘®*? 


carbon contamination) and slightly lower alpha transus (from iron 
contamination). PieTrRokowsky and Duwez®®) have published a 
transformation diagram for iodide-base titanium-rich alloys, which is 
in general agreement with that shown in Fig. 23. 

The vanadium content at which beta phase is retained on quenching 
has been placed almost at 15 per cent vanadium by PrerTrokowsky and 
Duwez. ApENSTEDT et al.) also indicate that beta phase is retained 
at 15 per cent vanadium. A minor negative deviation from Vegard’s law 
is indicated near the vanadium side of the system by PreETROKOWSKY 
and Duwez,'® but the data given by ADENSTEDT et al.‘®* fit Vegard’s 
law quite well. 
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Titanium T'ungste i] Syste yn 
Maykutsu et al.) have shown that the titanium—tungsten system is 
of the beta eutectoid type. Fig. 24 shows the phase diagram of the 


system. The melting point is increased by tungsten up to 1880°C, 


where a peritectic reaction occurs The beta phase undergoes a eutec- 


toid reaction at 715°C and 28 per cent tungsten, forming alpha titanium 
and tungsten solid solution. The solubility of titanium in tungsten is 
about 5 per cent. Quenching titanium—tungsten alloys from the beta 
field produces martensitic structures for alloys with up to about 20 per 
cent tungsten, above which beta phase is retained on quenching. The 
solubility of tungsten in alpha is small, being only about 0-7 per cent 
tungsten maximum at the eutectoid temperature 

The alloy s with high tungsten contents are probably the most difficult 
of all titanium alloys to prepare by melting because of the refractory 
nature and high density oft tungsten. 


Titanium Zirconium Syste mn 


The alpha—beta isomorphous titanium—zirconium system, as determined 


by Hayes ef al.," is shown in Fig. 25. This diagram was determined 
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HAYES, ROBERSON and 


using sponge titanium and zirconium and melting in graphite. The 
first determination of the nature of the titanium-—zirconium system 
was by Fast,“ who worked with high-purity titanium-zirconium 
alloys prepared by co-deposition, using the iodide method. His trans 


formation diagram was in essential agreement, so far as it went. with 
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that of Hayes and co-workers. Therefore, the oxygen, nitrogen and 
carbon present in the alloys used in the Hayes work probably did not 
have a significant effect in increasing the transformation temperature. 

The beta-stabilizing tendency of zirconium is apparent from the 
strong decrease in transformation range with increasing zirconium 
content. Duwesz'*) has shown that quenching from the beta field will 
produce some retained-beta phase as well as martensite over the range 
from 20 to 80 per cent zirconium. M, temperatures follow the transus 
temperatures, but are lower. The M, temperatures reach a minimum 
of 490°C at 50 atomic per cent (65-6 per cent by weight) zirconium, 
compared with the minimum in the transus of about 525°C at the same 
composition. 


PLASTIC DEFORMATION 
Slip and Twinning 
The studies of the deformation of titanium and its alloys have been 
confined almost entirely to alpha titanium. Three slip planes have been 
observed: basal {0001} by ANDERSON ef al. and CHuRcHMAN;‘7* 
prismatic {1010} by ANDERSON et al.,'9) CourcHMAN'*) and Rost et 
al.;5) and pyramidal {1011} by CHurcuman' and Rost et al.‘7) 
The slip direction has been determined to be the close-packed diagonal 
1120> by ANDERSON et al.'7) and Rost et al.,() giving rise to three 
slip systems, as follows: 
(0001) 1120 
f1010} <1120 
1011} <1130 


Rost et al.) observed chiefly prismatic slip in their studies. The 
absence of observation of basal slip may have been because none of 
their specimens was suitably oriented. 

Twinning was observed in iodide titanium by Rost et al.) and 
ANDERSON et al.'7) on the {1012}, {1121} and {1122} planes. Cuurcu- 
MAN‘7#) reported twinning on the {1012} and {11 


l 


ri 


2} planes in titanium 
containing 0-1 per cent interstitial content, but not on {1121}. In 
addition to these twinning planes, which appear to be the predominant 
ones, Liu and Sremsere'® reported twinning on the {1123} and 
{1124} planes in single-crystal flakes of electrolytic titanium. 

The slip mode appears to be dependent on strength level of the alpha 
titanium. CHurcHMAN’* did not observe pyramidal slip {1011} in 
high-purity titanium, but did in titanium containing 0-1 per cent 
interstitial content (oxygen plus nitrogen). 

At low temperature, 196°C, Rost and Perkins report only 
prismatic slip {1010}, but twinning on all five twinning planes 1012}, 
{1121}, {1122}, {1123} and {1124}. At elevated temperature, 800°C, 
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Rosi reported all three slip modes operative, but twinning only on the 
lol2 In contrast, McHareuve and Hammonp'”) found {1121} and 
{1122} twinning and only prismatic and pyramidal slip at 865°C. 

It appears that alpha titanium has a multiplicity of deformation 
mechanisms. Twinning is most important at low temperature and in 
high-purity metal. Slip along the prism and pyramidal planes is impor 
tant early in the deformation process, but basal slip becomes of 


increasing importance after large amounts of deformation. 


Deformation Textures 
The cold-rolled texture of titanium has been found by a number of 
investigators’? *. 75. ®) to consist of (0001 1010) rotated about 30 


0001 Pole figures 


(0°) 


titanium and two alpha alloys after 
McHARGUI 


us shown in Fig. 26. This is a deviation 


ire for hexagonal metals, in which the basal 


ling plane. WriiiaAMs and Epre_sHemer™ have 


n that the texture may be considered as resulting from an equili 


ium between slip—which would result in a purely basal texture for 


1e three possible modes—and twinning—which would tend to produce 


a texture rotated 90° around the rolling direction Hot rolling in the 


alpha field has been shown to produce about the same texture, but with 


a larger spread 
The tension and compression textures reported are consistent with 
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the rolling texture. Wi.iaMs and EppetsHemer™ have given the 
compression texture as (0001) rotated 30° from the compression axis. 
McHareve and Hammonp"® and YEN and Nre.sEen®) have reported 
the tension texture to be [1010]. 

Alloying causes large alterations in the deformation mechanisms, 
which, in turn, are reflected in the deformation textures. The rolling 
textures of Ti-7-1Zr and Ti-3-8Al alloys, obtained by McHareur 
et al.,* are shown in Fig. 26. The Ti—3-8Al alloy exhibits almost a 
pure basal texture, probably because of inhibition of twinning. The 
Ti-7-:1Zr alloy shows a tendency to develop a secondary (0001) 
maximum at about 20° inclination toward the rolling direction. This 
secondary-texture effect was noted in high-interstitial-content com- 
mercial titanium by Williams and Eppelsheimer, and may result from 
a greater amount of twinning on the {1012} in preference to {1122} 
compared with high-purity titanium. 

Textures of cold-rolled and annealed titanium have been reported by 
several investigators.'’*, 7%, 51, 86) Low-temperature annealing up to 
about 500°C only serves to sharpen the cold-rolled texture. At higher 
temperatures in the alpha field, McHarcue and Hammonp® and 
WiLuiaMs and Eppe_sHermmer® observed an increasing tendency in 
annealed iodide titanium to form a second texture of (0001)[1120] 
rotated 30-35° around the rolling direction. In commercial titanium 
annealed at 800°C, Williams found a somewhat different texture, 
similar to that found by KEELER and GersLErR,"” which consisted of a 
(0001)[ 1010] texture with the [1010] axis 14-20° from the rolling direc 
tion and the (0001) plane 35° from the rolling plane. This suggests that 
interstitial solutes have a considerable influence on the recrystallization 
texture. 

seta annealing of alpha-rolled titanium does not randomize the 
structure as might be expected at first. Probably the Burgers relation- 
ship, {110}, (0001)., holds on heating from the alpha to the beta field 
and back again during the beta anneal. Thus, McHarGuE and Ham 
monpD'”®) and Keecer and Gerster found the rotated (0001)[1120] 
texture after annealing in the beta field at temperatures not far 
above the transus. KerELER and GeIsLeR™ have shown that if an 
nealing was done at temperatures high in the beta field, the texture 
could be explained on the basis of secondary recrystallization of the 
beta followed by transformation to the alpha in accordance with the 


Burgers relationship. 


Stress—Strain Relations 


The critical resolved shear stresses for slip in alpha titanium single 


crystals have been determined by a number of investigators, as shown 


below. Slip occurs much more readily on the {1010} prism planes 
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than on the basal planes for high-purity titanium 


but not so much so 
lor titanium with hi 


gher interstitial content Also 


there is seen to be a 
pronounced effect of interstitial level on the n wwnitude of the critical 
resolved shear stresses. The stresses in polycrystalline material 
of the same purity level woul > about five to ten 


times higher than 
the minimun ues si 


wn i * Sil 


e crystals 
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decreases the slope of the curve relating log o and log 6, and reduces the 
strain at maximum load. 

In correlating the yield strength with n or maximum uniform strain 
there is no apparent superiority of alpha compared with alpha—beta or 
beta-type alloys, as might be expected. For example, increasing the 
amount of beta phase stabilized by manganese causes a progressive 
increase in initial flow stress and decrease in maximum uniform 
elongation, as illustrated in Fig. 28. 

The yield point as been noted by a number of investigators by 
Rost and Perkins" at moderately elevated temperatures in com 


mercial-base titanium containing 0-05 per cent carbon and 0-08 per 
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Effect of manganese content on the flow curves of titanium 


manganese ulloys unnealed at 750¢ 


cent nitrogen; by Jarree ef al. at room temperature in high 
purity alpha-annealed Ti-N alloys containing 0-07 and 0-29 per cent 
nitrogen; by Ocpen ef al.” in high-purity alpha-annealed Tit 
alloys containing 0-15—-0-47 per cent carbon; and by CHuRCHMAN™® 
at 190—240°C in iodide titanium crystals containing approximately 
0-1 per cent oxygen plus nitrogen High-purity titanium or alpha 
titanium alloys containing low interstitial contents have not exhibited 
the yield point under any conditions. In the alpha-annealed Ti-N and 
Ti-C alloys referred to, the yield point disappeared if the alloys were 
annealed in the beta field and quenched or furnace cooled. In their 
work Rosi and Perkins also noted discontinuous yielding and develop 


ment of Liiders bands at temperatures above 200°C, Churchman found 
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that the yield point could be eliminated by cold working and restored 
by annealing |—2 hr at 180° All of the facts associated with the 
yield point in titanium alloys fit the CoTTRELL mechanism,” whereby 
carbon or nitrogen atoms diffuse to preferred sites under conditions of 
annealing or ageing in the alpha field, and interact with the movement 
of dislocations old work or beta annealing causes the interstitials 
to be broken away from their preferred sites, while annealing or ageing 
restores them 
Strain-rate Effects 

Luster et al. have investigated the effect of strain rate on the flow 


stress of high-purity and commercial-purity titanium and alpha alloys. 


' 
high hardness sp ge) 


Ti-3Al | 


Annecied unalloyed T ] 
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und substitutional elements on the yield 
f alpha alloys at room temperature. 


STER ef 


summarized in Fig It is apparent that the depen 
stress on strain rate in interstitial-containing alloys is 

ial alloys. The effect 

stral nsiti an early commercial 

0-08 per cent nitr n, OOO per cent « irbon) studied 

d Perkins'™ ( ! 1 Fig. 30, where it 1s seen that the 

iround room temperature, and least at 

tures and also above about 200 The high strain 

yw temperatures is reflected in room-temperature 

cret p ! he yield strength, which is customarily 
determined ; trail of 0-005 per minute. In stress-rupture 


curves 1-rate sensitivity appears in curves relating log stress 
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Fig. 30. Dependence of yield strength on temperature for two strain- 
rates: solid circle 0-138 min~'; open circle 0-003 min-'. Rost and 
PERKINS'‘*®*? 
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Effect of temperature on the yield and creep strengths of 
unalloyed titanium. Data from Rem—Cru Titanium Manual, and also 
presented by OGpEN‘** 

versus log time as a line of high slope. These effects are shown for 

commercial purity titanium and Ti-8Mn alpha—beta alloy in Figs. 31 

and 32. It is seen that at room temperature, creep strengths are 

much lower than yield strengths, while at temperatures over 200°C, the 

creep stresses and yield stresses are the same. Stress rupture curves 

show a considerable time dependence at room temperature, while 
around 200°C the stress-rupture curve is practically horizontal. 

The increase in strain-rate sensitivity at low temperature is the result 


of increased interaction between the interstitials and the movement of 
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dislocations, similar to the yield point effects discussed previously. 
The interaction increases further at sub-zero temperatures, and when 
the flow stress finally exceeds the fracture stress, brittle fracture 
results. The temperature of brittle fracture increases with strain rate 
because of the increased flow stresses seen to accompany high strain 


rates 
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AcpHa Trranrum ALLOYS 

The alpha-stabilizing elements in titanium generally have greater 
solubility in alpha phase than in beta phase and, therefore, elevate the 
transformation ran Chevy include aluminium and tin as substitutional 
solutes, and oxyge nitrogen and carbon as interstitial solutes. In 
addition, there are a number of elements which have significant alpha 
solubilities but which decrease the temperature range of transformation. 
These elements, the foremost of which is zirconium, may, of course 
be components of ulpha a Vs 

Unalloved titanium and alpha titanium alloys are not supersaturated 
when quenched om ft beta field. Consequently, they are not 
hardened in the qu hing process. The chief heat treatments prac 
tised on alpha i * anne iling operations tor sottening or relief of 


residual stresses 
Pure Titanium 


oys is high-purity titanium. Thus far 

highest purity t ivailable is “iodide titanium,”’ so called 
it is prepared by tl le Boer process for thermal dissociation of 

im tetradice This metal has been studied in a number of 

tions et al..™® > and JAFFEE and CAMPBELL™ 

lata on the operties of iodide titanium directly swaged 
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et al.“ reported data on small arc-melted buttons of iodide titanium 
rolled to 0-040 in. strip. Also, HOLDEN et al."*) reported properties of 
iodide titanium, melted as larger ingots and fabricated into bar stock, 


(89) 


as annealed in vacuum and argon.‘*?) 
Most of the data on vacuum-annealed material are in substantial 
agreement. The data of JAFFEE et al.“ are considered representative 


and are summarized in Table 2. ; 
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iodide titanium is seen to be 
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relatively low, and the ductility 
extremely high. Grain growth 
in the alpha-phase field is ex P-O0S in fiven 
tremely slow, requiring a fiftyfold 
increase in annealing time at . 
875°C, just below the transition > 4 
temperature, to double the grain 
size from 0-1 to 0-2 mm. Strength 





is relatively independent of equi 
axed grain size, but the quenched 
beta material has significantly 
higher initial flow stresses than 
either the quenched or the 
furnace-cooled material because 
of interference of the heavily 
serrated grain boundaries with 





plastic flow. Fig. 33 illustrates 
the equiaxed and serrated alpha 





grain structures concerned. 
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ceptional ductility, which remains a 
' Temperature Cc 


high at low temperatures, in the 

presence of notches, and at high Fig. 34. Effect of low-temperature and 
strain rates. Fig. 34 from JAFFEE 
et al.™® shows that even at 


strain rate on the tensile strength and 
ductility of iodide titanium‘*®’ 
196°C at impact speeds, notched specimens of iodide titanium have 

over 40 per cent reduction in area. All other test conditions repre 


sented in Fig. 34 show over 60 per cent reduction in area. 


Carbon. Oxyge 7] and Nitroge n 


The mechanical properties of the alloys of titanium with carbon, 
oxygen and nitrogen have been studied by Fintay and Snyper" 
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and JAFFEE et al.,“© whose results are shown in Fig. 35. The strength 
ening effect of nitrogen and oxygen, and to a lesser extent carbon, on 
high-purity titanium is seen to be very large. Tensile ductility at 
room temperature is completely lost at 0-7 per cent oxygen and 0-5 per 
cent nitrogen, well below the maximum alpha solubility. JENKINS and 
WorNER”) also showed 0-7 per cent oxygen as the limit of room-tem 


perature ductility. The carbon solid-solution strengthening effect 


levels off at 0-24 per cent in the work by JAarregr,”® who annealed their 
| : 


jo; tensile and 
psi 


ngation ° 
offset yield strength, 100C 


E 





) Maykuth — 
ot oxygen, nitrogen and carbon additions on the 


mechanical properties of iodide titanium 


alloys at 850°C, and at a somewhat lower carbon content in the alloys 
studied by Frytay and Snyper," who annealed their alloys at 700"( 
and thus had less carbon in solid solution. Gres et al..." showed that 
hot-worked Ti-—C alloys were still reasonably ductile up to at least 1-5 
per cel T carbon 

The order of interstitial soli ution strengthening is seen to be 


nitrogen reatest oxygen, and carbo! least Brown ef al.“ 


» 


correlated the Brinel! hardness with the chemical COM Ppositiol ot 152 


lots of titanium sponge and obtained the following relation 


BHN 196% § 15 204 Ke 


This expression suggests tl riation of hardness with interstitial 
content is parabolic, and not li ilso numerically equates the 
relative strengthening effects Ir his relation the extrapolated hard 
ness for pure titaniun 57 Brinell This is somewhat higher than the 
50-60 VHN titanium reported to have actually been produced, accord 
ing to A. D. and M JuTLLAN.”®) In this hardness range, VHN 
runs to 10-15 points higher than BHN. A. D. and M. K. McQuillan 
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estimate that the highest purity titanium would have a tensile strength 
as low as 22,000 |b/in* 

Commercial! purity sponge titanium can range in interstitial content 
trom 0-04 to 0-15 per cent oxygen, 0-001 to 0-02 per cent nitrogen, and 
0-01 to 0-07 per cent carbon. These interstitials contribute to an over-all 


interstitial content which can be treated in terms of the Brinell hardness 


of the sponge BROWN ef al ’ have correlated sponge Brinell hardness 


with tensile and Charpy impact properties of vacuum-melted wrought 
jum, as shown in Fig. 36. Thus composition and tensile properties 


of commercial titanium may be correlated with sponge hardness 


mmercial 


irdness of 


py impact values drop precipitously at 

50 BHN, which corresponds to a yield 

This is evidence of the detrimental 

ch s¢ nsitivity The variation of notch-bend 

impact values of fine-grained equiaxed titanium with various contents 
of interstitials is shown in Fig. 37. The effect of the interstitials in 
increasing notch brittleness i to be nitrogen (greatest oxygen, 
and carbon (least The data the carbon oxygen alloy shown in 


Fig 30) SU est that the loss « oughness caused by the dissolved 


interstitials is cumulative 
roperties of the interstitial alloys are relatively 


The mechanical pro} 
independent of structure. Grail growth is relatively slow in high purity 
titanium and Ti-N alloys, but is significantly faster in Ti—O alloys, 


according to HOLDEN ef a/.“® Increasing the equiaxed alpha grain 
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size from 0-04 to 0-17 mm reduced the yield and ultimate strengths of 
a Ti-0-29N alloy about 5000 lb/in*.“” Beta heat treatment, eithe: 


quenching or furnace cooling, had little effect on the ultimate strength 
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Fig. 37. Notch-bend impact toughness of high-purity titanium con 
taining interstitials in the fine-grained (0-01-0-(05mm) equiaxed 


conditioned''®*, **, 1% 


of Ti-N alloys compared to strength in the equiaxed alpha condition, 
but yield strength decreased markedly, with loss of the yield point, 
as a result of the nitrogen atom diffusing away from the dislocations." 
Presumably, the yield point could have been recovered by reannealing 
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Fig. 38. Properties of a Ti-0-47C alloy‘*? 


in the alpha field to permit the interstitials to again anchor the disloca- 
tions. The loss of the yield point in Ti—N alloys after beta heat treat- 
ment, therefore, is not thought to be a structural effect resulting from 
beta transformation. 

Titanium and carbon enter into a peritectoid reaction above 920°( 
in which TiC is rejected from alpha Ti-—C solid solution. Also, the 
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solubility of carbon in alpha decreases rapidly as the temperature 
decreases below 920°C. Thus, Ti-C alloys are affected strongly by heat 
treatment. This is illustrated for a Ti-0-47C alloy in Fig. 38.” As 
the annealing temperature increases in the alpha-plus-carbide field, 
more carbon enters solid solution, and the strength increases to a 
maximum at the peritectoid temperature, above which rejection of 
carbide results in a decrease in strength, an increase in notch-bend 


impact properties, and little change in tensile ductility. 


Aluminium Tin and Zirconium 


Aluminium, tin and zirconium are the substitutional alpha-stabilizing 
elements of most interest in titanium alloys. The tensile properties 
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Fig. 39. Mechanical properties of annealed titanium—aluminium alloys" 


reported by OGpEN et al.,2™ for Ti-Al alloys made with high-purity 
and commercial-purity-base titanium are shown in Fig. 39. The curve 
of strength versus composition is seen to curve upward with increasing 
aluminium content. Ductility remains high with additions of up to 
7 per cent aluminium to both base materials. Aluminium reduces the 
density, and increases the modulus of elasticity of titanium by about 
200,000 lb/in? for each per cent of aluminium added.“ The hot 
workability drops off drastically above 6-7 per cent aluminium. The 


hardness of Ti—Al alloys increases rapidly with additions of up to about 


6 per cent aluminium \t higher aluminium contents, the hardness 
104) 


continues to rise, but at a lower rate. This is shown in Fig. 40, 
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which also shows that the Ti—Al alloy hardness curve falls from a 
maximum at a composition corresponding to the alpha-phase-field 
boundary, to a minimum hardness in the gamma-phase field. 

The face-centred-tetragonal gamma phase is of potential technical 
interest, since it has low density (3-8 g/cm*), high modulus of elasticity 
(20-5 « 10® lb/in?), excellent retention of strength at elevated tem- 
perature, and good oxidation resistance, according to OGDEN et al,@%) 
and McAnpREw et al.) However, despite its low hardness, the gamma 
phase has no hot workability or tensile ductility. The alloy has limited 
ductility in compression. OGDEN et al." report that it could be com- 
pressed 8 per cent at room temperature without cracking. The 0-2 per 
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Fig. 40. Effect of aluminium content on the hardness of titanium"? 


cent offset yield in compression was 58,000 |b/in?, and the modulus of 


elasticity was 20-5 « 10° lb/in?. McANpReEw et al.) have conducted 
tensile tests on a cast gamma alloy with 36 per cent aluminium and 
found an ultimate strength of about 40,000 lb/in? at room temperature 
with no measurable ductility. The strength at 1000°C was 36,000 lb/in?, 
with about 40 per cent elongation. However, the alloy had negligible 
impact strength in the unnotched condition at temperatures up to 
1000°C. Attempts to reduce the slight tetragonality (c/a 1-02) and 
improve ductility by alloying were unsuccessful.“ 

The properties of Ti-Sn-base alloys made with high-purity and 
commercial-purity titanium, according to Frnuay et al.,2 are shown 
in Fig. 41. The curve of strength against composition is parabolic, 
with the initial concentrations of tin being most effective in strengthen 
ing. This is in marked contrast with the Ti-Al alloys. Also, it is 
apparent that the strengthening effect of the interstitials in the 
commercial titanium base becomes progressively less as the tin content 
increases. An interesting characteristic of Ti-Sn-base alloys is that 
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Fig. 41. Tensile properties of high-purity and commercial-purity 


ri-Sn alloys in the annealed condition” 
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although they scale in air at a high rate at elevated temperature, they 


are not contaminated by oxygen diffusion.“®. ) This is thought to 
result from a retardation of the rate of diffusion rather than the rate of 
scale formation being greater than the rate of diffusion, inasmuch as 
the effect is noted over a temperature range in which the scaling rates 
vary considerably. The Ti-Al-Sn system forms a group of ternary 
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13. Effect of composition on the mechanical properties of high- 


purity titanium—aluminium alloys'*® 


alpha alloys in which strengths are roughly additive, as may be seen 
from the parallel strength-composition curves shown in Fig. 42, from 
JAFFEE et al,“% 

The mechanical properties of Ti—Zr alloys at room temperature have 
not been studied extensively. Hayes ef al/., using a commercial 
purity titanium base, report strengths of alloys with 15-30 per cent 
zirconium, which indicate a strength increase of only about 500 |b/in? 


for each per cent of zirconium added. 
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Effects of H ydroge n 

Unalloyed Titanium. Hydrogen is practically insoluble in alpha 
titanium at room temperature and is appreciably soluble above 150°C. 
The rate of cooling through the hydride precipitation region governs 
the size and shape of the precipitated hydride particles. At low 
cooling rates, the hydride precipitates in the form of large, thin plates 
oriented in a Widmanstatten array along the ( 1010) prismatic planes‘”® 
throughout the alpha grains, and also as segregates at the grain 
boundaries. This is shown in Fig. 45a. Cooled more rapidly—the 
equivalent of air cooling—the hydride platelets are smaller, with less 
grain-boundary segregate. Quenched through the hydride precipitation 
region, the hydride comes out in a finely dispersed form throughout 
the alpha grains, as shown in Fig. 458. At high magnification, using 
electron microscopy, the dispersed hydride is still platelike.™° 
Apparently, hydrogen cannot be retained in solid solution in alpha 
titanium by quenching, or, if retained, it precipitates at room 
temperature soon afterward 

The hydride has a low density, and rejection of hydride from beta 
titanium at the eutectoid temperature was found by LENNING ef al.“ 
to be accompanied by an increase in volume, which corresponds to 
about 0-1 per cent in a 20 atomic per cent alloy. Rejection of hydride 
from alpha titanium also would be expected to be accompanied by an 
increase in volume. A hysteresis of about 40°C in the temperature for 
solution and rejection of hydride was noted in heating and cooling for 
alloys with 25, 32 and 40 atomic per cent hydrogen.” KOsTER ef 
al.“ showed that the solution of hydride at the solubility limit is 
accompanied by a maximum in internal friction. A second type of 
internal-friction peak was noted in quenched specimens, where a peak 
was found slightly below 0°C 

Hydrogen in contaminant amounts has an almost negligible effect 
on the tensile properties of titanium. This was initially shown by 
JAFFEE and CAMPBELL”? for high-purity alloys with up to 1 atomic 
per cent (200 p.p.m.) hydrogen. This amount of hydrogen also had a 
negligible effect on electrical resistivity. Later work by LENNING ef 
al.“ showed that complete tensile embrittlement did not occur until a 
concentration of 30 atom per cent hydrogen (for high purity titanium) 
or 10 atomic per cent hydrogen (for commercial-purity titanium) was 
reached. 

The presence of hydride has a pronounced detrimental effect in 
increasing the notch sensitivity of alpha titanium. Through control 
of cooling rate, a fine dispersion of hydride may be obtained, which 
results in considerably less notch sensitivity. However, ageing at 


room temperature results in agglomeration of the hydride and loss of 
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notch toughness, as illustrated in Fig. 46, from LENNING ef al.“ The 
slow-cooled condition results in the poorest notch-bend impact strength 
When l atom pel cent hydrogen is present the toughness may be 
increased to practically the same value as that of high-purity titanium 
ry quen hing, but the imp! yved toughness is lost after ageing at room 
temperature for a matter of weeks 

The interrelations of strain rate and testing temperature on notched 
and unnotched Ti-H alloys were studied by JAFrrerE eft al.’ In 
high purity base materia! increasing hydrogen content increasing 
strain rate, decreasing té mperature ind the presence of a notch were 





from alpha 


ipeing 


vctors which could be treated in terms of a ductile-to 
temperature. In commercial-purity-base material 
ng strain rate was not always embrittling and 
ited separately from the other embrittling factors 
is present in conjunction with the soluble interstitials, 

ise notch sel SITIVITY and loss of notch toughness." 
have reported the results of low-temperature 
to evaluate the effect of hydrogen on 
showed that the notch strength decreased 
progressively ith hydrogen up to 900 p.p.n Under conditions of 
extreme notch sel ty the strength of notched specimens becomes 
lower than that of unnotched specimens This may be contrasted to 
the behaviour of ductile 1 terial, where the notch strength is con 
siderably greater than the nnotched strength, the extent depending 

on the depth and severity of the notch 


ilpha Titanium Alloys. The solubility of hydrogen in alpha titanium 


at room temperature appears to be relatively unaffected when 2-5 per 
| | . | 


cent aluminium is present,’ but increases to about 200 p.p.m. when 


5 per cent aluminium is present." The solubility also appears to be 
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increased to between 50 and 100 p.p.m. when 10 per cent tin is present.“ 
Although the room-temperature solubility of hydrogen in the Ti-—5Al 
alloy is increased considerably, the elevated-temperature solubility is 
decreased from a maximum of 2000 p.p.m. to 200 p.p.m., indicating a great 
decrease in the heat of solution of hydrogen and a basic change in the 
nature of the solid solution. Beyond the solubility limit in the Ti-5Al 
alloy, the hydride phase comes out primarily at the grain boundaries 
instead of along the (1010) prismatic planes. When hydrogen is in 
solid solution in alpha titanium containing 5 per cent or more alu- 
minium, it has a significant solid-solution strengthening effect and no 


longer causes increased notch sensitivity.“ 


Elevated-temperature Effects 
The superior strength of the hexagonal close-packed structure over 
the body-centred cubic titanium structure was shown by CHuBB 
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. 47. Elevated-temperature tensile properties of titanium and 


titanium—oxygen alloys. Surrer"!® 


in an abrupt decrease in hardness from 7 VHN to about 2 VHN at 
the allotropic transformation, and by LuNsrorp and Grant) in 


terms of a drop in tensile strength (0-1 hr rupture strength) from 
2000 to 500 lb/in® at the same temperature. Thus, the alpha phase 
is intrinsically better than the beta phase as a base for development of a 
high-strength alloy at elevated temperature. However, alloying effects 
can overcome the factor of crystal structure, so that it does not 
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necessarily follow that alpha alloys will always exhibit superior 
elevated temperature properties to beta alloys 

Surrer™*, 47) studied the tensile properties of alpha titanium 
solid-solution alloys at temperatures up to 600°C. The results for 
interstitial solutes are illustrated in Fig. 47, which shows the strength 
temperature relation for iodide titanium, commercial-purity titanium, 
and Ti—O alloys made with the commercial-purity base. The strength 
ening effect of oxygen becomes progressively smaller as the temperature 
increases. Above 500°C, oxygen additions of up to 2 atomic per cent 


contribute very little to the strength. The strain rate used by Suiter 





Atle Wt “lot 
e CML.Ti base — _ 
+t Al 
x Al 


Sr 








200 300 400 500 600 
Temperature 


emperature tensile strength of alpha titanium 


4 


alloys. SUITER" 


was 1-5 per cent per minute. Presumably, the fanning out of the curves 
at low temperature ¢ ould have been contracted at lower strain rates or 
expanded at higher strain rates. The minimum in the ductility curve 
for each of the materials occurs at about the recovery temperature, 
above which rapid recrystallization occurs with consequent high 
ductility. This ductility minimum just below recrystallization is 
common in most ductile materials including alpha copper-base alloys, 
und no significance peculiar to titanium is attached to it 

The effect of temperature on the tensile strength of titanium with 
substitutional solutes, found by Surrer,™® is summarized in Fig. 48. 


The main feature of these data is that the strengthening effects of the 


alloying elements at low temperature are maintained and even enhanced 
At 600°C most of the alloys 


at elevated temperatures up to 500° 
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are beyond the plateau in strength preceding recovery and recrystalli- 
zation. The strengthening effect of the alloying elements at the level 
of 6 atomic per cent is seen to be greatest for tin and lowest for 
aluminium. However, at higher alloy concentrations, aluminium 
becomes most effective in strengthening at elevated temperature, just 
as it does at room temperature. About 12 atomic per cent is the maxi- 
mum amount of aluminium that can be tolerated from the viewpoint 
of fabricability. The tin alloys are alpha phase up to about 9 atomic 
per cent, but have the disadvantage, for structural alloys, of a com- 
parably higher density. The entire Ti-Zr range is workable, and since 
zirconium is almost as strengthening as aluminium, it appears that the 
highest elevated-temperature strength possible in alpha solid solutions 
would be attained in Ti-Zr alloys. However, Hayes et al.‘ report 
that the oxidation resistance of Ti-Zr alloys becomes progressively 
worse as 50 atomic per cent zirconium (65-5 per cent by weight) is 
approached. This would limit the maximum permissible zirconium. 

The creep properties of high-alloy-content alpha titanium alloys are 
much better than would be indicated by the short-time, elevated- 
temperature, tensile-test data. Thus, although the tensile strengths of 
commercial alpha—beta alloys are much higher than those of the 
commercial alpha alloy, Ti-5Al-2-5Sn, at temperatures up to 1000°F 
(540°C), the alpha alloy exhibits superior creep strengths at tempera- 
tures above 700°F (370°C).° A high-alloy-content alpha alloy, 
Ti-—13Sn-—2-75Al, exhibits still better creep resistance at temperatures 
up to 500°C,“ 

As a means of increasing the elevated-temperature strength of alpha 
titanium alloys, additions of compound-forming elements are of interest. 
Surrer™”) studied the effect of compound dispersion on the tensile 
properties of two alpha bases. In this work, 0-4 per cent boron was 
added to a Ti-7-2Al alpha base (1-7 atomic per cent boron, 12 atomic 
per cent aluminium). Also, a Ti-23Sn alloy (11-4 atomic per cent tin) 
which consists of terminal alpha solid solution plus Ti,Sn was studied. 
The Ti-—Sn alloy with the Ti,Sn dispersion was extremely strong at 
temperatures up to 500°C, but was little stronger than the Ti-—7-2Al 
alloy at 600°C. The dispersion of boride in the Ti-7-2Al base was not 
uniform, and little dispersion hardening resulted. 

CrossLey et al. studied the addition of the compound-forming 
additions, boron, beryllium and silicon, on the room- and elevated- 
temperature strength of Ti—Al alloys. Additions of 0-04 per cent boron 


and 0-3 per cent silicon were ineffective in strengthening the Ti—6Al 
base at temperatures up to 550°C. Additions of 0-5 and 1 per cent 


silicon improved the elevated-temperature strength, but the alloys 
were severely embrittled after exposure to stress at elevated temperature. 
This embrittlement might be considered to be the result of completion 
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of the precipitation of Ti,Si,. However, it was also shown by CROSSLEY 
et al.“ that a binary Ti-SAI alloy, which was ductile as quenched 
from 800°C, became embrittled during simple thermal exposure at 
650°C. Thus, the possibility of a basic instability in the high-aluminium 


content alpha base itself was indicated 


High Alloy content 1/ pha Alloys 


For many years, the lack of hot workability of high aluminium-content 
alpha alloys the shape of the strength composition curve and the 
effect of aluminium in increasing the modulus of elasticity puzzled 
metallurgists. OGDEN et al.‘ pointed out that the c/a ratio increased 
in Ti-O and Ti-—N as well as Ti—Al alpha alloys, and that when the ratio 
approached 1-604 in Ti—Al alloys, at 7-5 per cent aluminium, the alloys 
were no longer workable. RostToker'™®’ associated the increased c/a 
ratio with overlapping of Brillouin zones. A. D. McQutiLan@*” found 
that the alpha—beta transformation temperatures are not increased 
by aluminium until over 2 atomic per cent aluminium Also 
Me (JUILLAN 121) found an anomalous change in the heat of solution of 
hydrogen in alpha titanium containing less than 3 atomic per cent 
aluminium. In attempting to determine the nature of the changes 
going on in this range of aluminium content, Ames and McQuILLan"” 


studied relation of resistivity to temperature for Ti—Al alloys with up 


to 5 per cent aluminium, but noted no discontinuities in electrical 
properties as a function of aluminium content 

Metallographic and x-ray diffraction evidence of additional phases in 
Ti—Al alloys containing less than 25 per cent aluminium, thought to be 
the limit of the alpha phase field, was noted by H. Margolin of New York 
University and P. Pietrokowski of the Jet Propulsion Laboratory of 
California Institute of Technology Unfortunately, no publications 
have vet resulted from these investigations. However, it is understood 
that the Ti.Sn ordered stru ire hexagonal D*, was observed by 
Pietrokowski in annealed alloys with somewhat higher aluminium 
than TiAl (at 20—33-5 per cent aluminium). CROSSLEY and Carew" 
embrittlement ri-Al alloys containing 6-10 per cent 

sluminium noted previousiy.“" They found that alloys annealed at 
550°C showed evidence of a second phase, with the greatest amount 
occurri | alloy, precipitated along subgrains in the alpha 
was not embrittled by annealing I6hr at 

SAI alloy, which was ductile after 800° 

e after exposure for 2 hr at 600° l6hr at 

550°C o it 5OOE Ductility was not lost after an unstressed 
exposure for 48 hr at 400° but was lost after 1000 hr exposure 
under stress at 400°( his indicated that the precipitation is dependent 


on diffusion and would occur at lower temperature if sufficient time is 
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allowed. Also, CrossLey and Carew") found that the precipitate 
persisted metallographically after requenching from 800°C, but 
ductility was restored, which suggested that low-temperature ageing 
produces an embrittling transition structure. Some extra lines in the 
Debye pattern of the embrittled alloy could be indexed by Crossley 
and Carew by assuming a body-centred tetragonal structure. 
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Fig. 49. The Ti-—Al system according to SAGEL, SCHULZ and ZwIcKER'* 


Considerable light was shed on the puzzling features of the Ti—Al 
alpha field by SaGet et al.,"* who investigated Ti—Al alloys containing 
up to 40 per cent aluminium by metallographic, electrical, magnetic, 
dilatometric and x-ray methods. Fig. 49 illustrates the Ti—Al system 
as constructed by SAGEL et al.“*4 

The variation of electric conductivity with aluminium content, shown 
in Fig. 50, indicates two composition ranges below 25 per cent alu 
minium where anomalies exist, from 6 to 12 per cent aluminium and 
at about 18 per cent aluminium. A peak in conductivity also occurs at 
37 per cent aluminium, a concentration equivalent to the gamma 


phase. The alloys containing 12 per cent or more aluminium also had 
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negative temperature coefficients of resistance over considerable 
tempera ire range Metallographi ally two phase structures were 
observed from 6 to 12 per cent aluminium, and single phase with 12 


These findings are in 
(ROSSLEY and CaAREW’'s observation" 


per cent or more aluminiun 


agreement wW ith 


of less second phase at 10 per 
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AGEL et al.-™ indicated 


aluminium 


The x-ray diffraction study by 
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18 per cent aluminium, such that at 24 per cent, the structure was 
apparently all a, again 

In Ti-Sn alloys, the terminal alpha solid solution was placed at 
about 20 per cent tin by a number of investigators.’ ©, 121, 125, 126 
M. K. McQuiLtLtan®®’ believes that the wide, two-phase « Ti,Sn 
field, found previously, is the result of very sluggish reaction kinetics, 
and that the Ti,Sn phase has a considerable range of homogeneity and 
is an ordered hexagonal solid solution separated from the random 
alpha solid solution by a relatively narrow composition gap Further, 
the indication is given by McQuillan that the Ti,Sn phase field is 
continuous with an ordered alpha solid solution at Ti,Al. 

It is apparent that equilibrium in the alpha fields of the Ti-—Al, 
Ti-Sn and Ti-Al-Sn systems is complex and that much additional 
study is needed. However, at the present time, the situation in the 
Ti—Al and Ti-Sn alloy systems appears to be as follows. Above about 
10 atomic per cent, a second, hexagonal close-packed solid solution of 
higher alloy content, called a,, separates from the random alpha solid 
solution. The second hexagonal! close packed solid solution undergoes 
an ordering reaction, forming « at about the Ti,(Al,Sn) composition. 
The structure of e probably has the Ti,Sn structure. The critical 
ordering temperature decreases as the composition departs from the 
ideal ordered structure, and it is probably the development of ordering 
in low-alloy a, which causes the temperature-dependent embrittlement 
noted in the Ti—Al alloys by CrossLey and Carew.” The formation 
ot Le and the embrittling reaction in Le limit the amount of alloy content 
which may be used with maintenance of thermal stability in alpha 
alloys. Conversely, the «, reaction may be responsible for the good creep 
resistance of high-alloy-content alpha alloys. Through control of 
composition, heat treatment, and thermal-exposure temperature, 
practical utilization of the reaction is a good possibility. 


ALLOYS OF TITANIUM WITH THE BETA-STABILIZING ELEMENTS 
Titanium—Molybdenum Alloys 


The alloys of titanium with the beta isomorphous elements have 
received much emphasis because of the excellent mechanical properties 
that are attainable in alloys based on them. Hence, it is particularly 
desirable to use these alloy 8, as exemplified by Ti—Mo, to demonstrate 
some of the principles evolved in titanium alloys. 

The Ti—Mo system is characterized by complete miscibility between 


the body-centred cubic allotrope of titanium and molybdenum—hence 


it is termed a beta-isomorphous system (cf Fig. 19). Alpha solubility 
is limited, slightly less than 0-5 per cent. The temperature of trans 
formation from the beta field to the alpha-plus-beta field (the beta 
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transus, as it is termed in titanium physical metallurgy) decreases 
linearly with increasing molybdenum content Because the rate of 


diffusion of molybdenum in beta titanium is low, it is difficult to attain 


equilibrium below about 650°C. However, if the beta transus line is 


extrapolated to room temperature, it is apparent that the beta phase 
50 


would not be truly stable until a molybdenum content of roughly 
per cent was reached The limit of hot workability in the Ti—Mo 


alloys is about 42 per cent molybdenum."*) Hence, the titanium-rich 


beta alloys that are workable have an intrinsic tendency to transform 
to alpha at temperatures between room temperature and the beta 


transus. For example, although an unstressed, beta-quenched Ti-30Mo 


Vickers hordness 


\) 


| 
—— J 


40 6c 8c 100 
Molybdenum conten wt. “le 
erature und YOO'C of : 


alloys 


alloy was found to be apparently stable on exposure to elevated tem 
peratures an exposure for 900 hr under a stress of 75,000 l|b/in® at 
le precipitation of alpha and embrittlement of the 


427°C caused visible 


alloy 128 

The peak of solid-solution strengthening of beta in the Ti-Mo system 
occurs at about 70 per cent molybdenum,’ as shown in Fig. 51. The 
loss of hot workability noted previously at 42 per cent molybdenum 
occurs at about the molybdenum content corresponding to that where 
rapid solid-solution hardening occurs. The secondary room-temperature 
peak shown at about 20 per cent molybdenum results from beta-to 


alpha transformation hardening during cooling in the as-cast condition 


The M, temperature, the start of the martensite transformation 
from beta to alpha, decreases with increasing molybdenum content 
until at 11-12 per cent molybdenum the beta phase is completely 


retained after quenching.“*:.? .W/, temperatures obtained by Duwez 
a) 


for a number of titanium alloys including Ti—Mo are shown in Fig. 52. 
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The martensite arrest temperature was found to be relatively indepen- 
dent of cooling velocities up to about 10,000°C/sec. The M, tempera- 
tures in Ti—Mo alloys are increased by oxygen,“*” about 10°C for each 
0-1 per cent of oxygen. It is probable that the M, temperature is 
decreased slightly by aluminium, since beta is retained at room tem- 
perature on quenching Ti-Al—Mo alloys with 10 per cent molybdenum 
as compared with 11—12 per cent molybdenum in the binary alloys.“* 

Lut and Marco.) found two martensite habit planes in the 
Ti—Mo alloys after water-quenching, predominantly {334}, and to a 
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Fig. 52. M, curves for titanium binary alloys. Duwez', 12% 


lesser extent {344},. The same habit planes were found in Ti-Mn 
alloys, but only the {334}, in Ti-Cr and Ti—Fe alloys. When the Ti-Mo 
alloys were subzero quenched in liquid argon, the single {344}, habit 
was found, while, for the Ti—Cr alloys, the {334}, habit persisted. 

The Burgers orientation relation for zirconium, 


(0001), (110), 
(1120), | [111] 


a> 


was established by WiiuiaMs ef al.“* for titanium and by Lut and 
Marcouin™*) for martensite in Ti-Mo and other titanium alloy 
martensites of the £334! habit, and was one of two orientations 
suggested") for martensite {344} formed from beta by cold work. 
DoMAGALA and RostoKER®*® studied the decomposition of marten- 


site (presumably formed by strain transformation) in a Ti-13Mo alloy 


hed 
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and reported that equilibrium alpha was precipitated from the 
martensite plates. A different mechanism was reported for a quenched 
Ti-7-5V alloy by Brorzen et al.,“** who found that vanadium-rich 
beta was precipitated from martensite. Using changes in electrical 
resistivity as being proportional to the fraction transformed, f, the rate 
of decomposition was found to be df/dt k(1 f)®*6 which is similar 
to the first stage of the tempering of martensite in steels. An activation 
energy of 15,000 cal/mole was found for the tempering reaction. 
Wernic and Macuiir*” confirmed the Burgers relation for strain 
transformed martensite of {344}, habit plane. Thus, although the 


emperoture 





Curves showing the effect of composition on the start of the 


beta-to-alpha transformation in Ti—Mo alloys" 


martensite habit plane depends on the alloy and conditions of formation, 
the martensite orientation remains the well-known Burgers relation. 
The beta-to-alpha transformation in Ti—Mo alloys has been studied 
by DeLazaro and co-workers.",%) The time-temperature-trans 
formation characteristics have been studied by observations on the 
microstructures after quenching from the beta field to various 
temperatures and holding for various lengths of time. The curves of 
the start and finish of the beta-to-alpha reaction exhibit the charac 
teristic ‘‘C”’ shape, which is the net result of the low rate of nucleation 
at temperatures close to the equilibrium temperature and the increasing 
rate of nucleation at lower temperatures being offset by decreasing 
diffusion rates such that a maximum reaction rate occurs at an inter 
mediate temperature. Fig. 53, adapted from DELAzaro et al., shows 
the variation with molybdenum content of “C”’ curves denoting the 


first appearance of alpha. As the molybdenum content increases, the 
| | 


nose of the “C’’-start curve occurs at decreasing temperature. This 
effect would appear to result from the decreasing transus temperature. 


Also, there is a trend toward increasing time to start, which would be 
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expected because of increased sluggishness of the transformation with 
higher beta alloy contents. The alpha phase nucleates predominantly 
at the beta grain boundaries, and only in later stages within the interior 
of the grains. FinLay and VorpAHL"”*®) first showed that alpha does 
not nucleate on carbides. This was checked in Ti-Mo-C alloys by 
LEVINSON et al.,“*) who also found that the isothermal characteristics 
of a Ti-5Mo-—0-5C alloy were identical with those of the binary 
Ti-5Mo alloy. As the temperature of transformation decreases, the 
alpha platelet size becomes progressively smaller and finer until, below 
the nose of the “C” curve, the precipitated alpha is practically 
unresolvable. 

As the oxygen content increases, the rate of the f—« reaction 
increases. This is illustrated in Fig. 54 for the Ti-11Mo alloy, studied 
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54. Comparison of curves of initiation of visible transformation 
Ti-11Mo alloys with various oxygen contents. DELAZARO and 
ROsSTOKER'!®) 


by DeLazaro and Rostoxker."*® The high reaction rates appear to be 
associated with additional nucleation of alpha at subgrain boundaries 
in the high-oxygen alloys. Evidence of subgrains or polyganization 
of beta grains also was noticed by MaykurTu et al.“* in Ti-Mn betas 
containing 0-1—0-2 per cent nitrogen. 

The transformation kinetics for the Ti-Mo alloys illustrated by TTT 
curves were based on metallographic examination of isothermally 
transformed alloys. However, DELAzARo et al.“ noted that when a 
Ti-9Mo alloy had an interrupted quench at 700°C for 2 sec, it formed 
an apparently clear retained beta structure, which was much harder 
than if it had been directly quenched and formed beta plus martensite. 


Apparently, some unobserved transformation had occurred which 
inhibited the martensite reaction. Frost et al.“ found x-ray 
diffraction evidence that beta phase could transform partially to a 


transition phase, denoted as omega, and become hard and brittle with 
out metallographic evidence of transformation. Although omega has 
not been observed metallographically, it may be detected by x-ray 
diffraction, electrical resistance changes, or dilatometric measurements. 
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A later TTT curve for a Ti-13Mo alloy by Spacnner and Rostoker,”*? 
in which the transformation to omega was followed, is shown in Fig. 55. 

The mechanical properties found by HOLDEN et al.“*) for Ti Mo 
alloys quenched from the beta field are shown in Fig. 56. Although 


beta phase is completely retained at 11-12 per cent molybdenum, 


'T curve for a Ti-13 per cent Mo alloy'* 
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becomes greater than the critical shear stress for slip. The analysis 
applied by ScuerL"” to the martensite transformation on cold work 
of Fe—Ni alloys appears to hold very well for the Ti-Mo alloys. The 
Scheil diagram is shown in Fig. 57a. At temperatures below T' »; 
martensite forms spontaneously during cooling, i.e. thermal martensite 
is formed. At higher temperatures up to 7' ,, martensite forms during 


straining. Above 7’ ,, the resistance to slip is less than for transforma- 


tion. The curve of yield strength versus molybdenum content, from 
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Fig. 57. \) Scheil"'**’ diagram showing resistance to shear for slip and 

martensite as a function of temperature. (B) Flow stresses of Ti-Mo 
alloys with respect to strain transformation (0M) and slip (aS 


the same point of view, is shown in Fig. 578. The molybdenum 
content corresponding to M, at room temperature is estimated at 6 
per cent, for which zero stress would be required to initiate strain 
transformation. This flow stress for strain transformation increases 
rapidly to about 60,000 |b/in*, levels off at 16 per cent molybdenum, 
and increases rapidly again to about 100,000 |lb/in® at 20 per cent 
molybdenum where flow is entirely by slip. The actual yield strength 
curve shown in Fig. 56 is remarkably similar to the schematic curve in 
Fig. 57B. 

The flow curves of beta-quenched Ti—Mo alloys are shown in Fig. 58 
Unalloyed alpha titanium and the Ti-0-53Mo alpha alloy have low 
yield strengths and high uniform-elongation values, while the non 
strain-transforming Ti—24-5Mo beta alloy has a high yield strength and 
low uniform elongation typical of what is expected from deformation 
by slip when the initial flow stress is high. The strain-transforming 
alloys shown are Ti-7-9Mo, Ti-11-7Mo, Ti-13-1Mo and Ti-15-6Mo. 
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Maximum strain transformation occurs in the ri-11-7Mo alloy 
the martensite shear stress is n expected to increase much with 


siormation stra it 18s estimated from the shape of the flow curve 
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Fig. 60. Microstructures of a Ti-4-7 Mo alloy quenched 


from 725 C's a) Annealed l6 hr at 725 C and 


quenched. N500. (b) Annealed | hr at 900°C, furnace 
cooled to S00-C, held 1 hr, furnace cooled to 725 C. 
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Grain shape has a significant effect on ductility of the alpha—beta 
alloys. Fig. 60 illustrates the equiaxed and transformed structures 
in the Ti-4:7Mo alloy equilibrated at 725°C." The transformed 
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Fig. 59. Effect of quenching temperature on the mechanical properties 
of a Ti-4-7Mo alloy"*® 


structure has alpha at the former beta grain boundaries as well as 
acicular alpha within the grains. The mechanical properties for the two 


conditions are listed below. 


F , Coarse = plates in 
vquiared z grains 


Prope rty . b matrix (trans- 
im > matriz 


formation structure) 


Vickers hardness number 204 201 
Ultimate tensile strength (lb/in?) 77,000 72,000 
0-2°% offset yield strength (Ib/in* 63,000 42.000 
teduction in area (per cent 71 54 
Elongation (per cent) in 4 in 4] 23 
Uniform elongation (per cent 


strain at maximum load 17 


Although the alloy in the transformed-beta condition is slightly 
softer, its ductility values are much lower than those of the alloy 
in the equiaxed alpha—beta condition. The tensile ductility of alpha 


beta alloys generally, particularly reduction-in-area values, has been 
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found to be much lower in the transformed-beta condition than in the 
equiaxed alpha—beta condition. This effect has been observed by 
HoLDEN and co-workers in Ti-Mn alloys,“ Ti-Fe alloys,“ and 
Ti-Cr-Mo alloys,“* among others High reduction-in-area values 
measure the ability of an alloy to deform locally after necking occurs. 
Hence, the acicular transformed structure may be considered as having 
the effect of a mild notch, which results in restricting localized 
deformation 

The transformation of beta titanium on heating at low temperature 
results in considerable hardening. In Ti—Mo beta alloys aged at 400°C, 


HoLpEN et al.“ noted that the most rapid response and highest 


wt % 
high-purity Oo allo annealed at 650°C, 
innealed 16 hi . furnace cooled to 650°¢ 


sled 64 hi 


maximum hardness occurred with the alloy containing the lowest 
molybdenum content, 11-7 per cent molybdenum. An alloy with 20 
per cent molybdenum exhibited a sluggish response, and a 24-5 per 
cent molybdenum alloy little or no response. This effect results from 
the increased stability of the beta phase as the molybdenum content 
increases 

The reheating of beta-quen¢ hed Ti-Mo alloys has a number of effects 
dependir y upol the molybdenum content Up to about 6 per cent 
molybdenum, the quen hed alloys are martensiti from 6 to 1] per 
cent, beta plus martensite; and above 11 per cent, beta. DOMAGALA 
and Rostoker,“* studying the tempering of Ti-Mo martensite 
presumably strain induced) in a Ti-13Mo alloy, concluded that the 


predominant mechanism was precipitation of low-alloy-content alpha 


particles from martensite until it became sufficiently reverted to 


enriched beta by an undetermined process. 
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Because titanium alloys are used at moderately elevated tempera 
tures, they are generally placed in service in a stabilized condition, so 
that further transformation during service is minimized. In all cases, 
the stabilization heat treatment enriches the beta phase of alpha—beta 
alloys beyond the point where strain-transformation effects are found. 
The mechanical properties found by Ho.LpeEn ef al.“ for Ti-Mo in 
the annealed and stabilized condition are shown in Fig. 61. It is seen 
that there is a progressive increase in strength with increasing amounts 
of beta phase. The matrix phase was found to be alpha at 4-7 per cent 
molybdenum and beta at 7-9 per cent molybdenum. The change in 
matrix phase is accompanied by a disproportionate increase in strength 
for the higher molybdenum alloy. 


Be la stabilize d r {lloys 


Having described molybdenum as a beta isomorphous beta-stabilizing 
element in considerable detail, the other beta stabilizers may be 
conveniently described in relation to molybdenum. 
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Fig. 62. The > (& ) boundary ot a number of titanium alloy 
systems: V, Cr, Mn, Co, Ni [A. D. McQurmLLan™*®)); Fe, Cu [A. D. 
McQUILLAN"™®)]; Cb, Mo [HANSEN et al.“")]; Ta, W [MAYKUTH et al.(®® 


Beta-stabilizing Power. There is no apparent correlation between the 
ability of an element to stabilize the beta phase and its atomic per cent, 
as is shown in Fig. 62. The transus curves for Cr, Mn, Co and Ni are 
approximately overlapping; however, the curves for the other beta 
stabilizers are widely scattered. Tungsten, molybdenum and chromium 
have similar atomic sizes and electron configurations, but their transus 


curves span the entire range from low to high beta-stabilizing power. 
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The ability to stabilize the beta phase may be defined by the slope of 
the curve relating / to « 6 and the extent of alpha solubility. Table 3 
shows these data for the beta isomorphous elements at 650°C. which 
has been taken as the lowest temperature at which equilibrium is 
readily attained. On an equivalent weight per cent basis, molybdenum 
initially stabilizes more beta than does vanadium, since the alpha 
solubility for molybdenum is lower. Thus, at 650°C, Ti—Mo alloys have 
more beta phase up to 5—9 per cent alloy content, after which vanadium 
produces the most beta. Columbium and tantalum are weak in beta 
stabilizing ability. Significantly, the alpha solubility increases as the 


beta stabilizing powel! decreases 


rABLE 3 


he beta-st ibilizing powel! of three alpha heta type eutectoid allovs 
so shown in Table 3. The temperature used is 700°C, which is 
ive the temperature of the Ti—Cr eutectoid Below the eutectoid 
np rature, the beta phase becomes unstable with respect to compound 
on at compositiol s less than that of the eutectoid. as shown 

ic diagram in Fig. 63. The beta-stabilizing powers for 

iggish beta eutectoid elements are approximately equal, but 

suse of lower alpha solubility, iron stabilizes more beta for a given 
yy content in the two-phase field than either manganese or chromium 
he beta-eutectoid re: wl ind its relative wctivitvy must be con 
the case « stabilizers mat iorm eutectoids These 

listed in Tal 1 Oo increasing activity of the 

ion. It will be noted that the most active eutectoids 

the lowest eutectoid compositions and highest eutectoid 

nperatures The } VANese eutectoid reaction ‘ sluggish that 


compound re it been detected \ vy long holding 


periods belo h u toid temperature, which determined 
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TABLE 4 


Beta-eutectoid Reactions arranged in Order of Increasing Activity 


: Alloy content to retain 
Eutectoid temperature Eutectoid composition y 


Element beta after quenching 


oO 


(°C) (wt. “%) 


o 
(wt. %o) 


Manganese'®*) : 550 
Iron'*?, #) f 600 
Chromium'*, #) § 675 
Cobalt™® ( 685 
Nickel®®? 770 
Copper‘? 790 
Silicon‘®? { 860 


Quench products 
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A\+— Composition > 8 
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composition 34 TiX 


4 Eutectoid temperature 
L2m— Direct 
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VA formation 
\ , a 
M, “| M, L r, 
\ a+Tix 





lo 8 stabilizer 


Schematic equilibrium diagram for a typical beta-stabilized 


titanium alloy 


by extrapolation of the beta-phase boundaries.“*) On the other hand, 
the eutectoid reaction in the Ti—Cu is so active that nodular eutectoid 
is noted at the original beta grain boundaries in quenched hyper 
eutectoid and eutectoid alloys, the remainder of the structure being 
martensite.” The Ti-Fe eutectoid is relatively sluggish, but the 


compound has been observed in hypoeutectoid alloys isothermally 


quenched and held below the eutectoid temperature for long periods 


of time.“ The eutectoid reaction in the Ti-Cr system is sluggish 
enough to produce alpha—beta alloys in normal processing, but the beta 
phase was found to decompose in a day or so at 500°C after isothermal 


transformation“™™ or after reheating for 200 hr at 540°C.“5 The 
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eutectoid reactions in the Ti-Ni, Ti-Cu and Ti-Si systems may be 
classified as active because, as normally processed these alloys would 
consist of alpha plus compound. Thus, the Ti-Mn, Ti-Fe and Ti 
alloys may be treated as alpha—beta alloys, while the Ti-Ni, Ti 
and Ti-Si alloys may be treated as alpha compound alloys 

Omega Transition Phas: In the original work on the omega 
transition phase in Ti-Cr and Ti-Mn alloys, Frost et al.“ found 
omega to be a con plex phase relatively lean in alloy content and very 
hard The formation of this phase contributed hardness (and brittle 
ness) to the beta phase both in the coherent stage and. later. when 
omega lost coherency and became a distinct phase of a very fine 
submicroscopic size. Later, in the course of ageing, omega breaks down 
1orming alpha ind enriched beta The structure reported by AUSTIN 
and Dore 


OS A approximately three times that ol the original quenched beta 


6.) for omega in a Ti-8Cr alloy was cubic with a unit cell of 
The space group reported was 143m, with 54 atoms in the unit cell 
consisting of 2 atoms of chromium and 52 atoms of titanium. However. 
Sricock ef al.“®) have shown that the cubic structure could be trans 

lated to a simple NeXAGONA! Ce 
Although omega cannot be detected microscopically HOLDEN ef 
al. have shown that there is a characteristi por klike appearance 
in electron micrographs when omega is present. Fig. 64 shows a series 
ot electro! micrographs for a Ti-6-4Mn alloy is quenched and aged 
under various conditions. The results of x-ray diffraction and hardness 
measurements for the same conditions are shown in Table 5. A few 
small « julaxed pocks ibout 250 A in diameter, are apparent in the 
as-quenched structure. These pocks increase in number and size as 
ageing proceeds. At the same time the hardness increases and omega 
<i in the diffraction pattern of the structure. The formation 
ompanied by the appearance of enriched beta in the 
Oriented precipitates appear in the electron 
at which time alpha precipitation is 
und omega is no longer detected in the 

diffraction patter! 

In a beta-quenched Ti-15V alloy, Brorzen ef al.“ noted faint 
the omega transition phase. The occurrence of omega in the 
V allovs decreased as the alloy content increased 
found the highest content of omega in a Ti—12-5V 
and ipparently none in the 
TTT curve for the Ti-15V alloy 
Omeg en to have a maximum temperature 
BroTzen ef al.“* found decreased with increasing 


t The amount of omega in the Ti-15V alloy increased 


wher , quenched Al Y Was deformed by compression apparently 
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without x-ray diffraction evidence of strain-induced martensite being 


formed. The formation of omega is accompanied by a decrease in 


volume, while precipitation of alpha is accompanied by an increase. 
The ageing and dilation curves at 444°C of the Ti-15V alloy indicate 
that the alpha precipitation is associated with the over-ageing and 


softening of the alloy. During precipitation of omega, BROTZEN et 
al.°%) found a continual change in the lattice parameters of beta, 


indicating an increase in the vanadium content of the beta phase. 








e ot ternpercture 


Fig. 65. Time—temperature-transformation diagram for isothermal 


quenching of a titanium alloy containing 15 per cent” 


According to the work of Sitcock et al.“* the diffraction pattern 
of the omega phase in a Ti-16V alloy formed during low-temperature 
ageing could be indexed as either hexagonal, a 1-60 A and c 

> A, or as cubic, with axes parallel to the original beta cell and 
parameters three times as large. The hexagonal cell at atomic positions 
at 000 ¢4 and %44 corresponds to Space Group D,,, P6/mmm 
with the orientation relation (0001),,||(111)8 and (1210),,||(110)~. 

Strain Transformation To retain beta after quenching from the 
beta field, the minimum alloy contents for the beta-isomorphous 
alloys are 12 per cent Mo, 15 per cent V, 36 per cent ¢ b, and 40 per cent 
Ta. Alloys with these compositions are expected to exhibit the greatest 
tendency to form martensite by strain transformations. 

LEwIs ef a/.“5 reported the tensile properties shown on page 141 
on sponge base Ti V alloys containing 5-30 per cent V quenched trom 
the beta field 
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The data for the 16-20 per cent V alloys show the yield strength 
minimum and high uniform elongation characteristic of strain trans- 
formation. BERGER ef al.“*) observed microscopic evidence of strain- 
transformed martensite in a tensile test sample of a beta-quenched 
Ti-35Cb alloy which had a yield strength of 42,000 |b/in*, an ultimate 
strength of 70,000 lb/in*, a uniform elongation of 26 per cent, and a 
total elongation of 31 per cent. Data for the beta-quenched Ti-40Ta 
alloy are not available. However, it is apparent from the data on Mo, 
V and Cb that the quenched beta-phase alloys in the beta-isomorphous 
systems are soft and ductile and readily undergo strain transformation 
to martensite in suitable compositions. 

In the binary, sluggish beta-eutectoid alloys, the minimum content 
of beta stabilizer to retain beta is 6-5 per cent manganese, 4 per cent 
iron and 8 per cent chromium. The beta-to-omega reaction occurs so 
readily in these binary alloys during quenching that they are hardened 
too much to undergo strain transformation, as shown by the Ti-5Fe 
and Ti-6-4Mn alloy data below. 


Property Ti—5Fe"* Ti-6-4Mn"! Ti—2-4Al—5-9Mn'‘*** 


0-2% offset yield strength (lb/in*) ‘ a) 78.000 


Ultimate strength (lb/in? 135,000 132,000 172,000 


Reduction in area (per cent) 2 : 20 
Elongation in 4 in. (per cent) 17 
Vickers hardness number 331 


(a) Specimen fractured before 0-2 per cent plastic strain. 


However, aluminium has a retarding influence on the beta-to-omega 
reaction, and also appears to reduce slightly the amount of beta 
stabilizer to retain beta phase on quenching. Thus, the Ti-—2-4Al 
5-9Mn alloy shown was all beta as quenched and exhibited the low 


yield strength and high uniform elongation characteristic of strain 


transformation. Similarly, Pam.ies and Tosin™® have shown that 
the commercial Ti-4Al-4Mn alloy quenched from the alpha—beta 
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field at 1600°F (871°C) has a sharp minimum in yield strength and 
maximum elongation. 

The strain-transformation effect, with its low flow stress and 
maximum ductility, is of considerable importance in the practical heat 
treatment of titanium alloys. Solution treatment of alpha—beta alloys 
is conducted at the temperature in the alpha—beta field where the 
composition of the beta phase is the minimum for retention of beta on 
quenching. A solution-treatment curve for the commercial Ti-6Al-4V 
alloy, by SHERMAN and Kess.er,"*” is shown in Fig. 66. The minimum 
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Fig. 66. Effect of quenching temperature on the tensile properties of the 
commercial Ti-6Al4V alloy bar stock. SHERMAN and KessiEerR''?? 















in yield strength at 1550°F occurs where the vanadium content of the 
beta is about 15 per cent, which is roughly the minimum vanadium 
content for retention of the beta. This treatment also conditions the 
alloy tor subsequent age hardening 

Strengthening Effect. It is difficult to compare the strengthening 
effects of the beta-stabilizing elements because strength is closely 
tied to heat-treatment effects. The hardness of the beta phase com 
ponent of an alpha—beta alloy depends upon the extent to which the 
beta-to-omega transformation occurred, which in turn depends on 
cooling rate and section size As a result of the decreased sluggishness 
of this reaction as the alloy content increases, the hardness of beta 
decreases with increasing alloy content, giving rise to an apparent 
solid-solution softening effect. This is illustrated in Fig. 67, where the 
hardnesses of Ti-Mn alloys after quenching from the alpha—beta and 


beta field are shown.” The alloys quenched from the beta field have 
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retained beta structures from 6-4 per cent Mn upward. The hardness 
of the retained beta phase is a maximum at 6-4 per cent Mn and 
decreases to a minimum at 12 per cent Mn, after which it would be 
expected to increase because of solid-solution strengthening. 

Another effect which may affect the mechanical properties of the 
beta-phase content of alpha—beta alloys is strain transformation to 
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2345678901 
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Fig. 67. Hardness of titanium-—manganese alloys as a function of 


composition.'” 


All specimens water-quenched 


martensite. However, in the annealed and stabilized condition the 
alloy content of the beta phase is generally too high for strain trans- 
formation to occur. Also, if appreciable omega forms during quenching, 
strain transformation will not take place in the low-alloy-content beta 
alloys susceptible to this effect 

The strength of the retained beta alloys at their minimum values 


may be used in conjunction with the alloy content of annealed alloys 


to estimate the relative strengthening effect of the beta-stabilizing 
elements. This is shown in Table 6 for alloying elements on which 
data are available. Based on the strength of the beta phase, iron and 
manganese would be expected to have the greatest effect, molybdenum 
and vanadium moderate effects, and columbium the least effect. These 
strengthening effects correlate well with the beta-stabilizing power of 
the elements listed in Table 1. 
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omega formation during quenching. The strengthening curve for 
Ti—Cu alloy annealed at 700°C in the alpha-compound field shows that 
copper has a low strengthening effect similar to that of columbium and 
tantalum. The strengthening curves for columbium and tantalum 
show a strengthening effect in the alpha field, which is followed by a 
drop in strength in the alpha beta field and a secondary increase. The 
decrease in strength suggests that there was supersaturation in the 
terminal Ti-3Cb and Ti-11-4Ta alpha alloy In all the cases shown 


the initial amount of beta phase is not so strengthening as the following 


Schematic strengthe a » for a beta-stabilized alloy 


system Im the ! ondition 


amounts. Also, the strengthening effect levels off as the all-beta phase 
is approached. This effect is believed to result from the matrix being 
alpha initially up to about 30-40 per cent beta, after which the beta 
phase becomes the matrix. When there is only a small amount of the 
second phase present, strength is close to that of the matrix phase and 
Is not changed until large amounts of the second phase are present 
The result is a sigmoidal strengthening curve, shown schematically in 
Fig. 69 

Alpha stabilization Additions Alpha-stabilizing additions like alu 
minium do not strengthen the beta phase to any oreat extent In 
fact, they may even lower the strength of beta by their effect of 
suppressing the beta-to-omega reactiot This effect is shown in Fig. 70. 
where the hardness of Ti—Mn alloys with additions of aluminium 
nitrogen and carbon are compared ifter cooling from the beta field at 
various rates trom wate! quenching to furnace cooling.“® The beta 
phase is retained with about 6-5 per cent manganese and. at 9 per cent 
manganese the omega reaction 1s largely suppressed because the 


quenched Ti 9Mn alloy is soft and ductile if made with high-purity 


titanium. With 2 cent aluminium present, the quenched 9 per 
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cent manganese alloy is even softer. The mechanical properties of the 
Ti-Mn beta phase with and without the aluminium addition are given 


below. 


Ti—0-07N-7-9Mn'™*"* 
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The lowering of ductility with strength of the Ti-Al—Mn alloy is 
anomalous and will require future checking. However, the strength 
and hardnesses are in excellent agreement with the suppression or 
augmentation of the beta-to-omega reaction by aluminium or the 
interstitials, respectively. 

Alpha-stabilizing elements such as aluminium greatly increase the 
strength of the alpha phase In alpha—beta alloys, the alpha-stabilizing 
element partitions preferentially to the alpha phase. Since the strength 
increases progressively from a stronger alpha phase to an unstrengthened 
and possibly weaker beta phase, it is obvious that the specific strengthen- 
ing effect of the beta stabilizers is reduced by alpha-stabilizing additions. 
However, the strength of an aluminium-containing alpha—beta alloy is 
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always somewhat greater than that of the straight binary beta- 
stabilized alloys. Perhaps the greatest advantage of the aluminium- 
strengthened alpha phase in alpha—beta alloys is to improve the 
properties of the alloy at elevated temperatures. Generally, the 
strengthening effect of aluminium at elevated temperatures is main- 
tained as well as it is at room temperature. A second advantage is that 
notch toughness is generally unimpaired. 
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Fig. 71. Effect of alpha stabilizers on the toughness of Ti—Mn alloys") 


The effect of the interstitial elements, unlike that of aluminium, is to 
be both strengthening and embrittling to the beta phase in beta- 
stabilized alloys. The strengthening effect of interstitials is somewhat 
greater in an alpha-phase base than in a beta-phase base. For example, 
the 0-07 per cent nitrogen addition referred to previously increases the 
strength of an alpha base by about 50,000 lb/in?,“® whereas the 
0-07 per cent nitrogen addition to the Ti-8Mn base increased the 
strength by only 20,000 lb/in?, most of which was probably from 
additional formation of omega. Thus, the effect of the interstitials on 
the strength of alpha—beta alloys is similar to that of aluminium, but 
the specific strengthening effect of the beta stabilizer is not lowered so 
much. Inasmuch as the interstitials partition to the alpha phase, the 
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beta phase is left relatively free of interstitials and with unimpaired 
ductility. Since the beta phase tends to be the matrix in alpha beta 
alloys, this leaves the tensile ductility unimpaired, and the combinations 
if strength and ductility possible with interstitial alloys tend to be 
somewhat better than that of the base alloy 

Inasmuch as the combination of strength and ductility is improved 


by interstitials, one might ask why they might not be used to good 
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advantage The answer is that the notch sensitivity of the interstitial- 
strengthened alpha beta allov is greater than that of interstitial-free 
aluminium-containing alpha—beta alloys. The notch-sensitivity effect 
caused by interstitials in alpha—beta alloys is particularly noticed in the 
high-beta alloys when very small amounts of alpha are present, either 
at the grain boundary or as an acicular precipitate because the 
concentration of interstitials in alpha is greatest under these conditions 
An ex imple of this is given in Fig. 71, which shows the effects of the 
interstitials on notch toughness of the Ti-Mn alloys 

The notch toughness of the beta phase varies considerably depending 


upon the beta stabilizer used. Generally, notch toughness varies 
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inversely with strength level, such that the toughness of Ti-Mo beta 
are better than Ti—Mn or Ti—Fe betas. The notch toughness of low 
interstitial alpha phase is good, so that, as the percentage of beta in 
alpha—beta alloys increases, the notch toughness generally decreases, 
as is shown for Ti—Mn alloys in Fig. 72. 

The elevated-temperature tensile properties of alpha—beta alloys are 
summarized in Fig. 73, after Oapren.™) The strength of titanium at 
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Fig. 73. Effect of temperature on the tensile strength of titanium alloys 


containing alpha, beta and combinations of alpha and beta stabilizers‘**) 


temperatures up to 800°F (427°C) is approximately doubled by 5 per 
cent of the various beta stabilizers which strengthen the beta phase or 
by 3-5 per cent of aluminium which strengthens the alpha phase. By 
adding 3—5 per cent aluminium together with 5 per cent beta stabilizer, 
both the alpha and beta phases are strengthened, and a greater over-all 
strengthening effect is realized. It will be noted that the strength 
decreases at the highest rate at around room temperature as a result of 
increased interaction between interstitials and dislocations, as discussed 
previously. Above 800°F (427°C), strength falls relatively rapidly so 
that above 1000°F (538°C), most alpha—beta alloys, even of the 


aluminium-strengethened kind, have low strengths. 


Correlations of Structure and Properties 
In annealed alpha—beta alloys where the structural configurations are 
relatively massive, the strengths may be estimated from that of the 
two component phases. Added to this effect is a region of somewhat 
greater than additivity of strength in the beta-rich region, as shown 
schematically in Fig. 69. Generally, beta phase is stronger than alpha, 
and the rejection of massive alpha is accompanied by a loss of strength. 
As the alpha phase becomes stronger, with aluminium additions or the 
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presence of interstitials, and the beta phase becomes softer, with 


additions of the beta-isomorphous elements, the difference between the 
strengths of the two phases becomes smaller, and the effect of alpha 
beta ratio becomes less important. It is possible to have a strength 
maximum in the middle of the alpha—beta region as in Tb-Cb alloys,“ 
or to have strengths decrease progressively in massive alpha—beta 
structures as the amount of beta increases. 

For alloys equilibrated at temperatures down to about 600—650°C, 
the alpha—beta structures are too coarse to reverse the alpha—beta ratio 
100--—— = ent T = oe Ge | — Ga 
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Fig. 74. Comparison of tensile ductility for alpha—beta alloys in the 


equiaxed and acicular condition 


effect in alloys where beta is stronger than alpha. However, in struc- 
tures formed by nucleation and growth below this region, grain-fineness 
effects are stronger Thus, in isothermally transformed alloys, 
GOLDENSTEIN and Rostoker™ * have shown a 650°C strength 
minimum in isothermally transformed Ti-7Mn and Ti-4Cr—2Mo 
alloys. GOLDENSTEIN and RostokeRr”®* made a specific comparison 
of the effect of alpha platelet size by isothermally transtorming a 
Ti 1 2Mo alloy both above and below 650 ( and finally equili 
brating at 650°C, thus producing equilibrium alpha—beta structures 
with a range of alpha platelet size. They found a progressive increase 
gth of up to 30,000 lb/in* as the prior transformation tempera 
ture varied from 750 to 500° No measurements were made on the 
interspacing between } telets 
The effects of acicularity and grain-boundary alpha resulting from 
beta transformation on ductility were discussed previously for Ti-Mo 


where acicular transformed structures were noted to have lower 
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tensile ductility than equiaxed alpha—beta structure. The effect for 
Ti—Mn alloys is shown in Fig. 74. However, the magnitude of the effect 
is not entirely consistent. In some cases, reduction-in-area values for 
the acicular condition can be fully as high as in the equiaxed condition. 
This is found for Ti-Mo alpha—betas,“* which are better than Ti-Mn 
‘) which in turn are better than Ti-Fe betas.) 
Generally, in equiaxed alpha—beta structures, the reduction-in-area 


alpha—betas, 


values tend to be twice the elongation values. In acicular structures, 
the elongation is slightly less than that in the equiaxed condition, and 
the reduction-in-area values are approximately the same as the elonga- 
tion. In other words, by having an acicular structure, the alloy appears 
to have lost its capacity for localized deformation, and the elongation 
and reduction-in-area values almost entirely result from uniform 
elongation up to maximum load. The loss of ductility with acicular 
structures is associated with the ease of fracturing along the alpha—beta 
interface. Sometimes fracturing is easy and sometimes difficult. 
Available data on the effects of hydrogen and other interstitials in 
acicular structures are not consistent. About all that one can say is that 
the acicular alpha—beta structures have lower tensile ductilities than 
alpha—beta alloys with equiaxed structures, but sometimes the loss is 
relatively small. 

Acicular, stabilized alpha—beta alloys are generally lower in strength 
than equiaxed alpha—beta alloys which have received the same equili- 
bration-stabilization anneal. That is, alloys which have been furnace 


cooled from the beta field are less strong than the same alloy after an 
alpha—beta fabrication and anneal. Originally, this effect was thought 


to be caused by having the beta-to-alpha transformation completed to 
a greater extent in the case of acicular structures. However, recent 
work using electrical-resistance, grain-count, and lattice-parameter 
measurements indicates about the same alpha—beta ratio. It appears 
most probable that the lower strengths found in acicular-stabilized 
alloys result from larger equivalent grain sizes. The losses in strength 
caused by grain growth in the alpha—beta field or by conversion to an 
acicular structure tend to be relatively low, of the order of 5000 lb/in? 
as a Maximum. 

Most of the heat treatments recommended for alpha—beta alloys 
involve heating in the alpha—beta field above 700°C to produce some 
beta phase in an unstable condition, followed by quenching, and ageing 
at a temperature between 425 and 550°C to a point beyond the point 
where omega is stable. This practice differs greatly from the com- 
parable heat treatment for steel, which is invariably done entirely in 
the elevated-temperature phase region. The alpha-stabilizing inter- 
stitials remain largely in the alpha phase and do not affect the heat- 
treatment response of the beta phase. As pointed out by Jarre,“ 
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ng of an alpha beta solution-treated alloy (8 per cent Mn) results 
in precipitation of fine alpha between and directly on to the prior 
ilpha grains In contrast quenching from the beta field resulted in 


urge beta grains, the ageing of which resulted in coarse alpha plates 


and grain boundary films, which would be expected to be embrittling 
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given rise to their description as “delayed cracking.” However, they 
are all various forms of hydrogen embrittlement of alpha—beta alloys. 

CRAIGHEAD et al.“*) have shown brittle failures in a commercial 
alpha—beta Ti-8Mn alloy containing over about 200 p.p.m. of hydrogen 
during tensile testing at a strain rate of 0-01 per minute, as shown in 


Fig. 75.2 It was also shown that hydrogen contents of up to 1200 p.p.m. 
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76. Effect of hydrogen on the tensile properties of Ti-8Mn 


alpha—beta alloy over a range of temperatures'‘**? 

had little effect on the impact properties in tests on notched bend 
specimens struck at 11-3 ft/sec. The amount of hydrogen required to 
embrittle the Ti-8Mn alloy in tension diminishes as the temperature 


ys 


decreases. as shown in Fig 76. The presence ot a notch also appears 


to increase the hydrogen embrittlement in terms of the temperature 


as shown in Fig. 77. 


9A 


at which embrittlement is observed 

If an alpha—beta alloy has sufficient ductility at low temperature, 
hydrogen embrittlement will be observed only over a temperature 
interval, and tensile ductility will be restored at lower temperatures. 
trPLine”®) has reported the results shown in Fig. 78 for a commercial 
Ti-2Cr—-2Mo-—2Fe alloy containing 310 p.p.m. hydrogen. The lower rate 
ot hydrogen diffusion as the temperature decreased was held as the 
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ched tensile ductility of Ti-SMn alloy with 
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en at various temperatures 


Fig. 78 Diagram illustrates ductility of Ti-140A in the as received, 


310 p.p.m. hydrogen, and vacuum-annealed condition versus testing 
temperature and strain rate. Open circles, vacuum-annealed; closed 


circles, as-received 
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reason for the restoration of ductility. However, if the strain rate was 
further decreased, it can be expected that the temperature range over 
which embrittlement would occur would also decrease. 

The lowest strain rates occur during creep; hence, static-load testing 
would be expected to result in hydrogen embrittlement with minimum 
hydrogen contents. Such is the case as shown by the work of Burts et 
al.“®) and Kess.ier et al.) Burte et al. presented data on notched 
stress-rupture tests at room temperature on a variety of commercial 
alpha—beta alloys. Fig. 79 shows typical results for a commercial 
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Fig. 79. Stress rupture tests on notched specimens of Ti-140A at room 
temperature. Three levels of hydrogen contamination are noted: 
vacuum-annealed to 2 p.p.m. by open circles, 170 p.p.m. by open 
triangles, 25 p.p.m. by black circles. Percentages represent reduction 
of area at fracture™®) 

Ti—2Cr—2Mo-2Fe alloy at various hydrogen levels. Hydrogen embrittle- 
ment is noted by a high slope of the stress—time curve, indicating time- 
delayed failures at low stresses, and by fractures with low ductility. 
Although the amount of hydrogen required to initiate delayed failure 
varied considerably from alloy to alloy, all alloys containing 125 p.p.m. 
hydrogen or less were immune to embrittlement in these tests. Accord- 
ingly, this figure has been specified by the U.S. Air Force as a maximum 
for commercial alpha—beta alloys in bar stock form. 

Compositional factors have a large effect on the hydrogen embrittle- 
ment of alpha—beta alloys. For example, CRAIGHEAD et al.“® have 
shown that Ti-Mo alpha—beta alloys containing up to about 1000 p.p.m. 
hydrogen were not embrittled in slow tensile tests at room temperature, 
and that the presence of aluminium in a Ti-4Al-4Mn alloy increased 
the hydrogen tolerance over that of binary Ti-Mn alpha—beta alloys. 
Burte et al.“®) also gave data suggesting that the presence of alu- 
minium in alpha—beta alloys, such as Ti-6Al-4V and Ti-—5AI-1-3Mo 
1-3Cr—1-3Fe, was beneficial to hydrogen tolerance. The basis for the 
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effect of aluminium appears to be the increase in room-temperature 


solubility of hydrogen in Ti—Al alloys containing at least 5 per cent 


aluminium, as found by LENNING et al.“ 

Structurally, hydrogen embrittlement results in brittle fractures at 
the alpha beta interface. Thus, hydrogen embrittlement was not 
noted by CRAIGHEAD ef al.“® in a Ti-9Mn alloy containing 700 p.p.m. 
hydrogen, or in Ti-13Mo and Ti-20Mo alloys containing 2000 p.p.m. 


hydro en when tested in the all-beta condition. In alpha beta struc 


tures, the brittle fracture is sometimes accompanied by precipitation 
of a third phase, presumably a hydride, as shown in Fig. 80 from 
WitiiaMs and Jarree.“* Precipitation and fracture are always 
normal to the tensile stress causing the slow deformation. However, 
the general case does not appear to require visible precipitation of the 
hydride phase prior to fracture 

The mechanism for hydrogen embrittlement of alpha—beta alloys is 
believed to be associated with the diffusion of hydrogen to the alpha 
beta interface under conditions of slow deformation rates at low 
temperature. The dislocation loops, which must be tied in with the 
alpha—beta interface, provide paths of easy diffusion and permit the 
preferential migration of hydrogen atoms At the interface, the 
hydrogen atoms either cluster or precipitate as a film, probably of 
submik roscopic thickness in the general case In any event, the inter 
face is weakened and cracks easily under applied stresses. The network 
of beta matrix phase between the alpha grains would offer little 
resistance to propagation of the crack because of the relatively small 
cross-section between interfaces This explanation assumes that a 
solubility gradient for hydrogen exists, even if visible precipitation 
does not occu This case is supported by the facts that hydrogen 
embrittlement does not occur at temperatures moderately above room 
temperature because of increased solubility, and that the amount of 
hydrogen needed for embrittlement decreases at lower temperatures 


because of reduced solubility 


7 hern al Stability 


Since titanium alloys are currently finding their greatest use at elevate | 
temperatures, it is important for them to maintain their original room 
temperature strength and ductility after elevated-temperature 
exposure under service conditions which involve stress, creep, and an 


Ox1aIZ1 atmosphere The danger of thermal! instability in alpha beta 


alloys is potentially great because they are supplied and used in a 


condition of metastable equilibrium. Generally, this danger is greatest 


in al} ha—beta alloys contain beta-eutectoid elements, where the 


equilibrium structure consists of alpha plus compound. Also, inasmuch 
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as beta is the metastable phase, the danger of instability increases 
with amount of beta-stabilizing elements present. 

OGDEN et al.“®) studied the thermal stability of Ti-Cr—Mo alloys 
to determine the combined and separate effects of a relatively active 
beta-eutectoid-forming element (chromium) and a beta-isomorphous 
element (molybdenum). A Ti-—5Cr alloy in the annealed and stabilized 
alpha—beta condition completely decomposed to alpha plus TiCr, in 
200 hr at 1000°F (538°C) with subsequent loss of room-temperature 
ductility, while the Ti-5Mo alloy, similarly treated, was unaffected. 
A Ti-2-5Mo-2-5Cr alloy had intermediate behaviour but was closer to 
the Ti-Mo alloy than the Ti-Cr alloy. Oxygen additions of 0-1 per cent 
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Fig. 81. Effect of hydrogen content on ductility of thermally exposed 
Ti—-2Mo-2Cr-2Fe alloy"*® 


had no effect, presumably as a result of being partitioned to the alpha 
phase. This work suggests, as is amply borne out in practice, that the 
thermal stability of alpha—beta alloys containing sluggish beta-eutectoid 
elements may be improved by the addition of beta-isomorphous 


elements (molybdenum, vanadium) or more sluggish beta-eutectoid 


elements than are originally present. Conversely, one may anticipate 
that in an alloy made up with active beta-eutectoid elements like copper 
or silicon where the desired structure is alpha-plus-compound, thermal 
instability would result from the addition of elements which retard the 
precipitation of compounds. 

Burte et al.“®) and WitiiamMs and Jarrere®) have presented 
evidence that hydrogen promotes thermal instability in alpha—beta 
alloys, presumably by accelerating the beta-composition reactions. 
However, ScCHWARTZBERG ef al.“ have found that the thermal 
instability shown in a high-hydrogen-content Ti-2Fe—2Cr—2Mo alloy 
is a manifestation of strain-ageing embrittlement rather than a result 
of accelerated beta composition. Thus, as shown in Fig. 81, at hydrogen 
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3 
THERMODYNAMICS AND KINETICS OF 
MARTENSITIC TRANSFORMATIONS* 


Larry Kaufmant and Morris Cohent 


1. INTRODUCTION 


THE term ‘“‘martensite”’ was first used in honour of Professor A. Martens 
to identify the plate-like microconstituent in hardened steel. Subse- 
quent X-ray measurements by Fryk and CamMpBELL” showed this 
structure to be body-centred tetragonal. In 1946 TromaNo and 
GRENINGER™ pointed out that the hardening reaction in steel had much 
in common with the shear-like, diffusionless transformations in other 
alloy systems. Accordingly, the meaning of the word “martensitic’”’ 
was revised to describe this type of transformation rather than the 
character of the transformation product. In a practical sense, the steel 
hardening reaction and the properties of the body-centred tetragonal 
product have continued to enjoy great technological importance, but 
we shall be concerned here with the broader usage of the term ‘“‘marten- 
sitic’’ as designating a class of solid-state transformations. 

Within the past decade, noteworthy progress has been achieved in 
the understanding of martensitic transformations. By comparing these 
reactions in various systems (including pure metals), it has become 
possible to strip away the details that lack generality and thereby 
arrive at the essential features. For example, just as high hardness 
and body-centred tetragonality had to be discarded as necessary 
properties of the transformation product, it is now evident that 
athermal kinetics and insuppressibility must likewise be removed from 
the definition of a martensitic transformation. While most martensitic 
reactions do display athermal characteristics, starting at a well-defined 
temperature (even during drastic quenching) and continuing only while 
the temperature is falling, isothermal martensitic transformations 
have now been discovered in several cases, both with and without 
prior athermal transformation. The isothermal component is suppres- 
sible by rapid cooling, and dropping temperature is obviously not a 
requirement for the progress of this reaction. 

* This review was conducted as a part of a research programme being sponsored at 
the Massachusetts Institute of Technology by the Office of Naval Research under 
Contract No. N 5ori-07896 

+ Lincoln Laboratory, Massachusetts Institute of Technology, Lexington, Mas- 


sachusetts 
Department of Metallurgy, Massachusetts Institute of Technology, Cambridge, 


Massachusetts. 
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MARTENSITIC TRANSFORMATIONS 


TABLE 1.1—(Contd.) 
highest temperature at which the austenite-to-martensite 
reaction is induced by plastic deformation, °K or °C 


lowest temperature at which the martensite-to-austenite 
reaction is induced by plastic deformation, °K or °C 

atomic fraction of alloying element 

difference in free energy between f.c.c. and b.c.c. iron 
cal/mol 

difference in enthalpy between f.c.c. and b.c.c. iron, cal/mol 

free energy of mixing of austenite, cal/mol 

difference in free energy between the f.c.c. and b.c.c. 
modifications of component A, cal/mol 

difference in free energy of mixing between austenite and 
martensite, cal/mol 


equilibrium composition of ferrite coexisting with austenite 


at any temperature, atomic fraction 


equilibrium composition of austenite coexisting with ferrite 


at any temperature, atomic fraction 


difference between the heat of solution of component A in 


austenite and in martensite, cal/mol 
activity coefficient of component A in austenite 
activity coefficient of component A in martensite 
activity coefficient of iron in austenite 
activity coefficient of iron in martensite 


difference in free energy between ordered and disordered 


arrangement of carbon atoms in iron, cal/mol 


difference in entropy between austenite and martensite, 
cal mol K 


difference in entropy between f.c.c. and b.c.c. iron, cal/mol 


KK 


difference in free energy between f.c.c. and b.c.c. iron due 


solely to thermal (non-magnetic) effects and to the 


enthalpy difference at 0°K, cal/mol 


contribution to AF,’ arising from magnetic changes in the 


ferromagnetic b.c.c. iron on heating, cal/mol 
value of \F; *Y at “K, cal/mol 
weight per cent of alloying element 
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TABLE 1.1—(Contd 


change in the “magnetization uncoupling temperature” 


produced by the solution of one weight per cent of 


alloying element in iron K 

change in M, temperature (A.V,) produced by the solution 
ot one weight per cent ol alloying element in iron, “K 

Curie temperature ol ferrite K or “C 

difference in free energy between f.c.< and b.c.c. nickel, 
cal/mol 

heat liberated by austenite-to-martensite reaction, cal/mol 

force, dynes 

stress or pressure, dyne/cm* 

cross-sectional area, cm* 

change in length cn 

volume, cm*® 

heat liberated by austenite-to-martensite reaction, cal/cm* 

transformation strain in axial direction of specimen 

density, g/cm* 

nonchemical free energy difference between austenite and 
martensite, cal/mol or cal particle* 

net tree energy difference between austenite and martensite, 
cal/mol or cal particle* 

surface energy contribution to AG*~’, cal/mol or cal 
particle* 

strain energy contribution to AG*~’, cal/mol or cal 
parti le* 

radius of lenticular or ellipsoidal embryo, cm 

semi-thickness of lenticular or ellipsoidal embryo, cm 

F Pi 

elastic constant defined by 4 dyne ecm* or erg/cm?® or 
cal/cm* ; 

elastic constant defined as A/4, dyne/cm* or cal/em*® or 
erg;cm” 

specific interia ial energy ol the austenite-martensite inter 


face, erg/cm* 


» different quantities cal mol and cal 


* The same sym! 


particle. However, the text and equations « specify which quantity is intended 


in each instance 





MARTENSITIC TRANSFORMATIONS 


TABLE 1.1—(Contd.) 


H enthalpy of austenite, cal/mol 
H? enthalpy of martensite, cal/mol 
AH |\ yy AH*~” at M,, cal/mol 
V molar volume, cm*/mol 
mn 
macroscopic shear strain of the austenite-martensite 
reaction 
macroscopic dilatation of the austenite-martensite reaction 
angle between stress axis and normal to habit plane, degrees 
activation energy for the formation of a martensite embryo 
of critical size, erg/event or cal/(mol of events) 
AW , at 0 K 
volume of embryo of critical size, cm*/embryo 
radius of embryo of critical size, em 
r, at O°K 
semi-thickness of embryo of critical size, cm 
initial nucleation rate of isothermal martensitic reaction, 
particles/cm® sec 
characteristic frequency of lattice vibration, sec 
Avogadro’s number, mol 
Boltzmann’s constant, erg/°K 
gas constant N,k cal/mol °K 
increase in free energy attending the removal of all carbon 
atoms from a region of average concentration in steel, ergs 
activation energy used in Crussard’s theory of martensite 
formation (analogous to AW,), erg/event 
Planck’s constant, erg sec 


number of embryos per unit volume having free energies 


between F and F dF, cm- 


experimental activation energy of nucleation for isothermal 


martensitic reaction at °K, cal/(mol of events) 
shear angle in the reaction-path theory, radians 


lw, 
Yo) 


observed macroscopk shear (tan 

activation energy for diffusion, cal/(mol of events) 

spacing between screw dislocations in Frank’s model of the 
austenite-martensite interface, cm or A 
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TABLE 1.1—(Conitd.) 


lattice parameter of austenite, cm or A 


angle between [110] and [554] 

value of AG*~’/V_, cal/em?® 

minimum value of Ag, cal/cm* 

shear modulus, dyne/cm? 

Poisson’s ratio 

strain energy per unit length of dislocation, erg/cm 

Burger's vector of dislocation, cm 

radius of dislocation core, cm 

radial extent of ‘‘active’’ dislocation strain field, em 

tan! (b/d), radians 

embryo radius at which Aw and AW are equal to zero, cm 

minimum embryo radius at which cataclysmic growth can 
occur, cm 

line tension of the equivalent circumferential dislocation 
loop surrounding the embryo, dynes or erg/cm 

Burger’s vector of equivalent circumferential dislocation 
loop, cm 

energy of equivalent circumferential dislocation loop, 
erg/loop 

shear stress acting on equivalent circumferential dislocation 
loop, dy ne/cm* 

maximum energy of equivalent circumferential dislocation 
loop, erg/loop 

activation energy per unit step during thermally activated 
spontaneous growth of embryo, erg/unit growth of loop 

maximum activation energy per unit step during thermally 
activated spontaneous growth of embryo, erg/unit 


growth ol loop 


embryo radius where activation energy per unit growth of 


loop Is MaxXimum, cm 
radius of largest embryo present, cm 
activation energy of largest embryo present, cal/(mol of 
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2. NATURE OF MARTENSITIC TRANSFORMATIONS 
2.1. Essential Features 


Martensitic reactions are displacive or shear-like. They entail a co- 
operative movement of atoms such that the region in question undergoes 
a transformation strain or change in shape. Fiducial lines on a pre- 
polished surface are sheared over, and the free surface of the region 
is tilted out of the plane of polish. No diffusion or interchange of atoms 
is involved in this process. The transformation product inherits the 
composition of the parent phase,’ and may be atomically ordered if 
the latter contains a superlattice.’ 

The observed displacements indicate that the transformation strain 
is homogeneous within any one plate, but GRENINGER and TRorANo’? 
have shown that this strain (frequently called the “‘first’’ strain) does 
not describe the atom movements because if the austenite lattice were 
to be deformed in this way, the atoms would not be carried into their 
final positions on the martensite lattice. Therefore, it is necessary to 
postulate the occurrence of some heterogeneous deformation (fre- 
quently called the ‘“‘second”’ strain) due to twinning or slip on a fine 
scale in the martensite. Then, the lattice deformation arising from the 
primitive atom movements is homogeneous only over very small 
portions of a single plate, and the apparent discrepancy between the 
lattice deformation and the overall change in shape is accounted for 
by the heterogeneous deformation. We shall have occasion to recognize 
these factors in treating the kinetics of nucleation. 

Another important crystallographic aspect of these transformations 
is that the martensitic units usually develop as lenticular or ellipsoidal 
plates because of the opposing stress fields in the surroundings. The 
main interface is often considered to lie parallel to the habit plane. 
In some cases, the interface may be quite flat, as when a martensitic 
unit spreads across the whole section of a single crystal or when nearby 
units cause displacements in the same direction, thereby minimizing 
the back stresses. The nature of the interface is of particular signifi 
cance in our considerations. Inasmuch as it connects the displaced 
region (martensite) with the surroundings, the interface must remain 
invariant, i.e. unrotated and undistorted when averaged over macro- 
scopic distances. This means that the shear component of the 
macroscopic strain lies parallel to the interface (or habit) plane, 
whereas the dilatational component is normal to it. The interface 
must also provide a suitable linkage between the two phases such that, 
as it moves forward, the atoms are transferred systematically from 
the austenite to the martensite lattice in the right orientation. In 


general, the interface possessing these properties, if it can exist at all, 
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has a complex orientation; the habit planes are then said to be 
irrational, meaning that the Millerian indices are not simple. 

Much progress has been achieved in rationalizing these crystallo 
graphic features by BowLes and Mackenzie,?° Wecus_er et al.“ 
and Brtpy and CuHrRIsTIAN.” \ccording to recent views both the 
overall homogeneous displacement and the heterogeneous strain are 


accomplished at the interface as it spreads (rapidly or slowly) through 


the parent phase, leaving martensite behind. The interface may be 


considered to comprise dislocation arrays which travel along with the 
interface and produce the heterogeneous strain, as first proposed by 
Frank; thus perfect coherency between the two lattices does not 
prevail. Moreover, the orientation of the dislocation interface that 
couples the two phases will depend on the mode of slip or twinning in 
the heterogeneous strain and, in turn, on the temperature at which the 
martensite is generated This is reflected by the change in habit 
orientation with transformation temperature in Fig. 3.12. 

It is a striking fact that martensitic reactions can propagate at 
temperatures approaching absolute zero, as demonstrated by KuULIN 
and CoHEN” for iron—nickel and iron—nickel—carbon alloys; the 
mobility of the interface does not seem impaired by the obvious lack 
of thermal activation. Evidently, the interface motion is a coordinated 
or wave-like phenomenon, not involving atom-by-atom transfer across 
the interface, and neither short-range nor long-range diffusion is 
required for the process. The actual movement of each atom relative 
to its neighbours is very mu h less than one lattice spacing. 

BunsHAH and Meni” have found that the propagation rate of 
martensitic plates in an iron—29-5 per cent nickel alloy is about 10° cm 
Se \ with a time of tormation ot 0-05—0-5 usec This corresponds to 
one-third the velocity of sound. Of equal significance is their observa 


tion that the propagation velocity of isothermally-formed martensite 
is the same as for the athermal product, and is virtually independent 
of the temperature over the range studied 20 to 195°C). The 

d velocity is likewise insensitive to temperature in this alloy. 
It may be concluded that the activation energy for the growth mech 
anism of martensite (except for the bainite and uranium—chromium 


cases discussed in Section 2.3) is effectively zero 


i” harac feriatica 


Although athermal-kinetic behaviour is not an indispensable mani 
festation of martensitic reactions, nevertheless this feature is often 
observed. Two examples are shown in Fig. 2.1 for iron—nickel®® and 

cadmium"® alloys, which also display athermal kinetics in the 
reverse transformation on heating In both cases, the athermal 


reactions are not suppressed by rapid cooling or heating, and proceed 
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while the temperature is changing. In the past, it was common to 
state that martensitic transformations cease when the cooling is 
stopped, and start again when the cooling is resumed. However, in 
the light of later findings, both of these statements need some 
qualification. 

Clearly, the martensitic reaction may go on after the cooling is 
interrupted in those instances where isothermal transformation occurs. 
On the other hand, if the athermal mode is deemed to require no 
thermal fluctuations for its progress (in contrast to the isothermal 
mode), then the athermal transformation per se can be considered to 
stop if the cooling is halted. 

When the cooling is resumed, the athermal transformation may not 
start immediately if the phenomenon of stabilization’) is operative. 
In fact, stabilization may impede the heating as well as the cooling 
reaction, and the isothermal™* as well as the athermal reaction. The 
many examples of stabilization reported in the literature are not 
necessarily attributable to the same cause. One possibility is that 
solute or impurity atoms undergo short-range diffusion to the strain 
centres in the parent phase, and thereby lower the driving force for the 
transformation in the regions which might otherwise serve as preferred 
nucleation sites.“*. Alternatively, the interface of an embryo or 
plate of martensite may become immobilized by a slight concentra- 
tion build-up in a manner analogous to dislocation pinning. It has also 
been suggested that the close coupling between austenite and marten- 
site, which confers high mobility upon the interface, may be partially 
destroyed by time-dependent plastic yielding or relaxation.'**) More 
recently, it has been proposed that stabilization results from an 
extraneous strengthening of the parent phase, caused by the formation 
of Cottrell atmospheres‘**’ or precipitation,’ which makes the matrix 
more resistant to the displacements attending martensitic transforma- 
tions. 

The quantitative details of stabilization will not be reviewed here 
because, for present purposes, it may be regarded as a parasitic 
phenomenon which occasionally interferes with the nucleation or 
propagation mechanisms at play, and then only introduces deviations 
from the primary thermodynamic and kinetic characteristics of the 
transformation. 

There are important differences in the reaction behaviour between 
the two cases illustrated by Fig. 2.1. The iron—nickel alloys transform 
to martensite on cooling by the successive formation of new plates, 
with each one shooting out suddenly to its final size. Consequently, 
the course of the transformation as a function of dropping temperature 


is dependent upon the rate of nucleation and the size of the fully 


grown plates, but not upon their rate of growth. Such reactions are 
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on heating. In systems of the gold—cadmium class, the reverse trans 
formation occurs with relatively little superheating; the martensitic 
plates shrink more or less progressively and disappear approximately 
in the reverse order of their formation. There is no obvious nucleation 
process involved in this reversion. However, in the iron—nickel case 
appreciable superh iting 1s necessary to start the reversal, and the plates 
do not snap back out of existence, but often transform piecewise in 
smaller platelike units.‘ This process evidently does entail nucleation. 

There is a phenomenological similarity between the two types of 
martensitic reaction and mechanical twinning, with applied stress 
taking the place of the chemical driving force.‘**: 27 When polycry 
stalline zinc is slowly compressed, thin mechanical twins first form 
discontinuously and then thicken progressively as the stress is increased 
Removal of the stress causes the twins to shrink back and even disap 
pear. On the other hand, if the zine is shock loaded or over-stressed, 
the mechanical twins do not grow reversibly and they remain on 
unloading. More generally, various combinations of both behaviours 
may be encountered, and the same is true for martensitic reactions 
The iron—nickel and gold—cadmium prototypes cited here constitute 
particular cases of athermal kinetics that will be found to varying 
degrees in other martensitic systems 


2 lsothermal Characteristics 


Although numerous isothermal martensitic transformations have not 
been found as yet, enough information is already at hand to rule out 
athermal kinetics as a necessary manifestation of a martensitic reaction 
In most martensitic systems, the isothermal component is either not 
operative or is obscured by the predominant athermal behaviour. Where 
isothermal reaction has been detected it usually occurs below . but 
some cases are known‘'*~*, %, % 


thermally above M,. The first instance was reported by KuRDJUMO\ 


in which martensite can form iso 


and Maxirmova"™) for an iron—0-6 w/o carbon—6-0 w/o manganese 


alloy.* Subsequently these investigators discovered isothermal trans 


formation in an iron—nickel-manganese alloy.“ Hence, athermal 
martensite is not an essential precursor for isothermal martensite. 
However. because martensitic reactions are strain sensitive and auto 
catalytic, athermal martensite may stimulate the nucleation of iso 
thermal martensite when the cooling is interrupted below Vv provided 
not too much of the parent phase has been consumed by the atherma!l 
transitormation 

The basic nature of the isothermal reaction is best studied in the 
absence of athermal martensite ind in later sections more weight 
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growth. When the latter propagation comes to a halt at a given 
temperature because the available driving force is balanced by the 
required non-chemical factors (Section 4.5), further growth of the 
martensite at the temperature in question can only take place if an 
increase in the driving force or decrease in the restraints comes into 
play as a function of time. The isothermal bainite reaction has been 
suggested" as an example of this possibility, in which carbide pre- 
cipitation within the transformation product or carbon diffusion in the 
surrounding austenite increases the thermodynamic tendency for the 
bainite to continue growing. According to this interpretation, the 
isothermal growth of bainite should be controlled by the rate of carbon 
diffusion either in the austenite or bainite, whichever is slower. However, 
it has not been established that bainite reactions always have the 
displacive character that would properly classify them as martensitic 
transformations 

Another instance of isothermal growth in a martensitic transforma 
tion has been reported by Ho_tpEen™ and Morr and Harnes™) for 
uranium—chromium alloys. On a prepolished surface, the martensitic 
displacements not only produce surface upheavals, but the tilted 
regions expand as a function of time. This growth is observed at 
room temperature where the diffusion rate is too slow to account for 
the isothermal kinetics. It has been proposed‘ that the strain-energy 


factor opposing the transformation is progressively relieved by time 


dependent yielding due to twinning in the martensitic product or slip 


in the surroundings. Still another possibility is that the interface 
between the two phases is not highly mobile and that thermally 
activated dislocation adjustments have to take place therein in order 


for the atoms to move co-operatively 


2 4 A utocatalytic and Partitioning Effe cts 


Once a martensitic transformation sets in, either athermally or iso 
thermally, the subsequent course of the reaction may be greatly 
influenced by autocatalysis. Preferred nucleation sites are developed 
in the parent phase by the disturbance around an existing plate, and a 
chain reaction may ensue with the plates forming from end to end in 
zig-zag fashion. Macuir~ and Conen™ have shown that, in special 
cases, a burst of transformation may occur as a result of co-operative 
displacements among several plates. If potential plates in the vicinity 
of an actual plate tend to cause the same displacement in the inter 
vening austenite, then the back stress on the transformation is reduced 
and many plates can propagate almost at once. Such bursts not only 
create discontinuities in the reaction kinetics, but occasionally comprise 
a large part of the total transformation 

A quantitative theory governing these autocatalytic phenomena is 


177 





ITAL PHYSICS 


lacking, and consequently, it is only the initial rates of nucleation that 


we shall deal with here. By the same token, when testing various 
models of nucleation, we shall devote more attention to the VW, tem 
per iture than to the subs q rent transtormation kinetics on cooling 
nother complication that arises after the reaction gets under way 
is the diminishing size of fully grown plates, due to partitioning of the 
matrix by the increasing number of plates. This makes it difficult to 
relate the transformation rate to the nucleation rate. FisHer et al.“ 
have treated this interesting problem in spatial geometry, but the 
regularity of the shape and formation-sequence of the plates is not 
sufficiently precise to yield explicit results. It becomes necessary to 
introduce an adjustable parameter which is evaluated empirically by 
fitting the transformation curve, and which therefore depends upon the 
autocatalytic effects as well as the partitioning factor. In view of 
these uncertainties, it seems advisable to rely on initial rate measure 


ments when comparing kinetic theories with experiment 


3. THe CHEMICAL FREE ENERGY CHANGE 


ofan Equilibrium between Auste nile 


a? 1 V arte nails 


In view of the diffusionless nature of martensitic reactions, martensite 
and its parent phase iustenite) have the same composition Each 
phase has a chemical free energy that varies with temperature and 
composition, and for a given alloy, there may be a temperature (7%, 
at which the two free energies are equal (/ F*).* At any other 


temperature, the difference in free energy may be expressed as 
\ F*~” cal/mol 


This quantity is positive when martensite is more stable than austenite 
for the opposite It is a quantitative measure of the 

the martensitic transformation, being larger in a 

lorce Note that AF* ~~” is the 


attend the martensitic trans 


schematic representation of F* and F”’ as a function of 

us the temperature at which AF*~ 0 

from the austenitic range, .V. lies 

below ] because n Lu ! --to-martensite reaction does not 
necessarily start when the martensite becomes more stable than the 
austenite. The reasons for such supercooling are discussed in Section 
phas Usually, but not necessarily, 


I he high 
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4.1. The reverse transformation on heating, starting at A,, may also 
require superheating as indicated in Fig. 3.1. 

Unfortunately, sufficient thermodynamic data are not available for 
many alloy systems exhibiting martensitic transformations. One of 
the primary difficulties is that diffusionless reactions often occur at low 
temperatures where equilibrium cannot be achieved. However, con- 
siderable progress has been made along these lines in the iron 
carbon, 1%, 37) and iron—nickel*, ) systems, and consequently they 
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Ternperatur 


3.1. Schematic representation of /* and FY vs. temperature 


for an iron-base alloy 


will receive most attention here. l[ron—manganese alloys™* display 
certain similarities to the iron—nickel case. 

The experimental determination of 7, depends on bracketing it 
between M, and A,. In iron-base alloys, the hysteresis between M, 
and A, may be as large as 400°C; examples are shown in Fig. 3.2. The 
reverse transformation is not commonly observed in iron—carbon 
alloys, presumably due to the rapid decomposition of the martensite 
via tempering reactions on heating. However, GRIDNEV and TRE 
FILOV'®) have recently reported A. determinations for iron—carbon 
martensites (rapidly heated at ~ 600°C/sec) lying 300-400°C above 
M.. 


In general, the hysteresis between /, and A, can be narrowed by 


plastic deformation. ./, is thereby raised, becoming ,, and A, is 


lowered, becoming A,. Using cobalt—nickel alloys, Hess and 
BARRETT were successful in closing the gap almost completely with 
this procedure, and the resulting 7, determinations are plotted in 
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Fig. 3.3. If M, and A, cannot be brought into coincidence by plastic 
deformation, 7, is taken as }(M, + A,). This case is shown in Fig. 3.4 
for iron-nickel alloys;"* actually 4(M, + A,) turns out to be about 
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equal to 4(/, A ,) for this system. When the difference between 1, 
and A, is only several degrees, as in the indium—thallium™ and gold 


cadmium"®? alloys, plastic deformation is not necessary to bracket 7p. 

However, there are alloys, such as beta brass,‘**) in which the trans- 
formation temperature range on cooling overlaps that on heating, and 
hence A, lies below M,. These are undoubtedly cases in which the 
strain energy built up by the displacive nature of the martensitic 
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transformation is sufficient to start the reverse transformation ‘“‘pre- 
maturely”’ on heating. Then 7’, is not bracketed by M, and A,, and its 
experimental determination becomes uncertain. 

The role of plastic deformation in arriving at 7’, is a kinetic one; 
it stimulates the nucleation process so that the more stable phase 
can form in the temperature range where the martensitic transfor- 
mation or its reverse does not take place merely on cooling or heat- 
ing. However, the question does arise as to the possible effect of 
the concomitant elastic stresses (strain energy) on the equilibrium 
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Fig. 3.3. Bracketing of 7, in cobalt Fig. 3.4. Bracketing 7, by plastic 
nickel system by plastic deformation. deformation in iron—nickel alloys“®’ 
(After Hess and Barretr'®)) 


temperature. BurKaArT and Reap‘ have demonstrated that, in an 
indium-—thallium alloy, M, and A, (and therefore 7) are shifted by 
elastic stress, while Parent and ConEen* have shown an analogous 
influence on M, in iron—nickel alloys. This shift in the equilibrium 
temperature due to mechanical factors is a thermodynamic effect 
governed by the LeChatelier principle, in contrast to the kinetic effect 
of plastic deformation. 

However, when the temperature hysteresis between M, and A, is 
large, as in the iron-base alloys, the thermodynamic shift in 7, due to 
the maximum elastic energy increment that can be supported by the 
system is small compared to M, — M, and A A, as produced by 


s 


plastic deformation. Furthermore, it is not obvious that the complex 
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pattern of elastic stresses set up during plastic deformation would 
produce any net shift in the observed T, 
On the other hand, for systems where A M. is small, the shift 


WV A and he 


the unstressed ] 


due to stresses may be sufthcient to raise the V above 
In such cases, the 7’, bracketed by M, and A, 


would not be the equilibrium temperature being sought However 


0 0 
as was pointed out previously, it is not necessary to use plastic deforma 
tion to determine 7, when A M . is small 

An important product of the thermodynamic treatment of marten 


sitic transformation is the calculation of 7,. This has been done tor 


0 
iron—carbon and iron—nickel alloys, as described in the following 


sections 


0 


and the Equilibrium Diagram 


Using the iron—nickel system for purposes of illustration, Fig. 3.5 


shows the tree energy re tionships between T’ und the equilibrium 


ou 
phases upon which the thermodynamic calculation of ca is based 
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intersection between the two free energy surfaces, and defines the locus of 
F* — F’. This locus, projected to P’Q’ in the temperature-composition 
plane, gives 7’, as a function of composition. The points A BCD trace 
the free energy path for the gamma phase in a 31 a/o nickel alloy on 
rapid cooling from 800 to 200 K. At temperatures below point C. the 
F” surface lies above the F* surface and there is a finite driving force 
for forming martensite. At 200°K. which happens to be M, for the 
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3.5. Schematic re pre ‘ig. 3.6. Schematic representation of F 
sentation of chemical free surfaces as a function of z 
energy versus composition and 7’ 
for the alpha and gamma 
phases in the iron—nickel 
system at four tempera 


ture levels 


31 a/o nickel alloy, the free energy can drop from D on the F”’ surface 


to D’ on the F* surface by means of a diffusionless transformation 


oo Thermodynamu Properties of Pure Iron 


In calculations of the free energy changes accompanying the martensitic 
reaction in iron-base alloys, the thermodynamics of the alpha-gamma 
transformation in pure iron plays an important part. JoHaNnNnson, 
ZeNeER™? and Darken and Smirn) have reported on AF¢> 


Fisher” utilized the following equation below 500°K: 


0-3957' 12-5 x 10-*T7"® cal/mol . (3.2 
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whereas KAUFMAN and Congen™® have proposed 
\F 5; * iL ] 10-* 7" cal/mol 


between j On) K wi = the range ot martensitic interest 
The tt i ] i Will be : pte i here because it cor forms re wonably 


is data nd also satisfies the third law of thermo 
temperature can be derived 


oAFS 
l 


anal =the : i » in fair agreement with Johannson’s values for 
\H;; 

As shown in Figs ; und 3.8, the Darken and Smith curves for 
AF? *y and AH; *’ are at considerable variance with the data adopted 
here Because these differences would introd ice serious dist repancies 
in the computations to be discussed, it is necessary to arrive at some 
basis for making a choice. The main reason for the difference lies in 


the temperature ce pendence that is used for the specili heat of pure 


famma iron, which is subject to considerable uncertainty because it 


cannot be measured directly over the temperature range of 0—-1183°K, 
and extrapolations car not be safely made from the higher temperatures 
where gamma 1s the stable phase Fortunately ScHEIL and Nor 


MANN'*) have recently determined A/H*~”’ in a series of iron—nickel 


alloys (Fig. 3.9) by measuring the specific heat versus temperature for 
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both the alpha and gamma phases 


AH* 


at any given temperature is 


Fig. 3.5 l nthalpy nanwge ior the 


pure iron versus temperature act 
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nge act 


in iron—nickel alloys 


perature by NORMAN 


and extrapolation to Ow/o Ni vields the values shown in Fig. 
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A straight line is obtained when 
plotted as a function ot (w/o Ni)? 


gamma transformation in 
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It is evident that they discriminate in favour of the Johannson curve 


(and the proposed modification to comply with the third law) over the 
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low temperature range where the martensitic transformation comes 
into play 
3 } Free Ene rgy ¢ hang , in Tron hase Alloys 
The chemical free energy of the austenitic phase in a binary Fe-A 
alloy can be expressed as 

F | r) F 


F’., cal/mol . . (3.5) 


A similar equation can be written for the martensitic phase, and on 


subtracting from Eqn. 3.5 
AF (1 r)AFy rArs- AFS,~” cal/mol . (3.6) 

For multicomponent systems in general 
AFr~ ry AF >. 22, AF 


LAFS,"” cal/mol  .(3.6a) 


The quantity \} t *Y has already been treated in Section 3.3: AF* . 


is the difference in free energy between the gamma and alpha modifi 






cations of pure component A it is negative for f.c.c. elements and 






positive for b.c.c. elements. In the case of elements which do not have 





stable f.c.c. or b.c.c allotropes the sign ol Ars” cannot be inferred, 






but real values do exist in principle 





The difference in the free energies of mixing AF%,~” is difficult to 





estimate, even as to sign. It can, of course, be obtained from activity 





measurements of the iron and component A in the austenitic and 






martensitic phases as a function of temperature and composition. 
47, 48 






Accurate calorimetric measurements can also vield information 






concerning AF%,~”’. However, ordinarily, such data are not available, 






and assumptions must be introduced to bridge the gap 





ZENER”? has derived the thermodynamic properties of medium 






alloy steels on the basis that the carbon and alloy concentrations are 






sufficiently dilute to allow the alpha and gamma phases to be regarded 









as ideal solutions. According to this assumption, the mixing term 
AF*%,~” in Eqns. 3.6 or 3.6a is zero and AF* RT \n x,/x,. Since 
AF AH* TAS*’, the quantity RT In z,/x, is not generally 
constant, but Zener takes it to be so, implying that AS*~ 0.4 In 







this case 





AH* 





RT In r,/x AH* "Ycal/mol . , . (3.7) 









with the latter equality arising from the assumed ideality of the 
solutions. AH*~” is the difference between the heats of solution of 






component A in the austenitic and in the martensitic phases. Eqn. 3.6 






now simplifies to 






AF l ry AFF rAH*,~’ cal/mol . «+ (3.8) 
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Once A//%,~” is evaluated, the chemical free energy change for the 
martensitic reaction can be calculated from Eqn. 3.8, and then 7’, is 
obtained by setting A¥*~” equal to zero. Since AF,” becomes larger 
(in the positive direction) as the temperature decreases, the elements 
for which AH%~*” is negative (expanded gamma-field phase diagrams) 
lowers 7'5, while elements with AH%~” positive (gamma-loop phase 
diagrams) raise 7’). 

More recently, Jones and PumpHrRey™* have utilized Zener’s 
approach to derive the free energy changes for the martensitic reaction 
in the iron—nickel and iron—manganese systems. However, in order to 
make AH%,~’ and AH%,”” come out reasonably constant, it was necessary 
to multiply AF,” by two different empirical constants. This pointed 
out a basic deficiency in the thermodynamic treatment because 


AF*%,” should be identical for all iron-base systems. The discrepancy 


arises from the fact that the austenitic and martensitic phases are not 
ideal over the range of composition involved, nor is AH%;*’ or AH} 
constant over the range of temperatures considered. Nevertheless, 
Eqn. 3.8 is useful for obtaining rapid approximations over the limited 
temperature range in which AH%,~”’ has been computed. The AH%~” 
values in the literature are listed in Table 3.1. 


TABLE 3.1 


Values of AH%~~Y for Approximate Calculation of Chemical Free Energy Changes 


Accompanying the Martensitic Reaction in Iron-base Binary Alloys 


Binary component \H% *Y (cal/mol) Reference 


8100 
5360 
2440 
2700 
1600 
2500 
1280 
590 
475 
810 
1300 
1360 
1360 
2830 
4180 
5500 
YOO) 


1200 


It should be noted in Table 3.1 that the value for chromium is nega 
tive despite the fact that chromium is a gamma-loop element. AH%,~ 
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!.) at low temperatures from con 


was determined by FISH} Rela 
siderations of the martensite kinetics, but would have been a positive 
number is for the other gamma loop elements in Table 3.1) if the 


equilibrium diagram and Eqn. 3.7 were adopted for the evaluation. 
This emphasizes the risk in using the \H% “* quantities for calculating 
the free energy changes over too wide a range of temperature, particu 


rly for the gamma-loop elements wherein the alpha gamma equilibria 


le tar above the martensitk range 
FisHEeR™’ has made a detailed analysis of the thermodynamics of 


the martensitic transformation in steels, employing the following 


assumptions 1) the x AF%~” term in Eqn. 3.6a is taken to be negligible 
b) RT in f%/f% is assumed constant* and f; fy. 1: when the 
latter is true, it can be shown that 2RT In /)/f% AF%,"” in Eqn 
3.6a und f./f* is regarded as independent of concentration when 


upha and imma have the same composition as in a diffusionless 
transformatior In the case of carbon, a temperature dependence is 


introduced for AF%,~” along with an order parameter AF'* which takes 






into account the preferential arrangement of the carbon atoms in the 






body-centred tetragonal lattice of the martensite in steel. (There are 






three sets of octahedral interstices for the carbon atoms, which are 





equivalent in b.c. ferrite put one ot these sets becomes preferred in 






b.c.t. martensite Fisher's free enere’ equation is (in the present 










\F* + Sx,RT In fi/f% cal/mol . (3.9 


i i 













COHEN ef a ” have also reported on the free energy changes in 
. rhon allovs Their results agree quite well with Fisher’s, and 
re shown in Fig. 3.10. From the slope ol the linear portion of the free 
eneryy irves JAI "V107 1-4 cal/mol “K, and therefore AF* 
Vis 1-4(7 V independent of the carbon content. The 7, 
ilue for each « position is given by the intersection of the corres 
ponding tree energy curve with the AF*~ 0 axis 
In comparir Zene! Ss equation 3.8) with the more general equation 












Th is \}/* Ss not ike \ to hye constant he« Luse \/ 1 depends on 
temperature and AF%,*” depends on both temperature and composition 
woreovel Mi ma or may not have the same sign as Ars 








and marten 
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Ya’— y 
M 


depending on the sign and magnitude of This explains why 


x 
AH*,~” is not always negative for f.c.c. elements or positive for b.c.c. 
elements. For example, aluminium is f.c.c. (AF%’ is negative) and 
yet aluminium is a gamma-loop element (AH%;*’ is + 1300 cal/mol 
according to Table 3.1). To circumvent this difficulty, KAuFMAN and 





, 


AFeP*? cai/mol 


after Gridnev 


=AS 
and ‘refilov) 39) 








-500 
200 400 600 800 1000 


Ternper ature 





Fig. 3.10. Change in chemical free energy attending the austenite 
martensite reaction in iron—carbon alloys as a function of temperature 
and carbon content” 


CoHEN"® have adopted a more rigorous treatment for the iron—nickel 
system, and have arrived at explicit values for the individual terms on 
the right side of Eqn. 3.6. The steps are outlined below. 

Equations are set up for the free energies of the alpha and gamma 
phases, treating them as regular solutions of iron and nickel. The 
rule of common tangents is then applied to the expressions for F* and 
F’, and by utilizing the known phase boundaries, it is possible to 
evaluate F%,, although not F%4, or AF%” at this stage. Nevertheless, 
because of the way the latter two terms happen to appear in the exact 
equation for AF*~’, an approximate solution for AF*~’ can be 
derived for compositions up to 25 a/o nickel. This solution shows that 
T, is closely equal to 4(.M, + A,), and that the driving force to start 
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= 


the martensitic transformation at MM 


is numerically equal to the 
With the reasonable 
these correlations also prevail in the com position 


driving force to reverse the transformation at A 
assumption that 


I inge above 44 


» a/o nickel, it becomes possible to evaluate the prev iously 


unknown terms F%, and AF'%”’, and thus obtain an explicit expression 


1ooo kK und nickel 
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r Eqn. 3.14 are plotted 


The chemical free energy changes indicated by 
$5 cal/mol °K 


in Fig. 3.11. From the slopes of these curves, AS*~ | 


Nickel! at “Io 
10 15 20 25 30 





800 





Ternperature 


Nicke 


} 


for iron-carbon Fig. 3.13. Experimental and theoretical 


T, in the iron—nickel 


nickel alloys determination of 
system**” 








Are” at M, ca/mol 





or composition) on the 


und iron—nickel alloys 


driving force 


( onsequently 


for iron—nickel alloys containing 5—< a/o nickel 
AF*~’ at M, is 1-45(7, M However, this proportionality con 


at lower nickel contents. The M, and A, 


stant becomes smaller 
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temperatures are also shown in Fig. 3.11 for the iron—nickel alloys 


and it can be seen that AF*~’ at VW yam ut A 
The 7, values at A/ ; U0 are replotted in Fig. 3.12 along with 
Fi . : WV talls 200°C below 7, in 


those trom 3.10 for iron—carbon alloys 
1 70-220°C below 7, in the iron—nickel 


the iron—c: n system, an 22 A 
system depending content For the iron—nickel ase 
values of 7’, are available from 4(.V 1 jand 4M 


O° 


experimental 


measurements, and excellent agreement with the calculated 


found, as shown in Fig. 3.13 
rhe driving force at .V. is given in Fig. 3.14 


as a function of carbon 
not vary appreciably with carbon content 


and nickel contents. It does 
nickel content. The physical 


but cle increases with increasing 


significance of these findings is discussed in Section 6.4 


the Martensitic Thermodynamics 
of if mm hase {lloys 
single parameter Ai/*~ RT in (x,/a Eqn 
thermodynamics of an Fe—-A system leads to 
which obviously 


lartensiti 

1a several gamma loop elements 

raise VW The juestion then arises as to whether these 
gamma martensitic transformation unduly 
driving forces to start the reaction 


and require extraordinarily 
thereby leading temperat ires despite the raised 7, 
temperatures 

To account fi arent anomaly ZeneER™ has proposed a 


two-parameter ognizes the role played by magnetic 


free energy ch re in pure iron 


magnetic term 


Curve A is 

i alpha-gamma 
The linear 
present the tree energy 
there 18 no ippreciable 
atoms in the alpha 

us the non-magnetk 
would denote the 

the alpha phase 


this event. the 


iipha—-gamma 
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Curve C is the difference between curves A and B, and constitutes 
the portion of the free energy change that is attributable to magnetic 
effects; it arises from the energy absorbed in uncoupling the magnetic 
moments in the alpha phase. 

The addition of component A to iron is considered to influence 


magnetic and non-magnetic parts of the free energy change indepen 





> a ~y . 
SF Fe (mac) 


emperature 


+ 














+600 +200 O 
4 Fe? cal/mo 


Separation of AF*~*” into magnetic and non-magnetic 


terms‘ 
dently by vertical shifts along the temperature axis, each of which is 
proportional to the weight per cent of A. In other words, the non 


magnetic term is changed from 
AFY ow OM T'| to AF? cw OM y yAT we)! 
and the magnetic term is changed from 
AP Sokal 1) to AF Fakes T YAT oyae)! 
where y is the weight per cent of A in the alpha and gamma phases.* 
AT. 4, and AT... are the shifts in the respective terms per | w/o A, 


and are the two parameters that Zener introduces to replace the 
inadequate single parameter AH* af 


AT’. 4) is equated to the change in M, per 1 w/o A on the assump 


tion that the martensitic reaction reflects the compositional dependence 
of the free energy change in the low temperature range where there is 
no magnetic contribution; thus A7’,, y AM,. The AT y,,, term 


* The temperature quantity in brackets is the argument of the free energy function; 


it specifies the temperature at which the free energy change is taken 
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is a measure of the effect of 1 w/o A in shifting the temperature range 


in which the magnetic uncoupling occurs. The free energy change for 


the diffusionless reaction at temperature 7’ can now be written 

A Pe 47 \Fe-r iT, AF EXtae! T',] cal/mol . (3.17) 
where T’ lr — yAT xy Tl — yAM, 
nd T. T (AT iyine 


Adding and subtracting AF >< y | 7,] on the right side of Eqn. 3.17, 
ind noting that 


1-4] T, T’,) cal mol °K 


L-41(7;, 
l-41y(A7 


At the equilibrium temperature 


L-41y(AT 5... AFS-1T' (3.19) 
For the gamma loop Cast can take y and T, corresponding to 
the limiting composition of the k * from which AFfr"|7, 
18-5 cal/mol (from curve n Fig. 3.15 Thus 


AT ' Ou 5/(L-4ly. ) 


ix 


Using the iron-chromium system as an example, y,,, 


chromium,* AM 19°C per 1 w/o chromium, and then A7',,., 
per | w/o chromium 


(r causes 


change in ‘ts 


raises 0? trom 
» BBY ( 

lowers 0% from 
to 800 ¢( 

| lowers 0% from 


to 700"¢ 


alpha and gamma phase 
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Table 3.2 lists the calculated A7',,,, values for several gamma-loop 
systems, using the AM, data tabulated by HoLLomon and Jarre.” 
Unfortunately, A7'y,.. is a parameter that cannot be verified inde- 
pendently. As Zener points out, the effect of alloying elements on the 
magnetic uncoupling actually spreads out over a temperature range, 
and cannot be regarded as a mere temperature shift; therefore, 
additional parameters would be required for a more precise description 
of the magnetic changes.'*” 

The comparison of A7’,,,., and the alpha-phase Curie temperature 
in Table 3.2 shows no obvious correlation. Aluminium and vanadium 
are quite anomalous in that A7',,.. and @& indicate magnetic shifts 
in opposite directions. Although Zener) has suggested that the 
effect of these elements on magnetic ordering may be a factor, the 
physical meaning of the calculated A7’,,,., values remains obscure. 
Nevertheless, this treatment is an interesting example of how M, 
determinations can be employed to provide thermodynamic information 
at temperatures where the classical methods of measurement are not 
feasible. 

It is curious that M. decreases with increasing concentration of 
some gamma-loop elements, despite the fact that 7, increases. (This 
is in contrast to the gamma-stabilizing elements such as carbon and 
nickel for which 7, and M, both decrease and hence (7, — M,) is 
relatively insensitive to composition.) According to Eqn. 3.18, how- 
ever, the slope of the curve of AF* ~” versus temperature decreases with 
increasing alloy concentration of those gamma-loop elements that 
lower M,. Therefore, the driving force does not increase rapidly with 
decreasing temperature in the range between 7, and M, in such cases, 
and so substantial supercooling is required before the driving force is 
sufficient to start the transformation. The driving force at M, for 
gamma-loop elements can be computed from Eqn. 3.18 and the data 
in Table 3.2. The results show that the driving force at M, does not 


vary abnormally with composition, and is of the same order as for 


gamma-stabilizing elements. 


3.6. Additional Thermodynamic Information from Martensitic 
Transformations 

In view of the foregoing thermodynamic considerations relative to 
diffusionless reactions, it becomes possible to utilize certain transforma- 
tion studies to provide thermodynamic data at low temperatures 
where the attainment of equilibrium is out of the question. Also, 
calculations can be made concerning metastable states that cannot be 
treated otherwise. 

One interesting by-product is Eqn. 3.13, which gives the free energy 
change (AF%,’) from b.c.c. to f.c.c. nickel.“® This quantity is negative 
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over the entire solid-state temperature range, signifying that f.c.c. 
nickel is more stable than b.c.c. nickel. Furthermore, inasmuch as 
AF%;” becomes increasingly negative with decreasing temperature, 
the f.c.c. phase of pure nickel becomes relatively more stable, and there 
is little chance of producing b.c.c. nickel by plastic deformation even 
at temperatures approaching absolute zero. 

In contrast, the free energy change (AF§,;”) from b.c.c. to f.c.c. 
iron (Eqn. 3.3) becomes more positive as absolute zero is approached, 
and hence b.c.c. iron increases in stability with decreasing temperature 
in this range. Actually, these findings on both nickel and iron are to be 
expected on theoretical grounds.) 

The free energy changes versus temperature for pure nickel and pure 
iron are plotted in Fig. 3.16, along with the free energy changes for all 


Fig. 3.16. Schematic representation of the AF* ~~’, 2, T 


15) 


co-ordinate system 


the intermediate compositions, the latter being the surface generated 
by Eqn 3.14. This is the chemical free energy change AF*~’ versus 


temperature and composition for diffusionless reactions of b.c.c. alpha 


to f.c.c. gamma solid solutions. The intersection of the surface with the 
plane AF*~ 0 depicts the equilibrium temperature 7’, as a function 
of composition 
The enthalpy change accompanying the martensitic transformation 
in iron—nickel alloys can also be computed from Eqn. 3.14 since 
oAF*~ 
AH*~ AF*- T’ Vi ' (3.21) 
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and the result is 
AH*~ (1 x)(1202 2-63 » 3-08 
z(3700 + 7:09 x 10-47" 
x(1 x)(3600 +- 0-587’) e 2 « « Be 


This expression for the enthalpy change is of particular significance 
because it permits direct comparison with the heat effects measured 
recently by ScHem and Normann.® Table 3.3 lists the calculated®® 
and observed values of AH*~”’ at A, and AH’~* at M, for several 
iron—nickel alloys; the agreement is obviously quite satisfactory. 


TABLE 3.3 


Calculated”®’ and Observed *) Heat Effects Accompanying the «’ + y 


and y—» «’ Reactions in Iron—Nickel Alloys at the A, and M, 
Temperatures 


it AH* ~~? (cal/mol) AH?’ (cal/mol) 


fraction Ni . 
culated Observed Calculated Observed 


1020 1018 840 
950 7 } f 1160 980 
890 1144 1080 
835 ' 52 1000 1000 
765 " i 810 820 
660 ” 23: 593 ~ 


positive signifies heat absorbed by the martensite-to-austenite transformation, and 


e signifies heat evolved by the austenite-to-martensite transformation 


Another noteworthy outcome of this thermodynamic treatment is 
that the iron—nickel phase diagram can now be extended down to 
subzero temperatures where equilibrium cannot be established. The 
free energies of the alpha and gamma phases as a function of com- 
position at any given temperature can be calculated from equations 
of the form of Eqn. 3.5 by substitution of Eqns. 3.3, 3.11, 3.12 and 
3.13. Applying the rule of common tangents yields the coexisting 
compositions of the alpha and gamma phases over the entire tempera- 
ture range, as shown in Fig. 3.17. At the higher temperatures, the 
calculations are necessarily consistent with the known phase diagram 
because the experimental boundaries are used in evaluating some of 
the numerical constants. Below room temperature, a regression of 
the a/(« y) boundary is indicated by the calculations, while the 


(x + y)/y boundary moves well over to the nickel side of the diagram. 


é 


BurKART and Reap have investigated the effect of applied stress 
on the martensitic transformation in indium-thallium alloys to 
determine the latent heat of the transformation. The M, and A, 
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temperatures are found to increase in parallel fashion with uniaxial 


tension and (at a somewhat different slope) with uniaxial compression 


Che nvsteresis between V und | is only 5 ( 80 that 7 


may be 
considered to le midway Thus, the equilibrium 


a 
temperature 1s 
raised by either tensile or compressiv¢ 


stress. The latent heat of the 
is computed from a modified Clausius—Clapeyron equation in 


24 


the change 
It transiormation transiormation 
\H/p comes out 
. L O45 ¢ 


hud wtatin 

uniaxial 

multiplicity 

rmation strain to 

1 specimen elongates 
ompression when the 


ime ¢ hange attending 
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the reaction can have only one sign, so that if hydrostatic pressure 
were to raise 7',, then hydrostatic tension would lower it. 


1. THe NONCHEMICAL FREE ENERGY CHANGE 
4.1. Supercooling of Martensitic Transformations 


It goes without saying that an austenite-to-martensite reaction cannot 
take place spontaneously at a given temperature and pressure unless 
the temperature is below 7, where the driving force AF*~ 0. On 
the other hand, despite the fact that there is no need to wait for 
diffusion, such transformations do not occur immediately below T,. 
In some instances, the supercooling (7', M,) may be as large as 
200°C (and the corresponding driving force about 300 cal/mol) before 
the reaction sets in. Although there are also cases in which the super- 
cooling is only a few degrees, it is never zero. The iron—carbon system 
is of particular interest in that, notwithstanding the marked depen 
dence of 7 


making the driving force to start the reaction virtually independent 


’) on carbon content, the M, changes in a parallel fashion, 
of the carbon content 

There are two general reasons for expecting martensitic trans 
formations to supercool even though they are not suppressed by rapid 
quenching. In the first place, the nonchemical factors such as inter 
facial energy and strain energy must be put into the overall free energy 
balance to obtain the necessary condition for the martensitic reaction 
to occur 


AWs~ AFe«~ AG* ~*~’ > 0 cal/mol i. a 


AF*~’ > AG’* cal/mol ~ e« « « 4a 


In this notation, the nonchemical free energy change AG may be 
regarded as a “restraining force’ that opposes the chemical driving 
Thus, for martensite 


force when the latter becomes positive below 7, 
to form, the temperature must be decreased sufficiently to make 


AF*~’ not only greater than zero, but greater than some finite 


quantity. This thermodynamic aspect of the problem is treated in the 


present section. 

The second factor in the supercooling is related to the nucleation 
process. The nucleation barrier is considered to control the reaction 
kinetics since the rate of propagation is almost instantaneous, and 
hence the degree of supercooling (T, M may be determined by 
kinetic as well as thermodynamic variables These implications are 


discussed in Sections 5 and 6 
1.2. Nonchemical Factors in Martensitic Transformations 


As in the case of other reactions, new interfaces are produced when 


martensitic transformations take place, and interfacial energy is 


199 





PHYSICS 


associated with these regions. For a lenticular plate of radius r and 


semi-thickness c, in which 7 the interfacial free energy is taken as 


AG . “aT Cal particle 


where 2rr* is the approximate suriace area of the plate and o is the 
specific intertac ial free energy 

KURDJUMOV has regarded the austenite—martensite intertace as 

coherent, and on similar grounds Fisner eft al.) have arrived at a 

of 24 erg/cm* for o(5-7 10-7 cal/em* This is of the same 

intertacial energy of a twin boundary On the other hand 

and Reap™ have proposed models of the interface in which 

tices are not coherent on an atomi cale, although there is 

matching imize the average strain Under such 

os r may be : high as 500-1000 erg/cm* 1-2 2-4 

l0-* cal/om*), commensurate with ordinary interphase boundaries 

KNAPP and Denumncer”™ have rec ently calculated a value of 200 erg 

em*,* based on Frank’s model for the austenite—martensite interface 
in iron—carbon alloy with a 25). habit plane at 2o°( 

Mechanical free energy is al an important factor in martensitic 

actions because of the displacements involved Klastic strains are 


ed, both in the t wiormation product and the surroundings 


latational and shear omponents ol the displacements Usually 
ntrib it10n 18 neglected in COMPpParison with the shear 


‘roy then takes the form 


r) cal part le t.3 


the approximate v the lenticular plate and 


ut volume ol martensite 
1/4 For the case 
reports 10" dyne 
r 480-1440 cal/cn ith som 
KNapp and DEHLINGER 
Other nonchemical effects clicks 
marte! ranstormations 


rhe te ome from the chemical gy AF 


LS80Oc! 


iorn I npertections 
i energ ~wlhoibie und is 


re non 
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45°C (Fig. 3.10) and 7, M, would then be 155°C instead of 200°C. 
It is quite evident, then, that such lowering of 7, due to the non- 


chemical factors in Eqn. 4.1 does not account for the observed super 


cooling. However, there is the possibility that the transformation 
could proceed slightly below the modified 7’, if it were not for the tem 
perature rise caused by the sudden generation of heat from the rapidly 
propagating plates; this alternative is treated below. 





Temperature °K 


Fig 1. Graphical representation of the adiabatic theory of the 


martensitic transformation in iron—carbon alloys‘'**? 


1.3. The Adiabatic Hypothesis 


Inasmuch as martensitic plates form suddenly at M,, KrisEMENT ef 
al.) have proposed that ./, must be low enough to prevent the heat 
liberated by the transformation from adiabatically raising the local 
temperature above the modified 7. Let 7’, be this temperature. Now 
consider that a mol of martensite formed at the M, temperature in 
Fig. 4.1 generates a quantity of heat equal to AH|,, or AA’. Under 
adiabatic conditions, this would raise the temperature of the martensite 
to point #, but because of the interfacial and strain energies re 
quired by the transformation, the temperature can only attain some 
lower level which Krisement ef al. assume to be 7',. They estimate 
that the interfacial and strain energies associated with a fully grown 
plate amount to 50 cal/mol, and by setting this equal to AF*~” in 
middle panel of Fig. 4.1, 7’, can be determined on the supposition that 
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at least 50 cal/mol must be available for doing work at 7',. The next 
step is to relate the .W/, temperature to 7’,.* 
Based on the foregoing assumptions, Krisement ef al. derive the 


equations below 


AF*~ “lr, cal/mol : . (44a) 


and 


H T, T AS” *Y cal/mol ; . (4.4b) 


Since AS* ~~’ is known from the slope of the AF*~” curve in Fig. 4.1, 
T, can now be located graphically from the austenite enthalpy 
temperature curve in Fig. 4.1 by using Eqn. 4.4b and the known M, 
temperature AF*~’ at T, determined in this way 1s found to be 
80 cal/mol for iron—carbon alloys, independent of the carbon content. 
This can be considered as a better value for the interfacial and strain 
energies than the 50 cal/mol previously estimated. 

Conversely, if one now starts with the assumption that the driving 
lorce at T, the modified ce is 80 cal/mol, M. can be calculated as a 
function of carbon content by utilizing Eqn. 4.4a and the bottom 
panel of Fig. 4.1. At 7, point C is fixed by setting CD equal to 
80 cal/mol, and then the horizontal line through C intersects the 
H-curve at M 

However, this explanation of the supercooling below 7’, may not be 
realistic because the value of 65-80 cal/mol for the nonchemical 
energies is based on fully formed plates, while the conditions that 
govern the start of the transformation must be related to plates of 


much smaller size 


4.4. Mechanical Interactions with Martensitic Transformations 


It is well known'®-® that the .W, temperature can be varied by applied 
stress. PaTeEL and ConEN*? have utilized this effect to demonstrate 
the interaction of mechanical energy with the thermodynamics of 
martensitic reactions The a ting stress system 18 resolved into com 
ponents parallel to the shear and dilatational displacements of the 
transformation, being respectively parallel and normal to the habit 
plane. The mechanical work done on or by the transforming region, 
as the resolved components of the acting stress are carried through 
the corresponding transformation strains, is added algebraically to the 
chemical free energy change of the reaction in order to compute the 
alteration in temperature at which the critical value of the driving 
force to start the transformation is attained. 

The M Is either raised or lowered depending on whether the 
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mechanical work aids or opposes the chemical driving force. For 
uniaxial tension or compression, 


Yo Sin 28 + «(1 cos 28)|cal/mol . (4.5) 


where V,, is the molar volume, s is the acting stress in suitable units, 
6 is the angle between the stress axis and the normal to the habit 
plane, yo is the transformation shear strain (0-20 for iron—nickel 
martensite), and ¢, is the dilatational transformation strain (0-04 for 
iron—nickel martensite). The plus sign in Eqn. 4.5 is used for uniaxial 
tension, and the minus sign for uniaxial compression. 

The orientation # of particular interest is the one that makes AG”~* 
a maximum, since the /, temperature is affected by the plates that 
form first under the influence of the applied stress. The condition for 
maximizing AG?* is 0AG?~* /0p 0, whence 


(4.6) 


395° (tension) and 50-5° (compression) . . (4.6a) 


For hydrostatic pressure, there are no shear-stress components to 


influence the reaction; thus the pressure interacts only with the 


dilatational strain. Eqn. 4.5 then becomes 


AG V 8&9 cal/mol > & « « Se 


1" 


and the orientation dependence disappears. 
The magnitudes of AG’~* for the three cases at hand are: 


AG’~* (1000 Ib/in® uniaxial tension) + 122 in Ib/in® 


1-42 cal/mol 


AG?~* (1000 Ib/in® uniaxial compression) 83 in Ib/in* 
0-96 cal/mol 
AG*~* (1000 |b/in® hydrostatic pressure) 40 in |b/in® 
0-47 cal/mol 


Fig. 4.2 demonstrates how the effect of these mechanical energies on 
the M, temperature is determined. Curves 1, 2 and 3 represent the 
variation of AF*~’ with temperature for a series of alloys in a given 
system, while curve 4 denotes the driving force at M,. Taking alloy 2 
as an example, the dashed curve is drawn parallel to curve 2, but 
displaced by AG?~* cal/mol. The displacement is upward if AG?~* is 
positive, and downward if negative. The M, temperature is shifted 
to M* by the applied stress and is given by the intersection of the 
dashed curve with curve 4; in other words, M{ is the temperature at 
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which the algebraic sum of the chemical driving force and the mechanical 
work is equal to the driving force required to start the transformation. 
With hydrostatic pressure the dashed curve is displaced downwards 
and the results in a corresponding lowering of M 

\ comparison is presented in Table 4.1 of the calculated and observed 
effects of applied stress systems on the temperatures of iron—nickel 
and iron—nickel-carbon alloys.“ The agreement is good, and 


undoubtedly better than is justified by the uncertainties involved. 


. | M, withou apphed stress 


i> 
> | (4) 


Nol 












Fig. 4.2 Schematic diagram showing how the mechanical energy 
AGY** due to th applied stress system changes the M, temperature of 
alloy 2 by contributing to the thermodynamic driving force. The 


driving force to start the transformation varies with the M, temperature 
according to curve 4 After PATEL and ConHEeN 





























15 7 hermoe lasti Marte naile 


Beta brass‘? 


is an interesting example of an alloy in which there is 
overlapping of the cooling and heating transformation ranges; the 
1. on heating lies below the .V7. on cooling. This is in contrast to most 
martensitic systems in which A, definitely lies above WM, and also 
above 7,. Presumably, at least part of the elastic energy expended by 
the martensitic reaction in beta brass is available to start the reverse 
transformation on heating at a temperature below the ‘‘unstressed”’ 
T 


full-grown martensitic plates are involved.) This is another case in 


Interfacial energy considerations can be neglected here because 


which mechanical energy plays a role in the thermodynamic balance 


In fact, the build-up of elastic energy during a martensitic transforma 
tion may be one cause for its self stopping nature at any given tem 


greater than A F? 


perature; that is, if AG?~* becomes equal to or 


the reaction will cease. This condition is more likely to be realized if 






M. is not far below 7, where the chemical driving force is small. 
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Dropping temperature, which increases AF*~’, permits the transforma 
tion to proceed, provided that the interfaces are free to migrate. 
Accordingly , a state of thermoelastic balance can be visualized between 
the chemical driving force and the nonchemical restraining force. 
KuURDJUMOV and KHanpROosS® have found graphic evidence of this 
thermoelastic behaviour in a copper—aluminium—nickel alloy. The 
martensitic plates were observed to grow progressively on cooling 
through the transformation range. When the cooling was stopped, the 
growth ceased: when the cooling was resumed, the growth continued 
until impingement occurred. On heating, the plates decreased in size, 
with the last ones formed on cooling being the first to disappear on 
heating It should be emphasized however, that this thermoelastic 
balance is not observed in iron-base alloys and many other martensitic 
systems. In such cases, the martensitic units propagate quickly to 
their final size, and further transformation on cooling is accomplished 


only by the formation of new plates Here, the plates do not grow o1 


shrink in balance with the changing driving force 


One might expect that, when the thermoelastic balance prevails, 
applied stress should influ he balance in a manner similar to that 
of “elastic twinning.’ his has been shown in beta brass by 
ReyNotps and Bever’’ who noted metallographically that strain 
induced martensite at roon temperature partially disappears when the 
operating stresses are removed 

Along similar lines, BurRKART and Reap™) found that complete 
transformation above the unstressed VW. can be induced in indium 
thallium alloys by applied stress, and then complete reversal is obtained 


by releasing the stress at the same temperature 


5. CLASSICAL NUCLEATION CONCEPTS APPLIED TO 
MARTENSITIC TRANSFORMATIONS 
_— 
published by HoLLoOMoON 
n features need be covered 
“ase in intertacial free energ 
total change in free ene 


parti ie see Fj ’ 5.1 





MARTENSITIC TRANSFORMATIONS 


where Af’** AFr-*/V chemical free energy change per cm®* of 


m 


martensite formed. This quantity is opposite in sign to that of the 
chemical driving force discussed in Sections 3 and 4. Below 7, Af’~** 


is negative, whereas o and A are always positive. 
The critical values of c and r at the saddle point of AW”’”* are 
obtained by setting 
o(Av 


> (5.2) 


< 


and 


Volurnet #r2c 
~ Surface areat 2ar2 





Schematic drawing of martensite embryo 


3Af cm 
2Ac,/Af 86c, /Af cm 


mc, 4W,/As 32,76876? 


819276-o° 27 A/ ‘ cal particle 


Note that the superscripts j > «’ have been dropped for convenience, 
and Af is negative within the temperature range of interest for the 
>a’ transformation. 

AW, is the free energy of nucleation; it constitutes the nucleation 
barrier that must be mounted in order for embryos to reach the critical 
size leading to spontaneous growth. In the classical theory, the energy 
to activate the nucleation event comes solely from thermal fluctuations. 
If the nucleation is assumed to be entirely random, each atom is 


regarded as a potential nucleation site, and 


N (N,/V,,)v exp (— AW, /k7') nuclei/cm® sec . (5.8) 
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is the number of atoms per cm*. The lattice vibration 


number of nucleation ittempts per 
kT’) is the successful 

for growth that 

wv diffusion 

| ise it is presupposed 

ire sufhicientiy mobile out thermal 


brium distribution vos down to 


is that martensite nucleation occurs 


N varies with temperature 


laximum with decreasing tem 
cecTrease il temperature 


haracteristics in iron-base 


identified WM. with the temper iture 


At somewhat higher temperatures 
n is not observed within reasot 
peratures, .V is so large that iso 


ven on rapid cooling. On this 
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content, martensite should not form on cooling even to 0°K, since the 


nucleation rate falls off very rapidly below the nose temperature. To 
ConEen™) have determined the M, 


test this point, KaurMAN and 
temperatures of a systematic series of iron—nickel alloys; 
Fig. 5.3, the M, temperatures are found to lie at levels well below the 


as shown in 





$0 OR +O 

Apparent 

M, ternperoture 
N=! | 














il nucleation rate as a function of tempera- 


Fig. 5.2. Calculated isotherm: 
atom per cent 


ture for Fe—Ni alloys in the composition range 29-0 
Ni S 31-0. Rates less than 10~! and greater than 10* nuclei per cm* per 


sec are difficult to measure experimentally. (After FisHer'®?) 


No formation 


Nicke 
Fig. 5.3. M, temperature versus nickel content for iron—nickel 


69) 


alloys 


nose of the C-curves in alloys containing considerably more than the 


limiting 30-1 a/o nickel mentioned above. In the light of these results, 


it is evident that the assumption of homogeneous classical nucleation 
for the martensitic reaction in the iron—nickel alloys is unrealistic, and 
that thermal activation does not basically account for the athermal 


features of the transformation. Employing the more recent thermo 
dynamic data on the iron—nickel system 1s presented in Section 3 does 
not alter these conclusions. 
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Fisuer®’ has also applied Eqns 5.7 and 5.8 to the isothermal 


transformation data of Crecu and HoLtitomon™ on iron—nickel 


manganese alloys In this case, it is necessary to adopt a 6*c* value six 
times that given by Eqn. 5.10 to obtain good agreement with the 
isothermal kinetics For the athermal transformation in 3 w/o 
chromium steels," §2¢% comes out to be twenty-nine times larger 

Returning to the iron—nickel system and applying Eqn. 5.6, the 
critical nucleus volume V, in a 30 a/o nickel alloy is calculated to be 
0-8 10-* cm* at the 7, temperature. The critical nucleus would 
then be 1—2 atoms in semi-thickness, 10 atoms in radius, and contain 
nearly 700 atoms. Brtpy and Curisti1an’ have questioned the use of 
a constant interfacial energy tor particles that are so thin, the identity 
of the interface under such conditions being in doubt. 


The physical significance of the 6*c° parameter 1s also worth con- 






sidering. From elasti ity theory, FIsHER ef al.) drive a value of @ 
having the order of 10° dyne/cm*; if 60° is 9-9 10* erg®/cm™, o 
comes out to be 4-6 erg/cm?. This low value is of the same magnitude 






as the specific energy of a twin boundary, and seems to suggest that the 






austenite—martensite intertace is completely coherent at the nucleation 
(12 






stage. However, according to crystallographic analysis, the interface 






contains dislocations and is by no means completely coherent. KNAPP 






and Deniincer”™? have recently calculated a value of 200 erg/cm* 
for o*, based on Frank’s dislocation model” of the interface. At the 






same time, they made a detailed analysis of the strain energy factor, 






and found @ A/4 to be 5-2 10° erg/em*®. Substitution of these 
numbers. along with Af 14 cal/em* from KAUFMAN and CoHEn,"® 







into Eqn 5.7 gives 








nucleus 2-7 10° cal/mol 






for a 30 a/o nickel alloy at its VW temperature This magnitude (10* eV) 





for the nucleation energy is prohibitively high 






The primary difference between the martensite nucleation described 






above’) and that developed by Kurpsumov™? lies in the formulation 






of the equation relating .V to 7. In contrast to Eqn. 5.8, Kurdjumoy 
states that 








AK exp Q/kT| exp AW, /kT7'| nuclei/em* see (5.11) 


where A is a constant and Q is the activation energy for the growth of 


martensite plates The factor A exp ¢ RT replaces No V. in 
Eqn 5.8. Kurpsumov and Maxrmova™) have evaluated A and Q 







from a study of the isothermal formation of martensite in a number of 


steels. They find that A 10° em~* sec" and Y 600 cal/mol. In 
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addition, they find values of AW, equal to 1400, 700, 100 and 0 cal/mol 
at temperatures of 0°C, 30°C, 40°C and 50°C respectively for 
a steel containing nickel and manganese. 

This value of Q@ predicts a tenfold increase in the rate of martensite 
propagation at 20°C over that at 196°C. However, BuNSHAH 
and Mex. found that the rate of martensite propagation is inde- 
pendent of temperature over this temperature range, implying Q ~ 0. 
On the other hand, Fisuer et al.'”) assume that the activation energy 
for coherent growth of martensite is nil, ie. exp [— Q/k7'] l. 


5.2. Influ 7LCce of Stre SS O71 Classical Nuele ation 


In Section 4.4 it was shown that the effect of applied stress on the M, 
temperature can be interpreted in terms of the mechanical work done 
on or by the transforming region as the acting stresses are carried 
through the transformation strains. ./, is then quantitatively raised 
or lowered, according to whether this energy term adds to or subtracts 
from the chemical free energy change of the reaction. On the other 
hand, Fisher and TurnBuLu) have accounted for the stress effect 
by considering the nucleation process itself. 


The free energy of nucleation according to Eqn. 5.7 depends upon 


Af. In the presence of external stresses, this quantity is modified by 


the mechanical interaction of the transformation strains with the 


acting stresses, in a manner quite similar to that outlined before. 
FisHEerR and TurNBULL?) have carried out these calculations for a 30 
per cent nickel alloy, and the results are compared with the experi- 
mental findings of Patel and Cohen in Table 5.1. Although the agree- 
ment is not as good as that shown by the athermal calculations in 


TABLE 5.1 
Comparison of Calculated'®’ and Experimental") Variations of M, with 
Stress (after Fisher and TURNBULL) 


Stress system Stress (lb/in* ( uculated AM Measured AM 
s ” 


Uniaxial tension 15,000 
Uniaxial compression 15.000 


Hydrostatic pressure 15,000 


Table 4.1, the correlations seem satisfactory. However, this circum- 
stance does not validate the classical nucleation Eqn. 5.7 because the 
calculations were based on the assumption that M, occurs at fixed 
value of the net driving force, independent of temperature. On the 
contrary, for the iron—nickel alloys, classical nucleation requires that, 
because of Eqns. 5.7 and 5.9, Af*7’ constant at /.. 
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5.3. Heterogeneous Nucleation 


The failure of homogeneous classical nucleation to account for M, 
temperatures approaching absolute zero’ causes one to question 
either the ‘““‘homogeneous”’ part of the theory, or the “‘classical’’ part, 
or both, as applied to martensitic transformations. There is abundant 
evidence that these reactions are, in fact, heterogeneous. 

The most straightforward clues that martensite nucleates at preferred 
sites, rather than in a random fashion, come from metallographic 
studies. With martensitic transformations that can be conveniently 
reversed, as in beta brass,‘”®) the position and formation-sequence of the 
plates on cooling are repeated almost precisely in the next cooling 
cycle, after complete reversal of the transformation by heating between 
the cooling cycles. This behaviour certainly suggests that preferred 
nucleation sites exist in the parent phase. Along similar lines, the 
martensite produced on cooling a single crystal of gold 47-5 a/o 
cadmium consists typically of many plates; but if the single crystal 
is first well-annealed at a relatively high temperature in the austenitic 
phase, the nucleation pattern on cooling is so changed that a single 
unit of martensite can be generated, with only one interface sweeping 
through the specimen. It is evident here that the nucleation is not a 
random process. 

Another striking series of experiments by Cec and TuRNBULL'”®) 
bears on this subject. Tiny particles of an iron—nickel alloy were 
austenitized and quenched into the martensitic temperature range. It 
was found that the reaction started at widely different temperatures 
among the particles, and some did not transform at all down to the 
lowest temperature reached even though they were of the same size 
and composition. The conclusion to be drawn is that the nucleation 
was quite heterogeneous in this alloy; some of the particles evidently 
contained fewer effective sites than others, and hence tended to super- 
cool further. It may be noted that although the particles were suffi- 
ciently small to disclose the heterogeneity of the process, they were 
more than large enough to allow homogeneous nucleation to come into 
play if it were operative. Particles larger than 100 microns had M, 
temperatures comparable to that of bulk specimens. 

Accordingly, we shall now drop the “homogeneous” assumption, 
and pursue the classical approach on the basis of preferred nucleation 
sites. In a purely formal way, localized variations in free energy are 
considered to be “‘frozen-in’’ during the cooling of the parent phase, and 
are thus available to promote nucleation in a non-random manner. 
In principle, these embryos may become critical in size when a suitably 
low temperature is reached, without requiring thermal fluctuations, 
although there may be instances in which the fluctuations can help 
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the nucleation process. However, since thermal activation is not 
necessary, the nucleation kinetics become essentially athermal, and the 
extent of transformation is then governed primarily by temperature 
rather than by time. During the cooling, the preferred sites are acti- 
vated as the temperature drops, with the larger embryos being consumed 
first and the smaller ones requiring progressively more supercooling. 


5.4. Compositional and Structural Heterogeneity 

In dilute solutions generally, and in iron—carbon austenite particularly, 
FIsHer et al.) have suggested that compositional fluctuations may 
provide the preferred nucleation sites for the martensitic transformation. 
These fluctuations are visualized to be the statistical distribution of 
compositional variations that exist in equilibrium at the austenitizing 
temperature. If AW, is the increase in free energy attending the 
removal of all ¢ carbon atoms from a region of average concentration, 
then the number of these carbon-free regions per unit volume decreases 
with increasing size of the region as follows: 


n N,/V 


t 


,exp (— AW,/kT)embryos/em® . . (5.12) 


" 


where N,/V,, is the number of lattice sites per cm*, and AW, depends 
on the number of carbon atoms removed and hence on the size of the 
depleted region. This leads to a steady-state size distribution of 
carbon-free embryos which, of course, are all subcritical in size relative 
to martensite formation at the austenitizing temperature. 

Such compositional variations stand a chance of being ‘quenched 
in” on rapid cooling because of the time required for diffusion, and 
may become available to help nucleate the martensitic reaction 
inasmuch as the driving force for the transformation will be greater 
for carbon-poor embryos of a given size than for carbon-rich ones. 
Moreover, because of the range in sizes of the carbon-free embryos, 
the larger ones will achieve the critical size first on cooling below 7%, 
while the others will become critical at correspondingly lower tempera- 
tures. Thus, in the martensitic temperature range, thermal agitation 
is not necessary to produce volume fluctuations to reach a given 
critical size; instead, the embryo sizes can remain stationary while 
the required critical size for nucleation decreases with dropping 
temperature (for example, see Eqn. 5.6). In this way, the nucleation 
process takes on an athermal character. 

On the assumption that the critical nucleus size at M, is independent 


of composition (which is equivalent to a constant driving force at VM, 
according to Eqn. 5.6), FisHer et al."*) have used the foregoing treat- 


ment to calculate the compositional dependence of the M, in iron 
carbon—chromium alloys. In this interpretation, no sharply defined 
M, should exist because Eqn. 5.12 shows there is always a finite 
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(though very small) probability of having extremely large carbon-free 
embryos in the austenite and these should become supercritical as soon 
as the temperature falls below 7, Consequently, it 1s necessary to 
assume a value for the minimum number of martensitic plates per unit 
volume that can be detected experimentally, and the largest embryo 
size having this “abundance” is taken to be the critical size at .. 
Still larger embryos can presumably nucleate into martensite above 
M,, but the quantities would be too small to find. 

There are two limitations in regarding compositional fluctuations as 
the basis for athermal nucleation. First, many martensitic reactions 
take place n concentrated solid solutions where the dilute-solution 
concepts are invalid. In fact, Fisuer"®’ points out that for the iron 
30 per cent nickel alloys, the compositional fluctuations are unimportant 


in the martensite problem. Furthermore, no evidence is available to 


indicate that nucleation kinetics is fundamentally different in dilute 


and concentrated alloys. Secondly, the hypothesis of compositional 
fluctuations should lead to random nucleation in view of the dynamic 
nature of the embryo distribution prevailing at the austenitizing tem 
perature on the contrary the nucleation is decidedly heterogeneous. 


CoHEN ef al.“ attempted to circumvent the latter difficulty by 
postulating the existence of structural heterogeneities consisting of 
non-equilibrium lattice imperfections, internal surfaces, and local 
strains due to accidents of crystal growth ol plastic deformation. 
Such “strain embryos,” like arrays of dislocations, may well survive 
the austenitizing treatment and thus provide centres of high free energy 
for the heterogeneous nucleation of martensite. On the other hand, 
heat treatment at extremely high temperatures might remove or re- 
irrange many of these imperfections, thus leading to a reduction in 
the number of preferred sites. In this way, Reap and co-workers™ 7 
were able to convert single crystals of gold—cadmium and indium 
thallium alloys into single (or twinned) crystals of martensite. 

Real crystals or polycrystals may be presumed to contain a spectrum 
of these high-energy sites which. in turn, become active nuclei without 
need of thermal fluctuations when the free energy required for nuclea 
tion (see Eqn. 5.7) is progressively lowered by dropping temperature 


V is then determined by the lo free energy ol the most potent 
strain embryo or by that number of high energy embryos that will 
vik d a measurable amount of martensit 
The condition of heterogeneous nucleation is adapted to the theory 
leation in Fig. 5.4, which shows the free energy change 
irtensite formed in an iron—30 a/o nickel alloy as a 
na tem pel! iture In line with Section 5.1 the values 
are taken to be 200 erg/cm- und b2 LO” erg cm?” 


and AlWW’** is calculated from Eqns 5.1 and 5.2 At 
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0°K, the critical nucleus size corresponds to a plate of ry 


2-7 
10-*em and AW 4-6 10’ cal/mol, while at 250°K, r, 3°Ory 
and AW, 9-O0OAWS. A frozen-in embryo of size 1-5ry, is subcritical 
at 250 and 200°K (points A and B), but becomes critical at 150°K 
(point C) and is supercritical at 100°K (point D). Smaller embryos 
achieve the critical size at progressively lower temperatures, and thus 





Fig. 5.4. The free energy of formation of martensite particles in an 
iron—30 per cent nickel alloy 


athermal nucleation can extend down to absolute zero if some of the 
available embryos are sufficiently small. 

However, a difficulty is encountered in connexion with isothermal 
transformations in view of the fact that AW increases very rapidly 
with temperature. Sui ef al. found that, in an iron—-nickel 
manganese alloy, isothermal transformation occurs at 100°K which is 
above M,, and the observed activation energy for the initial rate of 
nucleation is about 7700 cal/mol. The calculated free energy of 
nucleation at this temperature (Fig. 5.4) is 1-59W 7:1 107 cal 
mol. In order to account for the observed activation energy, which is 
smaller than the calculated value by a factor of almost 104, it is 
necessary to assume that the most potent of the existing embryos are 
virtually critical in size at 100°K, the latter size being 1-2ry 3-3 
10-*cem. If this is the maximum size of the embryos present in the 
specimen, it is then possible to compute the activation energy that 
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This 


quantity comes out to be 1-2 10’ cal/mol: it is the difference between 


should be observed at a highe1 temperature such as 150°K 


the tres energy of nucleation at 150 K and the free energy ol the 
existing embryos of radius 3-3 lO-* em.* Such a high value would 
prec lude isothermal transformation at 150°K nevertheless, isothermal! 
transtormation is actually found at this temperature, and the activation 
energy for the initial rate of nucleation is only 11,000 cal/mol. 

l'o account for this discre pancy the question arises as to whether 
structural heterogeneities, like internal surfaces and dislocation arrays 
can effectively lower the interfacial energy r quirements in the forma 
tion of a martensite nucleus. It is evident from Eqn. 5.7 that, if 
were sufficiently small, AW, could take on values which are more 
consistent with the activatior energies observed in isothermal trans 
formations. Such lowering of o would be phenomenologically similar 


to the catalysis of droplets on dust particles in the condensation of 








liquids from vapours.’ However, even if o were decreased by a factor 
ot 5, the foregoing difficulties would still prevail. Furthermore, it is 
ioubtful whether can be reduced so much in the case of martensite 
because the opt mum shape of the plate is ge verned by strain as well as 

terfacial considerations 4 droplet condensing fro: the vapour 














phase Cal take umMivantace of an ava able lree surtace in the nucieation 
process by adjusting its shape to minimize the total interfacial energy, 
but martensite nucleation would not ippear to have this flexibility 
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5.8), and » is the active frequency which depends on the size of the 
nucleus. 

Eqn. 6.1 is of particular interest because it predicts a finite rate of 
isothermal nucleation at 0°K. It has been suggested by Crussarp‘* 75 
that the athermal and isothermal martensitic transformations at sub 
zero temperatures can be explained in this way, making it unnecessary 
to resort to the concept of heterogeneous nucleation (Section 5.1). On 
the other hand, the presence of lattice singularities may concentrate 
the elastic waves and thereby enhance the probability of nucleation. 

Lyuspov and Osrp’yan’® have recently shown by quantum 
mechanical calculations that the transition probability for isothermal 
nucleation via “‘tunnelling’’ at 5°K may be much larger than for the 
case of classical nucleation, assuming a nucleation barrier of AW, 

1000 cal/mol independent of temperature. However, the divergence 
between the quantum and classical probabilities becomes small above 
25-—50°K Furthermore, the classical nucleation barrier is 10* larger 
(Section 5.1) than the AW, value taken by Lyubov and Osip’yan, and if 
the revised value were used in their calculations, the difference in the 
transition probabilities would become very small indeed, even at 
temperatures well below 25°K. Therefore, the ‘tunnel effect’’ cannot be 
employed to support the concept of homogeneous nucleation in the 
vicinity of, say, 120°K where the maximum rate of isothermal trans 
formation is observed.'*, *! 

At temperatures approaching absolute zero, Eqn. 6.1 might con 
ceivably have some advantage over the Boltzmann factor in permitting 
a thermally activated process to occur Sut the observed transforma 
tions at this very low temperature level have been athermal rather 
than isothermal, and here again the homogeneous nucleation concept 


turns out to be inadequate 


6.2. The Reaction-path Model 


In classical nucleation, an embryo is promoted to the status of a 
nucleus when it achieves the critical size at any given temperature As 
an alternative to this concept, it was proposed by CoHEN et al.” that 
within the tiny volume where the nucleus forms, the lattice passes 
through a succession of states as the atoms go through their primitive 
motions to convert the parent phase into martensite. These move 
ments are visualized to take place in a co-ordinated fashion with 


the lattice strain providing a rapid sequence of intermediate structures 


in any one region and then propagating out like a strain wave. The 


succession of states is regarded as a reaction path which contains a free 
energy barrier between the initial and final states. From this stand- 
point activation is achieved by fluctuations in the atomic configuration 


of embrvos, rather than in their size. Of course, interfacial and strain 
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energies must also be considered in the magnitude of the free energy 
barrier which determines the free energy of nucleation 

COHEN et al.“ suggested that the embryos for this process are 
strain centres comprising arrays of dislocations. Such strain embryos 
are assumed to be “‘sheared’’ part way along the reaction path, thus 
constituting local regions of high free energy. A distribution of these 
embryos is depicted in the right-hand curve of Fig. 6.1. Nz», is so 
defined that NV, dF is equal to the number of embryos per unit volume 
having local tree energies bet ween F and F dF Thus the area 


> Me Ny 


6.1. Re lationship between the embryo distribution and the 


dependence of nucleation free energy on temperature 


ABC represents the number of embryos per unit volume with free 
energies above the level F 

The left-hand curve in Fig. 6.1 indicates schematically the variation 
of the nucleation free energy with temperature. Above M,, the free 
energy required for nucleation is in excess of that of the most potent 
embryos, but on cooling below ,, the free energy for nucleation drops 
sufficiently so that some of the embryos “find themselves over the 


barrier’ and spont yneously move the rest of the way into martensite. 


The athermal nature of the transformation is accounted for by embryos 


of decreasing potency becoming operative as the nucleation barrier 
diminishes with lowering temperature. Formally, this is exactly the 
same approach as that used for heterogeneous classical nucleation 
(Section 5.4) although it was suggested first in connexion with the 
reaction path model, 

The shape of the curve relating free energy to temperature in Fig. 
6.1 can be ascertained from isothermal transformation kinetics. 
Macuirin and Conen"*) found that martensite forms isothermally in 
an iron-30 per cent nickel alloy below M In order to avoid having 
different amounts of athermal martensite at the various isothermal 
holding temperatures specimens were prequenched in liquid nitrogen, 
thus converting all embryos with free energies above W, (77°K) to 


athermal martensite, and then the specimens were up-quenched to 
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predetermined temperatures for the isothermal reaction measurements. 
Under such conditions, and assuming that NV» is independent of F in 
Fig. 6.1, it can be shown that the initial rate of nucleation is 
" ’ WT) W (77°K) 
N(T) N pvkT exp RT - . (6.2) 
and 
N(77°K) N,vk 77 nuclei/em* sec . . . (6.3) 


Dividing Eqn. 6.2 by Eqn. 6.3, and noting that at each holding 
temperature the initial rate of nucleation is proportional to the initial 
rate of isothermal transformation: 


initial transformation rate at 7' 


initial transformation rate at 77°K 
W A(T) 
7 

The free energy difference [ W,(7’') W .(77°K)], referred to here as 
the relative activation energy of nucleation, can be evaluated from 
Eqn. 6.4. In reaction-path terminology, [ W,(7’) W ,(77°K)] is the 
increment of free energy that must arise from thermal fluctuations at 
T’ in order to activate embryos of free energy W,(77°K) which are the 
most potent ones remaining after the prequench in liquid nitrogen. 
The thermal vibrations at 7’ are visualized to superimpose fluctuations 
in strain, or displacement along the reaction-path, on the existing 
strain embryos. 

The isothermal kinetics of the iron—30 per cent nickel alloy display 
a C-curve behaviour, there being a maximum rate of nucleation at 
about 130°K. This leads to a temperature dependence of the form 
given in Fig. 6.1 for both AW{7'] and W,{7'], since W,(77°K) is 
constant. 

In systems where isothermal martensite can be formed above Y,, 
the situation is somewhat more straightforward because athermal 
martensite does not interfere with the observed kinetics. The C-curve 
behaviour is then quite evident, as reported by Sura et al. for an 
iron—nickel-manganese alloy in Fig. 6.2. Particular pains must be 
taken to avoid athermal martensite due to quenching stresses or 
manganese loss from the surface of the specimens. The initial nuclea- 
tion rate can be computed from the initial transformation rate,“ and 
then set equal to 


N=ngexp(—AW,(T)/RT] . . . . (6.5) 


where AW,(7) =[W,(7) — F] is the relative activation energy of 
nucleation, referred to the free energy (/') of the most potent embryos 
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that participate in the initial nucleation. n, is the number of these 
preferred embryos per unit volume, and » is the lattice vibration 
frequency. The initial nucleation rates and relative activation energies 
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Transformation-temperature-time curves showing progress 








of isothermal martensite formation in samples of an iron-—23°2 per cent 
Ni-3-62 per cent Mn alloy containing no initial martensite (after Sura, 
AVERBACH and CoHEN *®’) 
















Fig. 6.3. The effect of temperature on the initial rate of isothermal 
nucleation and the activation energy of nucleation in an iron-base alloy 


containing 23:2 w/o Ni and 3-6 w/o Mn"! 








are plotted in Fig. 6.3, on the assumption that there is one most potent 
embryo per austenite grain that nucleates first in the isothermal 
reaction, and hence, n, can be computed from the grain size. It comes 
out to be 10° per cm® for a grain size of ASTM 1-2, in contrast to 1074 
per cm*® for homogeneous nucleation (Eqn. 5.8). For a given initial 
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rate of nucleation, an increase in the assumed value of n, would have 
little effect on the calculated magnitude of the relative activation 
energies in Fig. 6.3. An increase in n, from 10° to 10° per cm* would 
only double AW. 

HoLLomMon and TuRNBULL™) have correctly pointed out that the 
reaction-path model is incomplete if the interfacial energy is neglected. 
In the reaction-path concept, the coherency and misfit strains that 
couple the embryo to the surrounding matrix may be regarded as being 
localized in an interface, as suggested by Frank (Section 6.3). FIsHER 
and TURNBULL’) treated the problem by assuming the interfacial 
energy to vary with the macroscopic shear angle of the martensitic 
embryo, i.e. 

o To(b/bo)” , ‘ , , (6.6) 


where o, and ¢, are the final interfacial energy and shear angle 
respectively. 
The strain energy is also a function of the shear angle: 


AG tnrc*G¢* + — [(G(bdy — )*] cal/embryo 
where the first term on the right is the strain energy in the surroundings 
and the second term is the strain energy inthe embryo. Eqns. 6.6 and 
6.7 can now be substituted into Eqn. 5.1 to give the net change in free 
energy (AW”’~*) accompanying the formation of lenticular embryos 
of dimensions r and c and shear angle ¢. If 6 = ¢), AG, = mrc*A since 
A #G¢5 in Eqn. 5.1. 

The critical values r,, c, and ¢, can be derived by setting 
oAW’* for = JDAW’* Joc = JDAW’** /06 = 0. At the M, tempera- 
ture, ¢ is 96-91 per cent of ¢, for values of n in Eqn. 6.6 lying between 
Oand 2, and taking ¢, to be about 1/6. Thus, unless the exponent n 


happens to be unusually large, the critical shear angle is not appreciably 
different from the ultimate shear angle. Although the corresponding 
nucleation energies range from 93 to 63 per cent of the classical nuclea- 
FisHER and TURNBULL”) conclude 
that these differences are not significant and that the two theories 


‘ 


tion value as given by Eqn. 5. 


yield essentially the same result. 

Macuurn®) has argued that Fisher and TurnBuLu'” have not 
really dealt with the reaction-path concept in the foregoing calculations, 
but with a shear-strain corrected nucleation-and-growth model. If the 
configuration fluctuations are pictured to occur in regions of various 
sizes, it is evident that nucleation can only occur along the reaction 
path in volumes larger than that given by classical theory (Eqn. 5.6); 
otherwise the martensitic particles would tend to shrink because of the 
interfacial energy requirement. Hence, the free energy barrier along 
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the reaction path must be at least as large as that indicated by classical 
theory. In order to calculate the actual reaction path, it would be 
necessary to know the free energies of all the intermediate states, but 
this information is neither available nor in sight because of the com- 
plexity of the problem. 

Nevertheless, in Machlin’s view, the nucleation rate may be faster 
via the reaction path because of a larger frequency factor. Here, the 
number of nucleation-attempts per embryo per second can be identified 
with the lattice vibration frequency because configuration (rather than 
volume) fluctuations are involved. According to Macuuitn, the 
classical treatment requires that atoms be transferred from one side of 
an interface to the other, and hence the frequency of nucleation 
attempts depends upon a probability factor exp (— Q/RT7'), where Q 
is the activation energy for the atom-transfer process. Even though Q 
may be much smaller than the activation energy for normal diffusion, 
the probability factor is considerably less than unity and the frequency 
factor for nucleation is correspondingly less than »v. 

This argument has been countered by FisHer and TuRNBULL'”® who 
state that an atom-by-atom transfer process is not involved in the 
volume fluctuations of the martensitic embryo (only the motion of a 


coherent interface); hence Q ~ 0, and the above probability factor 


approaches unity. Unfortunately, the stalemate persists because up to 
the present time, experiments have not critically distinguished between 
the classical and reaction-path models. 


6.3. Frank’s Model of the Austenite—Martensite Interface 


Knapp and Deniincer’®’ have recently treated the kinetics of 
athermal martensite formation in steel by adopting Franx’s"” model 
of the austenite—martensite interface. The geometry of this interface 
will be reviewed here in order to provide a suitable basis for discussing 
the Knapp—Dehlinger kinetic analysis. 

Considering that the interface lies parallel to the (225), habit plane, 
Frank" has suggested that close-packed planes of the two phases 
meet along close packed rows In converting one lattice (f.c.c.) into 
the other (b.c.t.), a shear of 1/,/32 and a dilatation of about 5 per cent 
give both the observed macroscopic shear and the proper spacing 
between the close par ked rows when the contact plane is (225 How 
ever, this does not vield the correct final structure because the atomic 
arrangements in the close-packed rows do not match properly. The 
latter adjustment can be accomplished by a heterogeneous shear due 
to an array of screw dislocations, lying parallel to the close-packed 
direction, one between every sixth close-packed plane and comprising 
the (225). interface. Because of its heterogeneous nature, this shear 
produces ho macroscopic change in shape and the observed l \ Ky 4 
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shear is not affected thereby. The growth of the martensitic plate 
consists of a “thickening” process in which the interface of screw 
dislocations moves ahead into the austenite. The transformation 
strains take place in the interface as the austenite is converted into 


Vir gir 
austenite 





A 
/ 


25,Normal to 
interface 


Fig. 6.4. FRANK’s model of the austenite—martensite interface”” 
martensite, with the interface furnishing a highly mobile linkage 


between the two phases.* 
The nature of the dislocation interface in Frank’s model is illustrated 


schematically in Fig. 6.4. Fig. 6.44 is a close-packed plane with the 


close-packed rows running vertically. The principal contribution to 
the overall dilatation results from an extension of the close-packed 
rows, which is indicated in Fig. 6.48. The 1/4/32 macroscopic shear is 

* The screw dislocations nicely account for the heterogeneous strain, but do not 


provide a mechanism for the macroscopic displacements.’ Some suggestions regarding 


the latter have been presented recently, employing a second set of dislocations.‘’. ®*. **) 
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not shown, because this occurs i another dimension Figs 6.4c and D 
indicate the heterogeneous shear achieved by the screw dislocations 
giving no macroscopic change in shape. The orientation of the dislo 

tions in the (225). interface is illustrated in Fig. 6.48; except for these 


dislo« ations on every ixth piane there is coherency between the two 


lattices, and the interface is a plane of zero average strall 
if 


The atomi arrangements in the | } und 11] planes which are 


im the 110 


shown in Fig 


Mmacrouscopit 
type J) in the 
This shift also 
» comput he intertacial energy from the disloca 
interiace, and also the strain energy arising from 
the diiat nand ma roscopi he Although the following 
tions by Knapp and Dehling ire worked out only for the 
intertace, th ind 9 cases could also be treated similarly 
the three-dimensional prism-matching te hnique* of 


With this procedure, one attempts to derive an array 
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of interface dislocations consistent with the observed habit orientations, 
lattice relationships and interplanar spacings. 

It should be noted that the Frank model presupposes the existence 
of a suitable interface, and deals only with its crystallographic aspects 
The problem of nucleation, or how this interface comes into being, is 


not considered. 


6.4. Knapp—Dehlinger Treatment of the Athermal Transformation 


Using the dislocation model for the austenite—martensite interface, 
Kwapp and Dexniincer™ extended Franx’s® analysis by regarding 


Ssiocotion 


00ps 


1.6. KNAPP and DEHLINGER’s model of the martensit« 


embryo 


the embryo of martensite as a thin oblate spheroid, surrounded by 
loops of dislocations Fig 6.6 These loops are assumed to consist 


primarily of screw dislocations, with short edge components joining the 


positive and negative screws. Growth of the embryo in the [110], and 


[225], directions is achieved by expansion of the dislocation loops 
However, growth in the [554], direction requires the generation of new 
loops. The co-operative movement of these loops leads to the thickening 
and radial propagation of the martensitic embryo as the dislocation 
intertace passes through the austenite 

The energy to form and expand the dislocation loops (interfacial 
energy) must be supplied by the chemical driving force Af*~ This 
is also the case for the strain energy set up by the macroscopic dis 
placements. Kwyapp and Dexiincer™’ assume that an existing 
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embryo will ‘trigger’ spontaneously into full-size plates on cooling as 
soon as the chemical driving force exceeds the required interfacial and 
strain energies. In other words, the initiation of the athermal trans 
formation is determined by a free energy balance at Al! 0 (Eqn. 5.1) 
rather than by the maximum or saddle point in the free energy barrier 
at d(AW 0 Eqns 5.2 and 5.3 

Eqn. 4.1 can be rewritten 


AWr-? AFr-* AG’~* cal/particle 


or referring to a unit volume of martensite, and dropping the y 


superscripts for convenience 
Aw Af Ag cal/em* (6.10) 


Af is now the change in chemical free energy attending the formation 
of 1 cm* of martensite, and is negative at temperatures below 7). Ag 
is the corresponding nonchemical free energy change, and is positive. 
Aw is the net change in free energy per unit volume of martensite 
formed 

The volume of the embryo is $7r*c and the interfacial area is approxi- 
mately 2mr*, where r is the radius of revolution and c is the semi 
thickness.* According to Eqns 4.2 and 4.3 


AG AG AG 


(interfacial area) volume) cal/particle . (6.11) 


Dividing through by the volume of the martensitic embryo, we have 
At 


cal/em?® ‘ ; . (6.12) 


For a given radius, Ag can be minimized relative to the semi-thickness 
(QAg/ ac 0), and the minimum value of Ag is found to be 


\g — cal/em$ 


when 


However. Ag is more 


martensitic embrvo in which case d? 


6.14 then become 


embryo is often regarded as a lenticular 
oblate spheroid assumed here by Knapp 


area 2rr* is taken to be the same for the 
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3 


Agmin R @ On cal/em* 
and 


(6.16) 


It is evident that there is relatively little difference between the two 
sets of equations; the latter set is adopted here although Knapp and 
Dehlinger have employed the former. 

Based on values of oa 200 erg/cem?* and A 500 cal/em? 


2-1 x 10” erg/cm*, as derived by Knapp and Dehlinger, Ag, can 
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Embryo radius, 7 
Fig. 6.7. Effect of embryo size on the restraining force Ag, , and the 
net driving force Aw according to KNAPP and DEHLINGER‘*® 


now be calculated as a function of embryo size. A is obtained from 
elasticity theory, following the treatment of Kroner.’ Because of 
the agreement between FisHer et al.) and Knapp and Dehlinger 
on the magnitude of A despite quite different methods of approach, 
the details will not be considered here. However, the disparity in 
o(200 versus 24 erg/cm*) is too large to be ignored; this point is 
taken up in the Appendix. Fig. 6.7 shows the variation of Ag,,;,, with 
r, assuming the c-dimension given by Eqn. 6.16 is maintained. There is 
a monatonic decrease of Ag,,, with increasing size of the embryo. 
This means that (a) the larger the embryo, the smaller is the restraining 
force or back stress which opposes the transformation, and (6) once an 
embryo starts to grow, the restraining force falls off progressively. 
For a given embryo, one visualizes that Af’~** in Eqn. 6.10 becomes 
* See footnote, p. 200. 
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more negative as the temperature drops until _ & 
exceeds Ag... for the size in question; then the chemical driving 
force overbalances the nonchemical restraining force, and a net driving 
force arises (Aw”~* becomes negative). This can be likened toa physical 
stress on the dislocation interface, which is thereby moved outward to 
generate martensite from the existing embryo. At the temperature 
where this event takes place, the propagation can be quite rapid 
because, not only is the interface mobile, but the net force on it 
increases as the particle expands. (The chemical driving force remains 
constant at a given temperature, while the nonchemical restraining 
force decreases with particle size according to Fig. 6.7.) 

The embryos that participate at the M, temperature are presumably 
the largest ones available. Since Af*~”’ at M, is about 42 cal/cm* 
(300 cal/mol) in steel, Ag, 


nir 


for the largest embryos is also equal to 


this value, and the corresponding radius from Fig. 6.7 is 8-5 10-* cm 
(380 atoms). Eqn. 6.16 then gives the semi-thickness as 3-5 x 10-7 cm 
(15 atoms). Such embryos therefore contain about 8 10° atoms. 


Smaller ones are restrained from transforming (because of larger 
Ag..i, Values) until the temperature is lowered to the point where Af*~ 
becomes sufficiently large. Thus, the athermal nature of the reaction 
is explained in terms of a distribution of embryo sizes 

In line with the proposal of CoHEN et al.,“ Knapp and Dehlinger 
regard the embryos as preferred nucleation sites originating from 
dislocations in the austenite However, the latter authors have put 
this concept on a more quantitative basis. They suggest that the 
interaction between certain pairs of edge-screw or edge-edge disloca 
tions generates a region in the austenite that is geometrically similar 
to martensite. Such embryos have a relatively high value of Ag 
because they are more-or-less cylindrical in shape but this non 
chemical free energy can be reduced to Ag, if the embryo then 
changes its shape to a thin oblate spheroid, with a dislocation interface 
of the type described in Section 6.3 and dimensions satisfying Eqn. 6.16. 

At temperatures above 7, these martensitic embryos in the austenite 
cannot grow because both the chemical driving force and the net 
driving force favour the formation of austenite. However, the embryos 
do not disappear because the dislocations cannot be ‘‘relaxed out’’ 
since dislocations persist despite extensive annealing, the proposed 
embryo configuration may be pictured as the most tolerable way of 
but above M,, the 


chemical driving force becomes favourable for martensite formation, 


accommodating these imperfections. Below 7 


uo 
but the net driving force is still unfavourable: that is, even for the 
largest embryos, the nonchemical restraining force Ag,,,, exceeds the 
chemical driving force. Below M.. the chemical driving force exceeds 


AG min 


for the larger embryos, and the net driving force then acts as a 
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stress (erg/cm*® = dyne/cm*) to move the dislocation interface out 
into the austenite. 

The temperature dependence of Af*~’ has been treated in detail in 
Section 3. Ag,,;, also varies with temperature because it is proportional 
to the shear modulus which, in the range of 250—-1000°K for iron,‘ 
can be expressed approximately as 


G gL 1-5 (1000°K T’°K)10-9|10" dyne/em* . (6.17) 


This variation is usually neglected in calculating the nonchemical 
factors, but it probably accounts (at least in part) for the fact that the 
driving force at M, increases with decreasing M, temperature in iron- 
nickel alloys (Section 3.4). As the nickel content is raised and M, 
displaced to lower temperatures, Agmin for any given embryo becomes 
larger in view of the larger shear modulus at the lower temperature. 

Thermal activation plays no role in “triggering off” the embryos in 
this model, and hence does not control the kinetics. Accordingly, in 
principle, the transformation can continue down to 0°K, with smaller 
and smaller embryos becoming operative. At the temperature where a 
given embryo starts to propagate, about 60 per cent of the chemical 
free energy change goes into enlarging the dislocation interface and 
40 per cent into strain energy. But as the martensitic particle expands, 
with a corresponding decrease in nonchemical requirements per unit 
volume, there is a rapid acceleration of the moving interface because 
of the progressive increase in the net stress on the dislocations. By 
utilizing BuRKHARDT’s®” relationship between the velocity of disloca- 
tions and the applied shear stress, Knapp and Dehlinger were able to 
calculate the velocity of the martensitic interface as a function of 
particle size. From this, the time of formation of a plate was computed 
to be 10-7 sec, in good agreement with the values of 0-5 — 5-0 « 10-’ 
sec measured by BunsHAH and Meuu."* 

What stops a martensitic plate, once started? An obvious answer is 
that physical barriers, such as other plates, grain boundaries, sub- 
boundaries, and inclusions can block the propagation. However, this 
cannot be the full answer because when r is prevented from increasing, 
the plate should be able to thicken (thus departing from Eqn. 6.16 
which minimizes Ag) and the corresponding increase in Ag should 
ultimately equal Af* ~’, thereby reducing the net driving force to zero. 
This is the condition of thermoelastic martensite; a decrease in tem 
perature should then cause the plate to thicken further as the chemical 
driving force is increased. Although such thermoelastic behaviour is 
observed in some martensitic systems (see Section 4.5), it has not been 
found in iron-base alloys. 

It is suggested by the present authors that propagation-stoppage can 


also occur irreversibly by jamming of the dislocations in the interface. 
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Imperfections in the path of the interface or accidents in the co 
operative movements may well tangle the dislocations, thus helping to 
reduce the close-coupling of the two lattices and the mobility of the 


interface. Such processes can lead, not only to large deviations from 


the optimum shape and hence to an excessive back stress, but also to 
the destruction of the propagation mechanism itself. When stoppage 
occurs in this case, no thermoelastic behaviour is to be expected. 

This mode of self-stoppage probably accounts for the fact that 
martensitic plates formed in single crystals of austenite often do not 
extend across the entire crystal, and yet there may be no microsco 
pically visible barriers. Stabilization of martensitic transformation 
by plastic deformation of the parent phase‘**’ is likewise attributable 
to the jamming of the propagation linkage between the two phases. 


6.5. Comparison of the Knapp De hlinge r Model with 
Classical Nucl ation 


It was shown in Section 5.4 that the existence of a spectrum of pre- 
ferred nucleation sites due to structural imperfections permits the 
classical nucleation theory to account for the athermal mode of the 
martensitic transformation, but there are quantitative difficulties when 
applied to the isothermal kinetics. Knapp and Dehlinger did not put 
their model to this test. The present authors carry out this step in the 
following section, using arguments that have not been published 
elsewhere. However, it is first necessary to highlight the essential 
differences between the Knapp—Dehlinger model and the classical 
nucleation concept. 

In classical nucleation theory, the net free energy change AlV’"* 
accompanying the formation of a martensite embryo or particle is 
expressed as a function of r and c, taking the chemical, interfacial 
and strain energies into account as in Eqn 5.1 This equation was 
written for lenticular embryos; for oblate spheroids, it has the form: 


cA 
AW 2nr*o — ret Os” eal/particle . (6.18) 


The AW’* surface plotted in Fig. 6.8, has a saddle point whose 
height is AW, 320° A*/3Af*. In order for a very small embryo to 
attain detectable values of r and c, the system must pass over a free 
energy barrier, and the saddle point is the minimum (therefore, the 
most probable) barrier. For a given embryo, nucleation is achieved 
when the dimensions become commensurate with the r and ¢ co 
ordinates of the saddle point Eqns 5.2 and 5.3) 

The most probable path for growth, Le the relationship between 


the dimensions r and ¢ as the volume increases, is defined by the 
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minimum value of AW’~* for any given embryo volume. This relation- 
ship is obtained by expressing AW’~* as a function of the embryo 
*/dc at constant volume 


volume and, say, c and then setting SAW 


equal to zero. Regarding the embryos as lenticular, then 


(yn 


3A 


Fig. 6.8. Schematic representation of the free energy of a martensite 
embryo as a function of embryo radius and semi-thickness showing 


saddle point and minimum energy path 


If the embryos are taken as oblate spheroids, the above equation 


becomes 


(6.20) 


Fig. 6.9 shows the AW’~* values as a function of volume along the 
most probable growth path, calculated from Eqn. 6.18 under the con 
dition of Eqn. 6.20. The saddle point of Fig. 6.8 lies at the top of this 
path. Larger embryos of this shape are supercritical, and can grow 
spontaneously with decrease in free energy. The act of jumping this 
barrier by existing embryos, whether via thermal activation or decrease 
in the barrier height because of dropping temperature, is a true 
nucleation process. However, in order to make this a likely event, it is 
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necessary to presuppose such low values of o that they are inconsistent 
with the disiocation model of partially coherent interfaces 

In contrast to the classical treatment, Kn upp and Dehlinger do not 
really deal with the probiem of nucleation at all, but with the con 


litions for propagating an existing embryo An embrvo is regarded as 


ipercritical when the net driving torce tavours the ftormation ol 
martensite, that is when AW 0. Since the nucleation of a particie 

tT invoived, the thermodynamic condition for propagation can be 
put « t unit volume basis \ \/ \g 0, dropping the 

>a superscripts tor convenience Any given embry » is pictured Lo 
wiopt a shape that minimizes Ag, and it turns out that the dimensions 
ire then dehined Dy ir)’ * (see Eqn 6.16), exactly as in the case 
ua ISSICAL Nucieatio Kq 2) 20 However evetll whHoen \g is thus 
minimized (Eqn. 6.15) for a given embryo volume, it opposes the 
transtormatio1 ind exerts a back stress that tends to prevent the 


vate 


not at the top ol the 


barrie! su | he larger embrvo volume where AW (or A passes trom 





\OS ve to nega if ne intertace, if it moobie tarts to move 
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dislocation is the same whether the dislocations are arranged at random 
(state 1) or in an austenite—martensite interface of the Frank type 
(state 2). Taking the strain energy surrounding the interface disloca 
tions to be essentially nil compared to that of the random case, we have 


cA 
Aw torr? . nll’, per embryo (6.21) 


where n = 2r/d = number of dislocation loops per embryo, / = ar 
mean length of the dislocation loops, and I, = strain energy per unit 


Awev{ 20739 42)9y bay 


870% _ 4 dive 
34f> ~~ Af 


— 


Fig. 6.9. Free energy of isothermal nucleation of martensite as a func- 
tion of embryo volume according to the classical nucleation theorv. 


Calculated for ellipsoidal embryos 


length of random dislocation Substituting for ni in Eqn 6.21. 


have 


2rr?T /d per embryo 


which is analogous to Eqn. 5.la except that Af’~* is now positive 
because 7’ T. and the last energy term is negative because of 
the available dislocations 

For the case of embryos of optimum shape, Eqn. 6.16 holds, and 
then the optimum size of the embryos at any given temperature is 


found by setting 
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W'-* is a minimum for these conditions, and thus Cy and r, may be 
regarded as the dimensions of the most probable embryo. It may be 
noted that c, and r, become larger with decreasing temperature (still 


above 7',) since Af ** diminishes. The coalescence of embryos on 


0 
cooling indicated by Eqns 6.23 and 6.24 depends, not only on the 
existence of dislocations in the austenite, but also upon their ability 
to “‘diffuse’’ into suitable arrays for the interfaces. Consequently, the 
optimum dimensions can only be attained at temperatures where the 
dislocations are sufficiently mobile. In order for embryos of a given 
size to coalesce on cooling, it is necessary for the dislocations to 
rearrange themselves into a new set of interfaces corresponding to the 
larger embryos. This is in contrast to the spontaneous growth of 
embryos into martensitic plates below M, where the chemical driving 
force becomes large enough to expand existing dislocation loops and 
create new ones Since the coalescence of embryos may actually 
cease at a certain temperature above 7, they may become “‘frozen in” 


and be available for propagating into martensite when , is reached 


According to COTTRELL,’ 

(2 ry 
i In 1} erg/em (6.25) 

™ re 
Taking r, 10 ’ em for the dislocation core and r, 0-5 10-* em tor 
one-half the mean distance between dislocations in an annealed metal, 
I’, is computed to be about 5 10-* erg/em. In Section 6.4, c at M, 
for an iron—30 per cent nickel! alloy is found to be 3-5 « 10-7 em, which 


can now be substituted into Eqn. 6.23 to ascertain Af’~*. The latter 
corresponds to a temperature of about 515°K (75°C above T,) which 
may be construed as the temperature level at which the embryos 
effectively stop coalescing on cooling and become “‘frozen in.’ Although 
these calculations are extremely rough, they indicate the feasibility of 
forming “chemically unstable’’ embryos of martensite in the parent 
phase at temperatures well above 7, 

The interface of the embryo may be described as a special type ol 
polygonized boundary it must contain arrays of dislocations to 
achieve both the macroscopic and heterogeneous strains. These 
strains are taken into account in the energetic calculations, with the 
former contributing to A and the latter to c. The atoms surrounded 
by the network of dislocations are thereby displaced into a configura 
tion similar to that of martensite. Although this embryonic structure 
may not be identical to martensite, it is so assumed in Eqn. 6.22 in 
order to have some basis of calculation 

The dislocations in the austenite are strained regions of high local 
free energy,’ * even higher than that of martensite at the austenitiz 
ing temperature. If only a few of the proper types of dislocations 
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interact, this could reduce the local free energy in two ways: (1) by 
converting the strained region to martensite, and (2) by eliminating 
the strain fields around the individual dislocations. Thus, there is a 
tendency for the participating dislocations to “‘stick,’’ and for others 
to be added to the array until an optimum size is reached at the given 
temperature (Eqns. 6.23 and 6.24). Further lowering of the free energy 
due to collapsing or self-annihilation of the dislocations may be 
prevented by the interlocking of the various types involved. 


6.6. Athermal and Isothermal Formation of Martensite at 
Preferred Nucleation Sites 
According to classical nucleation theory, the critical embryo radius for 


spontaneous growth of martensite (ellipsoidal shape) is 


4a0A 
— Cm 
Ap? 
When 7 


3 4! 


3270 


3Af* 


AW, 


cal particle . » « (6.279) 


The basis for these relationships is given in Section 6.5. On the other 
hand, the theory proposed by Knapp and Dehlinger (Section 6.4) 
implies that although spontaneous growth can occur when r > r,, 
cataclysmic growth of martensite cannot take place until Aw = AW 
0, where 
250A 
cm . ~@: = oS 


4Af? 


From a mechanistic point of view, cataclysmic growth involves the 
creation of new dislocation loops as the plate expands in the [554], 
direction (Fig. 6.6) as well as the expansion of existing loops.* The 
creation of these loops cannot occur, according to Knapp and Dehlinger, 
unless the “chemical” stress Af exceeds the backstress Ag,,;,, or the 
net stress, Aw, is negative. 

Although it is recognizably difficult to create a dislocation loop 
spontaneously in a virgin lattice, the question naturally arises as to 
why is it possible to form one when r =r, and not when r = r,. 
When regarded in this perspective, the Knapp—Dehlinger condition of 
r =f, as the prerequisite for cataclysmic growth appears to be an 
intuitive choice. However, the Knapp—Dehlinger approach does 

* There is no problem here about expanding the existing loops because their energy 


is included in the interfacial energy, and can be supplied from the overall decrease in 
free energy attending spontaneous growth of particles, with r > r,. 
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“open the door” to a more general treatment of heterogeneous 
nucleation encompassing both the athermal as well as the isothermal 
transformation. 

Suppose there is an embryo radius r,, such that when r > r, cata 
clysmic formation of martensite can occur, i.e. new dislocation loops 
can be generated athermally (in the Knapp—Dehlinger hypothesis 


r r.). Ifr, > r,, then there exists a range of sizes r, <r <r, in 


which the embryo can grow spontaneously (i.e. lower the overall 


» 


free energy AW, by expanding) if thermal fluctuations facilitate the 
formation of new dislocation loops. Embryos having sizes less than r, 
cannot expand due to the extremely high value of AW, (Section 5.4). 

Consequently, if a specimen containing a distribution of embryos is 
quenched to a temperature where some of the embryos have sizes 
greater than r., athermal formation of martensite will occur. Subse 
quent isothermal holding may result in the isothermal growth of 
embryos with r, <r <r, to size r, at which point the embryos could 
transform cataclysmically into martensitic plates. Clearly the problem 
before us is to consider the conditions under which an embryo can 
grow cataclysmically. 

The most direct method would be to consider the formation of a 
dislocation loop in the parent phase at the tip of an embryo having a 
radius r and semi-thickness c at a temperature where the driving force 
is Af. Frank and Stron have considered an analogous problem for 
the case of the propagation of a kink-band having the shape of a thin 
elliptical cylinder. These authors show that the maximum shear stress 
occurs at a distance equal to c*/r from the tip of the cylinder and is 
equal to Gy, 


,/V 3, where y, is the kinking angle. Since c*/r is constant 


for the martensitic problem at hand (approximately | A) and y, 
1/V 32, it follows that the maximum shear stress is G/10, and is con 
centrated near the tip of the ellipsoidal embryo. This would constitute 
the effective stress acting to form a new dislocation loop. 

This approach leads to many complications since all of the individual 
loops are coupled together. Considered individually, some of the larger 
loops may be supercritical, i.e. if separated from the rest of the embryo 
they would expand spontaneously, while others near the ends of the 
embryo may be subcritical, i.e. they would tend to shrink if isolated 
from the rest of the embryo 

In order to circumvent these difficulties, it is convenient to take 
advantage of the fact that in dealing with embryos having r >r, we 
are concerned with thin ellipsoids having c/r ratios less than 1/20. 
Under these circumstances, the array of screw dislocations may be 
replaced*® by a circular dislocation loop lying in the (225), plane which 
follows the edge of the embryo. This equivalent loop of radius r 
contains, in effect, the interfacial energy of the embryo, and has a 
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Burger’s vector which is approximately equal to cb/d. The energy of 
such a “‘giant’”’ loop W' is 


Ww! n(2rl’, —7,Ar*)erg/loop . . . . (6.29) 


where 7, is the active stress on the loop and I, is the line tension of 
the loop. Since‘87) 
Gi 
r erg/cem of loop -. (6.30) 


and 


then 
ah GI 
We 4 


7 \aq ryr*c | erg/loop . . . (6. 


The active stress tr, may be equated to the chemical driving force 
Af) minus the strain energy expended per unit volume: 


G 9 > «€ 
dyne/cm? . . (6.3% 
, 


) or + ag 


1/2 
r> | erg/loop . (6.3 


A 


Substituting G = 8 x 10% dyne/cem*, A 2-09 « 10° dyne/cm?, 


O77 


-27 x 10-8 em and d 1-78 x 10-7 em yields 


1/2 


5 2) erg/loop 


Af | ; 


} 


W' has a maximum value, W‘, when 


3(a A)? . 
cm)? 


Hence, 


(6.37) 


Note that r, $ér,, where r, is the cataclysmic size proposed by 
Knapp and Dehlinger (Eqn. 6.28). When r=r,, Aw = Af/6 and 
W! — 4-5ro°A*/Af*. r, represents the embryo size at which the 
“giant” loop can lower its energy by expanding; no thermal activation 
is required at this point. Once the embryo has attained this size, 
cataclysmic growth can occur inasmuch as the overall free energy (AW) 
decreases with growth of all embryos larger than r,. 
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Fig. 6.10 shows AW and W' as a function of r for ellipsoidal embryos. 
For sizes in the range of r, r <r,, the embryo can expand sponta- 
neously and lower its total free energy, if thermal fluctuations provide 
sufficient energy to make each unit step between r and r,. However, 
when r > r,, the spontaneous growth becomes cataclysmic. 

We must now consider the problem of the unit step and the activation 


Normoised embryo rocus porometer., 


Fig. 6.10. Overall free energy (AW), energy of equivalent circum- 
ferential dislocation loop (W''), and energy increment for each thermally 
activated growth step (AW’'), shown as a function of the embryo 
radius parameter (r/aA)'/*(— Af), for ellipsoidal embryos. (— Af) is taken 
as 3 x 10° erg/cm*, which is in the temperature range of an iron—nickel 


manganese alloy where isothermal transformation occurs 


energy per unit step during the isothermal growth from r to r,, where 


r>r,. From Eqn. 6.35, 


nl \12 
AW 1 ie p Ar erg/unit growth of loop 


(6.38) 


The unit expansion of the circular loop Ar is assumed equal to A, 
just as in the case of slip, the unit displacement is the Burger's vector. 
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Consequently, 


’ 2-5arb? (a \)/? , [a\¥ a : 
AW = 7 7) ( 30r3 24 Af r r?) erg/unit growth of loop 
(6.39) 


The activation energy per unit step (AW') has a maximum value of 


3 9.958 1/2 
: oA ™ , 2-25(0.A)*/? 9 
AW 0-lla — when rl? rds — em? (6,40) 
Af? — Af 
Table 6.1 summarizes the various key values of r and their 
significance. 
TABLE 6.1 


Key Values of Embryo Radius r 


Significance 


r minimum size for 


* 
spontaneous growth 


r size where activa- 


tion energy of unit step is 
a maximum 


To 


0; W' Ww! 
_ noa*A#® 


‘5 Ni 


r. minimum size for 
cataclysmic growth 


Fig. 6.11 presents a plot of the normalized activation energy 
parameter AW (Af?/o*A) versus the normalized radius parameter 
(r/o A)? (— Af). From Fig. 6.11 AW‘ can be deduced as a function of 
radius as well as temperature. It should be noted that forr, <r <r,, 
AW' increases before decreasing. Hence the actual activation energies 


for embryos within this range would be equal to AW“, as in Fig. 6.11. 
Athermal formation of martensite can occur when a specimen is 


quenched to a temperature where some of the embryos have sizes 
greater than r,. Isothermal holding may result in the spontaneous 
growth of embryos having r, <r < r, to size r,, followed by the sub- 
sequent cataclysmic transformation of these particles into martensite. 

The activation energy for the isothermal transformation is given by 
Eqn. 6.39. This presupposes that autocatalytic effects are absent so 
that subcritical embryos are not stimulated. Hence, the equations are 
applicable to the initial nucleation process. 
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It should be noted that AW’ is a function of size as well as tempera 
ture. If AW, is the observed activation energy for the initial rate of 
isothermal formation, then AW, must reflect the spontaneous thermal 
growth of the most potent or largest embryos present having a radius 
r, wherer, <r, <1 

In order to test Eqn. 6.39, the isothermal transformation data 
reported by Sut et al.‘ can be used since no prior athermal martensite 
was detected in this case. Eqn. 6.39 can be written for the largest 


1] Activation energy parameter as a function of embryo radius 
parameter for thermally activated spontaneous growth of martensiti 


‘ mbrvyos 


embryos r. available in the range between rf and / Inserting some 


of the numerical quantities 


2) erg unit growth ot loop 


AW! 10-2 (—) (30r + af | 


(6.41 
Before AW! can be compared with the observed values of AV it is 
necessary to assume a size tor r. An excellent fit between theory and 
experiment is obtained if r, is set equal to 2-3 10-* cm in the iron 
nickel-manganese alloy of Suu et al.,°’ assuming that the compositior 
is equivalent to 25 a/o Ni for ascertaining the thermodynamic data 
The value of r, was selected to make the calculated t« mperature for the 
maximum rate of isothermal nucleation coincide with the observed 
temperature ol 1I30°K The results are given in Fig. 6.12 The tem 


perature dependence of Al) is almost identical with that of AW, 
With the adopted value of a 200 erg/cm?*, the calculated activation 
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energy is about twice the experimental value at each temperature. 
However, if o is decreased by 20 per cent, which is within the limits of 
uncertainty (Appendix), and if r, is likewise taken to be 20 per cent 
smaller, very close agreement is found, as shown in Fig. 6.12 


For the situation under discussion, the maximum size embryo 


contains about 2 10° atoms, and at 130°K must grow isothermally 
to a size of 5-5 x 10° atoms (r 3 x 10-*em) before cataclysmic 


"a 


AWA calculated 


a0 =160 ergs/crr’“* 
rp ='8x0° cm 


e 


Fig. 6.12. Calculated and measured values of the activation energy for 
isothermal nucleation of martensite in an iron—nickel—manganese 


alloy 


growth takes over. It is evident that this is not a process of “true 
nucleation’’ in the classical sense because the critical condition is not 
at r, where growth begins to lower the overall free energy, but at an 
appreciably larger size of pre-existing embryos where either thermally 
activated or cataclysmic growth can ensue. 

This treatment of martensite nucleation predicts an upper limit to 
the temperature range over which isothermal transformation can take 
place (in the absence of prior athermal martensite). The highest tem 
perature for isothermal nucleation occurs where the largest embryo 
size r, is equal to r,, or (from Eqn. 6.26 Af(T’) 2(cA/r,)*. This 
circumstance may explain why isothermal C-curve kinetics above M, 
is such a rare occurrence. 
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APPENDIX 


A value of 200 erg/cm?* for the austenite—martensite interfacial energy 


in iron base allovs is obtained as follows. BROOKS 85 and KN APP and 
DEHLINGER™ have utilized the Read Shockley equation 


‘) 


G oh2 {1 In 


42m 


| In ) erg em* (A.1) 


where (2 ~ b/d, on the assumption that the screw-dislocation interface 


of Frank" can be treated as a low-angle boundary.* Substituting 


a 
b —im 1-27 Aandd 17-8 A (Fig. 6.6), G 8 x 10" dyne/cm?, 
-~\ ~ 
and u 1/3 and Q 0-47 radians into Eqn. A.l yields 250 erg 
em*, However. the (1 uw) tactor in Eqn A.l applies to edge disloca 





tions, and should become unity for screw dislocations. In this case, the 






interfacial energy is computed as 150 erg/cm*. A value of 200 erg/cm?* 






is adopted here, using only one significant figure because of the approxi 





mations involved 





A second way of arriving at the interfacial energy is to assume that 





it is comprised mainly of the core energy of the screw dislocations, the 






elastic strain energy being taken as negligible because of the interphase 






nature of the boundary Then‘*? 









(A.2) 


erg/cm* 









or 330 erg/cm* 





Thus, both of these methods give o values an order of magnitude 





larger than that deduced from nucleation kinetics (Section 5.1). 






Brooxs™ has suggested that the latter determination of 24 erg/cm* 






may refer only to the coherent part of the interfacial energy on the 





supposition that the interface is completely coherent during the 






nucleation event. However, from the arguments developed in Sections 






5.1 and 5.3. martensite nucleation cannot be regarded to take place 






from scratch”’ in an ideal lattice, but seems to propagate from available 






embryos of substantial size. If a dislocation interface already exists 






iround the embryo before V7. is reached (Section 6.5) it is doubtful 





that an interfacial energy derived from ‘‘nucleation kinetics’’ under 






such conditions could have the significance of a coherency energy. 






Furthermore, if it is postulated that the interface is fully coherent 





and contains no dislocations. then a coherency strain energy term must 






be added to the general free energy Eqn. 6.18. This new term may be 

















* Any additional set of dislocations that may be invoked to account for the macro 







scopic displacements will contribute primarily to the strain energy rather than the 







interfacial energy: see footnote on page 223. 
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estimated by considering the (225), interface plane as in Fig. 6.4c, 
rather than one with the screw dislocations as in Fig. 6.4p. Under these 
circumstances, the coherency strain energy per unit volume is GQ?/2 
where Q b/d 1/14. Hence 


(A.3) 


tor — ; ; 

rhe usual strain energy "I rc*A is virtually unaffected here because it 

is associated with a macroscopic displacement which is essentially 
independent of the coherency strain. 

For the conditions at hand, GQ?/2 is about 350 cal/mol, and the 


driving force must be considerably greater than this quantity for the 


transformation to proceed even if o were zero. However, as shown in 
Fig. 3.14, M, temperatures in the iron—nickel system occur at driving 
forces much less than 350 cal/mol. Consequently, the assumption of a 
coherent interface with the attendant reduction of o does not account 
for the observed kinetics because of the high coherency strain energy 
involved. 
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THE STORED ENERGY OF COLD WORK 


A. L. Titchener and M. B. Bever 


WHEN a metal is plastically deformed by cold working, most of the 
mechanical energy expended in the deformation process is converted 
into heat, but the remainder is stored in the metal. This storing of 
energy is characteristic of the process of cold working, and the energy 
stored by the metal is an essential feature of the cold-worked state. 
Cold-worked metals are unstable and, under favourable circumstances, 
undergo the restoration processes of recovery and recrystallization ; 
during these processes stored energy is released. Thus, the stored 
energy of cold work is important in three areas of fundamental interest: 
the process of deformation by cold working, the nature of the cold- 
worked state, and the mechanisms of the restoration processes that 
occur in cold-worked metals. 

A metal subjected to a load deforms either elastically or plastically. 
The distinguishing criterion for plastic deformation is taken as the 
presence of a permanent “set” after removal of the load. Plastic 
deformation is conventionally divided into hot and cold work. Cold 
work may be defined in terms of the effects it has on the structure of 
the deformed metal; it is a permanent deformation causing distortion 
and disarrangement of the lattice. Cold work is accompanied by strain 
hardening, i.e. an increase in resistance to further deformation. If 
plastic deformation is carried out above a critical temperature, its 
structural effects are partly or wholly lost. This temperature is not 
fixed, but depends on the metal, the strain rate and other variables. 
Work above this temperature is hot work. It is in the nature of hot 
working that no energy is stored during this process. 

Various terms have been used to designate the energy stored during 
cold working. They include “‘latent,”’ “‘residual’’ and “‘retained”’ energy 
of cold work and also such terms as “‘structural energy,” “‘energy of 
internal strain’’ and even “heat of recrystallization.”” The term 
“stored energy of cold work”’ is adopted here because it is descriptive, 
precise and widely used. Its general adoption is recommended. When 
there is no possibility of confusion, the term may be abbreviated to 
“stored energy.”’ 

An essential characteristic of the stored energy of cold work is that 
it remains in the metal until it is released during a restoration process. 
It is the change in internal energy arising from the plastic deformation. 
Removal of the deforming force does not release this energy, and this 
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distinguishes the stored energy of cold work from the macroscopic 
elastic strain energy 
This review of our present knowledge of the stored energy of cold 
work is arranged under the following headings 
[. Thermodynamic aspects of deformation processes 
ll. Methods of measuring the stored energy of cold work 
Ill. Variables affecting the amount of stored ener; y 
L\ he release of the stored energy 
V. Interpretation—the mechanisms of energy storage and release 
|. THERMODYNAMIC Aspects OF DEFORMATION PROCESSES 
The deformation of a body i 7 analysed by the First Law of 
Thermodynamics 
AE (1) 
where AZ is the change in internal energy of the body, Q is the heat 
effect associated with the deformation (positive if absorbed) and W is 
the work positive i done on the body In a deformation process the 
work, W, is identical with the expended mechanical energy, £ if 
the process is the cold working of a metal, AZ is a positive quantity 


and equals the stored energy of cold work, Z.. as shown by the following 


relations 


(la) 


Aw. a process need not be carried out 
i or known manner, such as isothermally or adiabatically. 


ular, thermodynamic reversibility is not a necessary condition 


ari 
methods for measuring the stored energy of cold work, specifi 
ose described below in Part II. Sectior determine the change 


ntent or enthalpy AH 7 f work At constant 


yvorume change 
y small for solids 
e, AH, is approxi 


ind. theretore also 


i 


in inhinitesimal! matiol is tne 


detorming torce, f, and the differential 


displacement process the work 
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between appropriate limits. The equation holds regardless of whether 
the work is elastic or plastic. 

At this point it may be well to draw attention to the difference 
between engineering stress (¢ = //A,) and “‘true”’ stress (¢ = f/A), and 
between engineering strain [¢ (1 L,)/lo] and “‘true”’ strain [é 
In (//l,)|, where / and A represent instantaneous and /, and A, initial 


values of length and cross-sectional area. At small strains. especially 


below the elastic limit, the differences between o and & and between 
e and é are negligible, but at large plastic strains they become significant. 
Throughout this review normal strains are expressed as true strains. 
For shear strain the conventional engineering definition is adopted. 
Torsional strain, however, will be expressed in terms of the non- 
dimensional quantity nd/l, where n is the number of turns, d the 
diameter of the specimen and / its length 

In problems involving the stored energy of deformation, the evalua- 
tion of the work integral is often of prime importance. For Hookean 
behaviour, Eqn. (3) applied to uniaxial extension gives the well-known 


relation 


where W is the work per unit volume, and Y is Young’s modulus. This 
analysis can be extended to more complex elastic stress conditions. 

For plastic detormation a simple equation relating stress and strain 
is not generally available. However, Eqn. (3) can be used to evaluate 
the work of deformation graphically from experimental! data, which 
are usually in the form of stress-strain curves. The limitations of the 
various curves should be kept in mind. Thus, if we take uniaxial 
tension as an example, the areas under the curves relating (1) the 
force to the elongation, (2) the engineering stress to the engineering 
strain, and (3) the true stress to the true strain all give correct values 
of the total work of deformation and the work per unit volume, as 
long as the extension is uniform. At the beginning of ‘“‘necking,”’ 
however, when deformation ceases to be uniform, the first two curves, 
while giving correct values of the total work, vield only an average 
value of the work per unit volume for the specimen as a whole. The 
curve relating true stress to true strain, however, can be used as far as 
the onset of fracture to give values of the work per unit volume for 
any element in the specimen for which the strain is known 

For a number of ductile metals a satisfactory description of the 


plastic behaviour is given by an equation of the form 
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work of piasti leformation can be 

deformation by industrial processes, such as wire drawing 
involves a complex stress system which is usually 
determinable it lso accompanied by a significant 


of energy that does not contribute directly to the resulting 


i} exceeds rhe 
Usua neither WV, nor W., is 
tice » the actual work 


1 factor 7, the effi ency ol 


volume 
(3b 


uluated in various ways in 
old work. Thus Hort,” 

ind (,ORDON'? applied 

modified form it was used 


[IZHNOVA SUZUKI.'? 
for compression, and by 
\npERSON”® for wir 
om stress—strain curves 


the of changing the 


shear work at the die, but excluded 

TAYLOR and QuINNEY,"” QUINNEY 

LAREBROUGH 4, ® calculated 

le of twist. BEVER 

wing a procedure suggested by Forp,‘**’ found the 
from a stress—strain diagram constructed on the 
specimens previously rolled to different strains 
nined the total work and the shear work per unit 

d in orthogonal (two-dimensional) cutting by 
quantities and Gynamometer measureme nts according 
PuSPANEN'*. * and MERCHANT, 77 the same 


cedure \ b sEA 7 Ae ind GREENFIELD and 


’ 


BEVER 


The work, }), done in a deformation process can be measured directly 
under suitable experimental conditions Hrran®@! used a ballisti 
pendulum for deforming lead specimens and measured the energy 
expel ded and the heat evolved KUGENE', * found the energy ot 


impact trom the weight and velocity of a striker hitting a specimen 
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2. Thermal Effects of Deformation 
Elastic Deformation 


In a perfectly elastic deformation under adiabatic conditions, the 
temperature of the deforming specimen changes. For a small but finite 
uniaxial deformation of a bar of unit cross-section, the adiabatic 
temperature change, according to an equation first presented in 1851 
by Lord Ketvin™: 4 js 

aT Ace 


{ 
] 


AT’. 
In this expression, « is the coefficient of linear thermal expansion, 7’ 
the absolute temperature, c, the heat capacity per unit volume at 
constant stress. and Ag 


from Eqn. (5) that, in normal materials having a positive coefficient 


R the isentropic change in stress It follows 
of thermal expansion, the temperature decreases during extension 
and increases during compression. This temperature change, which is 
a manifestation of the thermoelastic effect, is usually smaller than 

It has been measured by numerous investigators since 18305 


and has also been observed in several investigations of the stored 


energy 1.2 6, 7, 8, 10, 11, 13 

If a perfectly elastic deformation is carried out isothermally rather 
than adiabatically, heat must flow into or out of the specimen to 
offset the temperature change according to Eqn (5). In an isothermal 
cycle of perfect elastic loading and unloading, the heat absorption 
during the first step cancels the heat evolution during the second step. 
In an adiabatic cycle, the temperature changes cancel correspondingly. 
In this sense, the thermoelastic effect is conservative rather than 


dissipative 


Plastic Deformation 


If a metal is plastically deformed under adiabatic conditions, its 
temperature rises; if the plastic deformation is carried out isothermally, 
heat is evolved. These effects are characteristic of plastic deformation 
and, in contrast to the thermoelastic effect, are of the same sign for 
such complementary deformation processes as extension and com- 
pression, or twisting and untwisting 

TAMMANN and WarrReEentTRUP™ investigated the temperature 
changes associated with elastic and plastic deformation. They found 
that low-carbon steels in tension obeyed Lord Kelvin’s equation up to 
the yield point, where a sharp reversal in the direction of the tempera- 
ture change indicated the onset of plastic deformation. In unannealed 


copper and nickel the reversal was more gradual and no yield point 


could be assigned to them. 
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The mathematically ideal plastic metal deforms with no strain 
hardening. As a physical model one might envisage the case of perfect 
glide on a single slip system. For such a plastic deformation AZ = 0, 
and Y W: the whole of the work is converted into heat. No real 
metal behaves in this way below its recrystallization temperature, 
although the case of ‘‘easy glide”’ is an approximation to this behaviour. 


3. Changes in Thermodynamic Functions Resulting jrom 
Deformation 
Internal Ene rgy 
Both elastic and plastic deformation produce changes in the internal 
energy of a metal. In a purely elastic deformation obeying Hooke’s 
Law and occurring isothermally, there are two contributions to this 


energy change 


(1) the elastic strain energy 
”) the thermoelastic heat effect 


Thus, in a uniaxial extension, the elastic strain energy per unit volume 
is o*/2), if the initial stress is zero. The heat per unit volume, flowing 
in to maintain the temperature against the thermoelastic effect, has 
the value, 7'xo, according to Eqn. (5). The total increase in internal 


energy per unit volume is, therefore 


As a — T'x0 . (6) 
2) 


Calculations show that, for iron, copper, aluminium and magnesium at 
ordinary temperatures, the second term is much larger than the first. 
This leads to the surprising result that the internal energy of these 
metals, and probably of others may decrease in compression. 

Elastic deformation does not store energy in the sense defined in 
the introduction, because removal of the deforming forces results in 
an immediate relaxation, and the internal energy returns to its original 
value Residual stresses constitute an exception All plastic deforma 
tion produces inhomogeneous strains, and consequently leaves a pattern 
of residual elastic stresses, which contribute to the stored energy of 
cold work The magnitude of this contribution will be discussed in 
Part \ 

Plastic deformation by cold work may require the expenditure of 
much larger amounts of energy than are encountered in elastic deforma 
tion, but only a small quantity of this energy is retained. The increase 
in internal energy caused by cold work is the stored energy, F,. Cold 
work also changes the free energy of the deformed metal. This change 
in free energy is the true measure of the thermodynamic instability 


induced by the deformation, but the change in internal energy is the 
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quantity measured in investigations of the stored energy. The relation 
between the two thermodynamic quantities is of obvious importance. 
Before it can be discussed, however, it is necessary to consider the 
entropy change due to cold work. 


Entropy 
When a system undergoes physical change, its entropy changes 
according to the equation 


Since the cold-worked state of a metal cannot be reached by any 
reversible path, the entropy change associated with cold working 
cannot be evaluated from this equation. 

The absolute value of the entropy is given by 


S k in w 7 a (8) 
where w is the possible number of microstates that the system may 


assume, and & is Boltzmann’s constant. When a system passes from a 
state, 1, to a new state, 2, the associated entropy change is given by 


We 
AS kin — s «a. © ae 
w 
1 
The total entropy change for an atomic process is given by 


_ y \ ( 
AS - AS AS vinrational ” . » . (9) 


- 
configurational ! 


Apart from the idealized case of simple translation in a perfect single 


crystal, cold work invariably increases the structural disorder, and 


thus raises the configurational entropy. The change in vibrational 
entropy may be positive or negative. It is possible, at least in principle, 
to estimate the respective contributions on the basis of whatever 
model is postulated for the micromechanism of deformation. 

Current ideas on plastic flow in metals centre largely on dislocation 
theory. In this theory, the strain field associated with a dislocation is 
conventionally analysed on the basis of classical elasticity. In spite 
of its obvious shortcomings, this is the only quantitative approach so 
far available. It predicts that the energy of a single edge dislocation 
is about 4-9eV per atom plane pierced by the dislocation.’ 
CoTTRELL"’) shows that the configurational and vibrational entropy 
effects of a single dislocation are both small (> 10-*eV per °K per 
atom plane). Hence, at ordinary and low temperatures the entropy 
change due to a dislocation can be neglected and the free energy change, 
AG, may be set equal to the internal energy change, AZ. 

Under some conditions cold work may create vacancies. It can be 
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shown from Eqn. (8) that in a crystal composed of a single species of 


atom, vacancies produce a molar entropy increase 
AS E ; (1 x.) In (1 Z_)) ; . (10) 


where zx, is the mole fraction of vacancies. Since zx, is always very 


t 


small, the equation can be simplified to 
AS Rx, |n x, s « « «nell 


If ée. 18 the energy required to create a single vacancy, and this is 
assumed to be independent of the number pre-existing, the change of 


internal energy per mole due to a mole fraction x, of vacancies is 


AE x Nof zi, : ss =. o 


where NV, is Avogadro's number, and Nog E,, the energy of formation 
of a mole of vacancies. 

Seitz? has shown that the formation of vacancies can explain 
changes in the electrical resistivity caused by deformation at low 
temperatures. By assuming a value for the resistivity change caused 
by one atomic per cent of vacancies, he estimated that a mole fraction 
of 1-9 10-* was formed in copper extended 10 per cent at liquid air 
temperature. He based this estimate on resistivity measurements by 
MoLeNAAR and Aarts. If the figure he took for the effect of vacancies 
on the resistivity is replaced by the value calculated more recently by 
JONGENBURGER,™ the vacancy concentration becomes 14-3 1O-%, 
On the basis of Eqn. (10a), this concentration gives rise to an entropy 
change of 2-5 10-* cal/gramme-atom-degree Since the energy of 
formation of vacancies in copper can be taken as about 23,000 cal 
gramme-atom, a mole fraction of 14:3 10-5 vacancies raises the 
internal energy by about 3-3 cal/gramme-atom. Thus, even at a tem- 
perature as low as 100°K, the entropy—temperature product is approxi 
mately one-tenth of the internal energy effect of vacancy creation. 


This product becomes relatively more important with increasing 


temperature up to the range in which vacancies due to cold work 


anneal out 


Free Eneray 
The change in Gibbs free energy, G, is related to other thermodynamic 


changes by the well-known equation 
AG \H TAS ; 12 


In accordance with Kqn (2). for metals cold worked at ordinary or low 


pressures, this may be written 
AG = AE TAS l2a 
Experimental methods are available for determining the enthalpy and 
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the internal energy changes due to cold work, but to evaluate the free 
energy change using Eqn. (12) requires also a knowledge of the entropy 
effects. 

At first sight, the possibility of using electrochemical measurements 
appears attractive according to the equation 


AG nF E . i ome Sen 


where n is the valence of the active ion, € the open-circuit potential of 
the reversible cell, and FA Faraday’s constant. However, electro 
chemical methods cannot be applied for several reasons. The most 
basic is that a cell composed of a cold-worked and an annealed electrode 
is thermodynamically irreversible and Eqn. (13), therefore, is not 
applicable. Even if this difficulty is disregarded, the stored energy is 
not distributed uniformly throughout a piece of cold-worked metal 
but resides in local regions, as suggested by the evidence of slip lines 
and other considerations. On a surface with such an energy distribu- 
tion, local electrolytic cells are likely to form. Finally, whatever 
measurements are made across the cell refer to conditions at the 
surface of the electrode, where partial relaxation is inevitable. Con- 
ditions in the inaccessible interior may be significantly different. 
Vapour pressure measurements may seem to offer another possibility 
for the direct determination of the free energy change associated with 
cold work. However, there are serious objections. In general, rather 
high temperatures are necessary, which would result at least in partial 


recovery, and possibly in complete recrystallization. Also, this method, 


in common with the electrochemical method, has the defect that 
measurements apply to surfaces, which are not representative of the 
metal as a whole. 

It is clear, therefore, that the free energy change associated with 
cold work can be evaluated only by Eqn. (12). This requires a know 
ledge of entropy changes. 

If something can be said about the nature of the defects introduced 
by cold work and responsible for the stored energy, something can also 
be said about the associated entropy change. The entropy change 
arising from the introduction of a single dislocation, as has been noted, 
is so small that at ordinary and low temperatures the free energy of a 
dislocation is practically equal to its internal energy. The argument 
can be extended to groups of dislocations, for example to arrays 
forming low-angle boundaries. Although there is an appreciable 
difference between the free energy and internal energy changes 
associated with excess vacancies, these energy effects are small com 
pared to those of dislocations. No serious error, therefore, is introduced 
by equating free and internal energies of cold work. 

To complete this section, it may be well to comment on the 
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conclusion drawn above from Eqn. (6) for the change of internal 
energy in an isothermal elastic extension or compression 
Ak Tao (6) 
2) 
be shown that the corresponding entropy change per unit 


volume is 
AS LO (14) 


Hence, the change in Helmholtz free energy, AF (= AE TAS) is 
given by 


(15) 


which is the strain energy per unit volume. This is positive regardless 
of the sign of the stress, and is a direct measure of the amount of work 


the body can do when the ce lorming force is removed 


eversible 


definition ypy given by Eqn. (7) has meaning only 


The Cl4ASSICa 


if there exists a reversible path by which a system can pass from initial 


state. Many real processes, including plastic deformation 
produce states which are completely surrounded by irreversibility 
Yet it is assumed that every system has a finite entropy at any instant 
S kin w In recent years the application of thermodynamics has 
been extended to irreversible processes, such as viscous flow heat 
and atomic diffusio Plastic deformation has received brief 
consideration from the viewpoint of the thermodynamics of irreversible 
processes, ‘* but BripcMan™’ appears to have made the only 


tribution in which tention is focused specifically on this top 


Within a b \ go I detormation heat is generated 
continuously | of the irreversible nature of the process At 
every instal more heat than they would 
if the deformatior ording to Bridgman, the entropy 
isothermal! deformation 


change associate: th tn rsi in an 


may be defined 


where VV, heat ite tr ould occur if the deformation wer 
thermody! ically J... the experimental value, and / the 
deforming ( un : system and unit volume 


reduc es T 
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For the body itself the entropy change becomes 


L (9Q, 
oy 


) ay - . (17) 
: 


This is the same relation as that for the entropy change of the system 
when the change is thermodynamically reversible. For uniaxial stress 
it becomes, per unit volume of the body, 


AS,,, = « Ao . (17a) 


which corresponds to Eqn. (14). 

While Bridgman develops the argument for a closed stress-strain 
cycle, he states that it can be extended to any irreversible isothermal 
deformation, including one in which strain hardening occurs. He is 
careful to point out that there is nothing in the definitions that compels 
a unique solution, and that their suitability requires experimental 
checking. A difficulty arises from the starting assumption that a body 
is in the same state at a given point on the stress—strain loop, regardless 
of the number of previous cycles of deformation it has undergone. 


Il. MerHops oF MEASURING THE STORED ENERGY OF 
CoLtp WorRK 


The stored energy of cold work is small compared with heat effects 
usually measured; for example, a typical metal stores energy of the 
order of only 1 per cent of its heat of fusion. The measurement of 
the stored energy, therefore, presents considerable experimental 
difficulties. This makes a knowledge of the methods used indispensable 
for an evaluation of the results reported in the literature and for an 
understanding of the entire subject of the stored energy of cold work. 

In this section, the published experimental research on the stored 
energy is reviewed with emphasis on the methods of measurement. 
The values obtained, the effects of variables on them, the release of 
stored energy and the interpretation of the results will be considered 
later 

The methods for measuring the stored energy of cold work may 
conveniently be classified as follows 

(1) Single-step methods, in which all measurements are made during 
the deformation. Methods in which the specimen is first deformed and 
then immediately dropped into a calorimeter will be included in this 
group. This is not strictly correct, but improves the unity of the 
discussion. 

(2) T'wo-step methods, in which the deformation is carried out first 
and the stored energy is measured at a later time. 


awd 
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| Single als 


Pp Methods for VW easuring the Stored Energy 





Single step methods are based on a direct application of the First Law 
of Thermodynamics. The stored energy, #,, is the algebraic sum of the 
work, }), and the heat, @, according to Eqn la The work may be 
evaluated as discussed in Part I, Section (1). The heat effect is deter 
mined either from the temperature rise of the specimen deformed under 
nearly adiabatic conditions, i.e. rapidly, or by using a calorimeter 

In principle, the value of the stored energy found by a single-step 
method is not affected by friction within the system, as when a wire is 
drawn through a die inside a calorimeter. The energy expended against 
friction is balanced by a corresponding increase in the measured heat 
ind the value of the stored energy is the same as in the absence of 
trictio! The accuracy of measurement, however, may be lowered. 
Also. friction directly affects the ratio of the stored to the expended 


energy, E/E 


Single step methods have been used with some success They yield 
absolute values of the stored energy and give information on the 
ratio, / k The stored energy, however, is determined as a difference 
ind is usually less than 10 per cent of the quantities measured directly 
Als there are limitat ns the type if deformation process suitable 
lor single-step methods: they have been applied to tension, compressio! 
torsion, drilling and wire drawing, but do not appear to be satisfactory 
for operations involving metal cutting and industrial deformation 





ver a period ot about twenty vears beginnin in IS44 Hirn 


carried it series of investigations into the mechanical equivalent 
t heat (dive ft these periormed probably about I855. 1s of interest 


connexion with the stored energy of cold work Hirn deformed 


specimens of lead with a ballistic pendulum, and by equating the work 
i e and the heat evolved, tound a value of the mechanical equiy ilent 


in the range reported by other investigators of that period. His experi 
ment was criticized on the grounds that the lead underwent a significant 
change," » but Hirn rejected these criticisms in a later account of 
his work ) While it « in no longer be decided whether Hirn’s specimens 
were cold worked, in principle his experiment, if it had been sufficiently 
sensitive, could have determined the stored energy of cold work 

In 1900, CHARBONNIER and GaLy-Acue&,” incidental to research in 
internal ballistics dropped copper specimens into a calorimeter 
immediately after deforming them by a falling weight From the 


information so obtained on the temperature of the specimen and from 


the known energy of the falling weight, they calculated values of the 
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mechanical equivalent of heat and found them to be some 18 per cent 
high. They commented that not all the work expended in deforming 
the copper appeared as heat, and assigned the disparity to cold work. 
They were aware of Hirn’s experiment and its implications and went 
on to formulate a definition of cold work based on structural effects 
of the deformation. Although Charbonnier and Galy-Aché did not 
evaluate the stored energy as such, it is possible to do so from the figures 
in their paper, as was done by Evckne.“ Thus, they were the first 
to observe the stored energy of cold work. 

The first successful experiments specifically intended to measure the 
stored energy of cold work were made by Horr (1906, 1907).4.” In 
this work tensile tests were conducted in a calorimeter calibrated by 
electric heating and thermoelastic cooling. Hort used water as the 
calorimetric fluid. He established that part of the energy expended in 
cold working was stored in the worked metal, and measured the 
quantities involved 

According to Rosennary,* Sinnatt (about 1922) measured the 
heat generated and the work done during the plastic extension of mild 
steel. The results, which were not published, indicated that about 
90 per cent of the work was stored in the metal, but other work casts 
doubt on their validity. 

FARREN and Tayuor (1925) determined the heat evolution 
associated with nearly adiabatic extension in a tensile machine of 
special design. The work was found from automatically recorded 
stress-strain curves. Farren and Taylor measured the temperature 
rise with a thermocouple placed inside an axial hole in the specimen. 
They observed and adjusted for the thermoelastic temperature change. 
Errors due to heat losses could be made negligible by proper timing 
of the readings. The specimens included a single crystal of aluminium. 

GIRAUD (1928) included calorimetric measurements in an investi 
gation of the cold drawing of mild steel bars. His values of the stored 
energy and of the ratio of the stored to the expended energy were 
excessively large, presumably because of a faulty calorimetric technique. 

Masimma and Sacus (1929) observed the temperature increase of 
single crystals of brass during extension. Their experiments suggested 
that a relation existed between the micromechanism of deformation 
and the storage of energy 

ROSENHAIN and Srorr (1933) placed a drawing die in a calori 
meter containing oil as calorimetric fluid. They used an electrical 
calibration and corrected for the thermoelastic effect. They expected 


good accuracy, because the experiment could be run for prolonged 


periods and the deformation was confined within a small space, but the 


slow rise of temperature made the calorimetric corrections excessively 
important. 
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TAYLOR and QuINNEY (1934)®” adopted twisting as the deformation 


process because of the large strains attainable. They measured 


simultaneously the torque and the angle of twist and determined the 
heat effect in two ways: they measured the rise in temperature at 
the surface of some specimens, and immersed others, immediately 
after twisting, in a calorimeter containing water. The two methods 
gave good agreement. The heat loss in the calorimetric method was 
considerably less than | per cent of the heat evolved: the correspond 
ing error in the stored energy, nevertheless, was of the order of 10 per 
cent 

MAIER and ANDERSON (1934)"*) determined the energy stored during 
wire drawing of aluminium and copper. They placed the drawing die 
in a calorimeter and paid special attention to the selection of the best 
calorimetric fluid from the standpoint of thermal lag, side reactions 
and lubrication of the die 

KuntIN and SENILOV (1936) determined the energy stored in 
copper, compressed by stages in a testing machine, as the difference 
between the mechanical work expended and the heat evolved. The 
work was measured by the use of special ‘crusher’ gauges; the heat 
was computed from the temperature rise of the specimen, after correc 
tions for heat losses and thermoelastic effects in the end supports. 

Feporov (1941) applied the same method to the investigation of 
copper, aluminium, lead and tin, but evaluated the work expended 
from an autographic record produced by the testing machine. He also 
mentioned unpublished work by Shelepukhin on the energy stored by 
the same metals during dynamic loading. Fedorov’s method was later 
used by TizHnova (1946)"* to investigate the energy stored in copper 
and a series of copper—ni kel alloy 8 Tizhnova incorporated a special 
recording dynamometer to measure loads and strains 

Eprranov and REBINDER (1949) determined the energy stored in 
chips formed by drilling specimens inside a calorimeter. They measured 
the energy input to the drill and the heat evolved; the difference was 
the energy re tained in the chips 

STUDENOK (1950)°° and DeetTiaRev (1950) used the method of 
KuNIN and SenrLov® as modified by Tizanova.’ Studenok investi 
gated the effect of the rate and amount of prior compression and 
Degtiarev the effect of prior extension on the energy stored in copper 
during compression 

EUGENE (1953, 1954). **) investigated the energy relations in impact 
tests with lead, copper and steel. He obtained the stored energy from 
the difference between the known energy of the weight striking the 
specimen, and the heat effect as measured by its temperature rise. 
He assumed that lead was not cold worked under the conditions of the 
test and attributed the finite difference he obtained for this metal to 
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thermal and mechanical losses. He further assumed that identical 
losses occurred in all his tests and applied the difference for lead as a 
correction to his values for copper and steel. This correction amounted 
to more than half the magnitude of the effects measured. Eugéne also 
determined the heat capacities of tin, zinc and aluminium by his 
procedure of dynamic loading and found agreement within | per cent 
of published values. This, however, cannot be accepted as a confirma- 
tion of his measurements of the stored energy. Eugéne’s values of the 
stored energy are low, both as absolute amounts and as fractions of 
the energy expended in impact. Their accuracy probably was adversely 
affected by the correction based on lead. 


2. T'wo-step Methods for Measuring the Stored Energy 


In the two-step methods for measuring the stored energy, the metal is 
cold worked by any suitable process; the energy expended in the 
deformation may or may not be determined. The stored energy is 
found in a subsequent operation from the difference in the thermal 
behaviour of the cold-worked and a standard specimen. This requires 
a process for converting these specimens to identical final states under 
conditions which permit measurement of the heat effects associated 
with this conversion. The difference in these heat effects is the difference 
in the energy contents of the specimens, i.e. the stored energy of cold 
work. 
Two general methods have been used. 


(1) Annealing methods, which may be further subdivided into: 

(a) Anisothermal annealing, where the temperature is increased, 
usually at a predetermined rate, and the released energy is measured 
as a function of temperature. 

(b) Isothermal annealing, where the energy is evolved at a con- 
stant temperature and may be determined either as a function of 
time or as a total quantity after a chosen annealing time. 

(2) Reaction methods, in which annealed and standard samples are 
permitted to react with a second substance in a calorimeter. The 
difference between the heats of reaction is the stored energy of cold 
work. 


The annealing methods are capable of a high degree of accuracy. 


They have the further advantage of furnishing direct information on 
the kinetics of the release of the stored energy. The experimental 
difficulties, however, are considerable. An inherent shortcoming of 
isothermal annealing is the fact that any heat evolved while the speci- 
men is brought to the annealing temperature cannot be determined 
accurately. In spite of the difficulties some of the most valuable 
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investigations of the stored energy have been made by isothermal 
and anisothermal annealing, and these methods will continue to be of 
importance. 

The most promising reaction methods are based on dissolution, 
but when aqueous solvents are used the heat effects are too large to 
be measured with the accuracy necessary for finding the stored energy. 
The heat effect accompanying the addition of some metals to other 
liquid metals, however, is often small and may vanish in special cases. 
Recent investigations of the stored energy by tin solution calorimetry 


have used this feature. 


Investigations by Anisothermal Annealing 


KRIVOBOK (1925) investigated by thermal analysis the behaviour of 
cold-worked steel and single crystals of iron containing 1-7 per cent 
silicon. On heating a sample, he found an evolution of energy, but 
observed no further effects during cooling or subsequent heating. 
His investigation gave no information on the amount of heat. 

Sato (1931)°8 obtained differential heating curves for cold-worked 
specimens and annealed standards of identical dimensions placed side 
by side in, but not in contact with, a block of silver. The block was 
heated at a rate of 5°C/min to the temperature at which the standard 
had been annealed. The heating was repeated without moving the 
specimens This blank test was necessary to correct for differences 
not due to cold work between the two specimens Sato also added 
cold-worked specimens and annealed standards to a high temperature 
differential calorimeter, but obtained satisfactory results only with 
70:30 brass. He used the values for this alloy as a basis for calculating 
energy values for all his specimens from the corrected differential 
heating curves This calculation was based on the questionable 
assumption that the rate of heat transfer from specimens of identical 
shape was not affected by the material and the manipulation. 


QUINNEY and TayLor (1937)@* considered Sato’s method satisfac 


tory ior determining the temperature of the release of the stored 


energy, but criticized the assumptions made in converting the results of 
thermal analysis into energy values. They developed a method of 
thermal analysis involving only the assumption that the thermal 
resistance of a single specimen remained unchanged during successive 
heating runs. They used twisted specimens with an axial hole into 
which a heater could be fitted. During the first heating, the stored 
energy was released and a second heating supplied a standard curve. 
Placing the specimen inside a guard-ring furnace and evacuating the 
system minimized the exchange of heat between specimen and surround 
ings, and greatly increased the accuracy. In an earlier phase of the 


same investigation, Quinney and Taylor obtained some results with a 
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differential method employing two identical furnaces, but they aban- 
doned this, referring to the advantages of the differential method as 
“largely illusory’. 

During this period the use of anisothermal annealing for the deter- 
mination of the stored energy of cold work was probably stimulated by 
the work of Sykes and collaborators, who measured thermal effects 
associated with various reactions in solids." 4, 5) They determined 
a temperature-time curve for continuous heating; anomalies in the 
heat capacity, judged on the basis of a measured or assumed standard 
curve, were attributed to reactions such as ordering. This method has 
been referred to as the “Sykes method,” but it seems to have been 
anticipated by Sato“® for measurements of the stored energy. 

Suzvuk1 (1949) cold-worked cylindrical specimens by compression 
and then drilled holes in them to admit a heating coil and a thermo- 
couple. During this operation he took precautions to prevent undue 
heating and straining. He determined the apparent heat capacity of the 
cold-worked specimen at a heating rate of 2°C/min. A second heating 
yielded the heat capacity of the annealed specimen. 

KANZAKI (1951) used a similar technique to determine heating 
curves at a rate of 1°C/min. Later® he modified equipment described 
by NaGasaki and Takaar”: to avoid drilling, he placed the specimen 
on a fixture of annealed silver, into which the thermocouple and heater 
were inserted. This fixture increased the thermal mass, but shortened 
the preparation time so that only about 20 min elapsed between cold 
working and the heat capacity measurements. 

BocksTIEGEL and Licker (1951) obtained heating curves for 
heavily deformed thin copper wire. They measured the difference in 
power required to heat an annealed and a cold-worked wire at the same 
rate. They also heated two specimens rapidly and measured their 
temperature difference. Successive heating runs established blank 
corrections, which were quite large in some instances. The surface 
condition of the wires affected the accuracy appreciably, but constant 
absorptivity and emissivity could be attained by etching. Although 
the reported results fall in a narrow range and the stated percentage 
error is small, the authors emphasize the difficulties encountered and 
the importance of various errors; a later publication from the same 
laboratory™® contains a further analysis of the earlier investigation. 

WELBER (1952)"*) modelled his equipment and method after those 
of Quinney and Taytor.“* A twisted specimen was heated and 


supported by the heater leads, which fitted into a small axial hole. A 


manually controlled guard-ring furnace acted as radiation shield and 
ensured nearly adiabatic conditions. The heating voltage was measured 
at the sample. Measurements were started at 50—60°C, as below 
that temperature rapid changes in electrical resistivity and transient 
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effects in the temperature distribution were troublesome. The upper 


temperature was 450-500°C, which was above the temperature of 

release of the stored energy for pure copper After a curve of tempera 

ture versus heat input had been obtained for a cold-worked specimen 

two further runs were made without moving it The two calibrating 

curves were identical in most cases. Welber also measured heat 

ind related them to accepted values. thus obtaining a 

it losses His detailed account of the method in 

cluded an inalysis oO } irs, but he re ported only three values of the 
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systematic error which made them too low by about 10 per cent, owing 
to a release of part of the energy during drilling. 

CLAREBROUGH, HARGREAVES and West (1953) by the same 
method investigated the release of the energy stored in nickel. CLARE 
BROUGH, HARGREAVES, Heap and West (1955) applied the method 


to the determination of the energy stored during fatigue of copper. 
CLAREBROUGH, HARGREAVES and West (1955) used the same equip 


ment and procedure in an investigation of the release of the stored 
energy from nickel and two grades of copper deformed by various 
processes. A summary of these experiments has been given by Boas 
(1954)*). Further investigations in this series have been carried out 
on nickel by Micne.y (1956) and Micnet, and Hara (1957).‘») 
s0as'®) presented additional unpublished data obtained by the 
Melbourne group in an interpretive discussion of the stored energy in 
copper and nickel. 

KHOTKEVICH, CHAIKOVSKII and ZASHKVARA (1954) applied a pulse- 
annealing technique to wires of cadmium and lead deformed by com 
pression at the temperature of liquid nitrogen and to copper wire 
similarly deformed at room temperature. The wires were placed in a 
bridge and the tem perature rise of the cold worked sample during pulse 
annealing was compared with that of a standard sample. From these 
data. the stored energy of cold work was found. 

BoHNENKAMP, Licke and Mastine (1955)9" improved the method 
of BockstT1eGeL and Licker.’ Instead of heating single wires, they 
placed approximately one hundred pieces in a copper container of 
annular cross-section, which was heated in the central space. An 
identical container holding annealed wires served as a standard. The 
containers were heated side by side at a rate of 15°C/min in a cylindrical 
furnace kept within 1°C of the temperature of the containers. The 
containers could be heated by a high-frequency current superimposed 
on the main current. The energy input to the high-frequency circuit 
was a measure ol the stored energy Under ideal conditions no 
additional energy input should have been required after the first 
heating, but in blank runs additional energy was needed, usually in 
amounts of the magnitude of the effect due to the stored energy. The 
stated uncertainty in evaluating the additional energy input was less 
than 10 per cent of the stored energy. By taking additional sources of 
error into account, the authors arrived at a probable error of 0-06— 
(O07 cal/g of coppel With total effects of 0-25—0-30 cal/g, the uncer- 
tainty, therefore, was 20-30 per cent. Although an annealing method 
should follow the release of the stored energy in detail, for experimental 
reasons this investigation contributed only limited information on the 
kinetics 


Riaes (1956) carried out calorimetric measurements by annealing 
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slorimeter, which had also been employed in investigations ol 
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other energy effects.“*. Boretius ef al.“ investigated the energy 
evolved at 100°C by aluminium, copper and zinc immediately after 
rolling, and the energy evolved at 60°C by aluminium and copper after 
preliminary recovery of 41 and 45 hr respectively. The calorimeter con- 
sisted of a vapour thermostat, which provided a constant-temperature 
environment for a chamber containing the specimen. The temperature 
was measured by a sensitive differential thermopile ; one set of junctions 
was in thermal contact with the wall of the chamber and the other 
with the specimen. The heat evolution from the sample was indicated 
by a temperature difference across the pile. The apparatus was 
calibrated with Peltier heat evolved by a thermocouple in an axial 
hole in the specimen. A spurious heat effect in the first of these 


*) was avoided by careful drying in the second.“ The 


investigations 
specimens had to be brought to the annealing temperature quickly in 
order to measure as much of the heat evolved as possible, but under 
the best conditions about 30 min elapsed before the measurement 
started. The heat evolved, but not measured during this period, 
was calculated. The uncertainty arising from this source is a short 
coming of this method. Only the early annealing stages were investi 
gated and the main interest of this work lies in the information it 
provides on the kinetics of the energy release during recovery. 
AstrOM (1955)'*. 7) used the same equipment and method as 
Borelius ef al. in an investigation of the release of the stored energy 
from aluminium cold-worked by compression. The measurements were 
made by heating specimens to five successively higher temperatures 
from 70 to 350°C. The specimens were, therefore, in the cold-worked 
state only at the lowest temperature and the values of the energy 
released at a given temperature referred to a specimen from which 
energy had already been lost at all lower annealing temperatures. 


GorRDON (1954. 1955), 7 


used a microcalorimeter of the type first 
designed by Borelius. In this equipment temperature variations could 
be held within 10-*°C. He deformed high-purity copper in tension, 
and investigated the energy stored and the kinetics of the isothermal 
release in the range of 150—220°( Gordon considered the error in 
the rate of heat evolution at the peak to be + 3 per cent, and the error 
in the total heat effect not greater than 5 per cent. Part of this 
error was due to the need to extrapolate the curve back to the beginning 
of heating, but the time required by Gordon for bringing a sample to 


temperature was only about 10 min. 


Re action Me thods 


Among the reactions which have been used for measuring the stored 


energy of cold work are dissolution in aqueous solvents, oxidation and 


dissolution in liquid tin. 
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Smiru (1929)'? measured by isothermal calorimetry the heat of 
dissolution of annealed and drawn wires of copper, zinc and a copper 
zine alloy in an aqueous solution of potassium bromide and bromine. 
The difference between the heat effects of dissolving cold-worked and 
annealed samples was only about | percent of the total effects measured. 

FRANCE (1934)'*) used adiabatic calorimetry to measure the heats 
of solution of iron in the form of rolled strip and drawn wire, and 
copper in the form of drawn wire. The working operations were so 
planned that samples subjected to different strains all had the same 
final dimensions. France used the same reagent as Smith for copper, 
and hydrochloric acid for iron. The heat effects with copper were of the 
same magnitude as those found by Smith, but there was no difference 
between the cold-worked and annealed specimens. Some experiments 
with iron suggested a stored energy of 1-2 cal/g, but the total heat 
effect was about 350 cal/g. France observed that the rates of dissolution 
of cold-worked and annealed iron differed. While this has little effect 
on adiabatic calorimetry, it may be significant in isothermal calorimetry 
and may explain the large values of stored energy reported by Smith 

Korer and Wo.urr (1922)'* concluded that the energy stored in 
cold-worked tungsten could not be measured by a solution method. 
VAN Liemprt (1923) came to the same conclusion for a method based 
on the differences in the heats of combustion of cold-worked and 
annealed tungsten. In both cases the errors were apparently greater 
than the stored energy the investigators were trying to measure. 

The main difficulty with solution calorimetry arises from the size of 
the heat effects associated with aqueous solvents. TickNoR and BEVER 
(1951, 1952). ® avoided this difficulty by using liquid tin as solvent 
and a gold-silver alloy as solute. The calorimeter consisted of an 
evacuated Dewar flask containing the tin. The flask was immersed in 
a bath of molten salt held within + 0-01°C in the range 240—350°C. 
The sample was added under vacuum from a reference temperature of 
Ot The composition of the solute was such that the sensible heat 


requirements of the sample and its heat of solution almost cancelled 


A calibrating addition of tungsten (changed in later investigations to 
tin) was made during each run to determine the heat capacity of the 
calorimeter and provide a heat-transfer factor for use in the usual 
calorimetric corrections. Cold-worked and annealed samples were 
added alternately in a single run to minimize errors. The difference 
between the values for cold-worked and annealed samples, adjusted to 
infinite dilution, was the stored energy The success of the method 
depended not only on thermal compensation (or “‘thermal buoyancy”’ 
but also on rapid solution rates. The accuracy was limited chiefly by 
temperature control and measurement 

Bever and TickNnor (1953)'*" by this method measured the energy 
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stored in 75 Au—25 Ag (weight per cent) alloy deformed by cold rolling. 
BEVER, MARSHALL and Ticknor (1953)'**) used the method for measur- 
ing the energy stored in chips formed by orthogonal cutting. 

Leacu, LOEWEN and Brever (1955)'**) prepared cold-worked chips of 
75 Au-25 Ag alloy by drilling under controlled conditions at the tem- 
perature of liquid nitrogen, and added the chips from a container at that 
temperature to the calorimeter. Accidental heating and condensation of 
moisture were prevented. There was a departure from thermal com- 
pensation on adding the alloy from 195°C, but the consequent loss 
of accuracy was largely offset by the greater amount of energy stored. 

GREENFIELD and Bever (1956)'® applied the technique developed 
by Leacu et al.‘ to the investigation of the effects of annealing on 
the energy retained in gold-silver alloys cold-worked at 195°C, 

79°C and room temperature. They used an 82-6 Au-17-4 Ag alloy, 
as this composition gave nearly complete thermal compensation when 
added from 195°C to tin at 240°C. The annealing treatments were 
carried out from 130 to 420°C, 

AVERBACH, BEvER, COMERFORD and LEacu (1956)'**) measured by 
tin solution calorimetry the energy stored in filings of a 75 Au-25 Ag 
alloy after various annealing treatments. The dissolution of the samples, 
which were in the form of briquettes, was accompanied by evolution of 
gas and was significantly slower than the dissolution of the strip serving 
as standard. These effects, probably caused by surface contamination, 
interfered with the accuracy, but nevertheless the data indicated the 
main features of the annealing process. 

GREENFIELD and Bever (1957)® modified the calorimetric pro- 
cedure in order to extend the range of alloy composition over which 
thermal compensation could be attained. They included in the additions 
a pure metal which, upon dissolution in tin, had a heat effect opposite 
in sign to the effect of the alloy specimen. If the proportions were 
suitably chosen, the heat effect of the combined addition could be 
reduced to a minimum. Differences between the solution rate of the 
alloy and the pure metal could be minimized by operating at the highest 
possible temperature. Greenfield and Bever prepared chips by drilling 
at room temperature and 195°C and covered compositions ranging 
from 50 to 99 per cent gold. Using the same method ScnoTrky and 
Bever'® measured the energy stored in silver (99-9 + per cent pure) 
by wire drawing at room temperature. 

CoHEeN and Bever*) measured the energy effects of cold work on 


gold—copper alloys of composition Cu,Au in the ordered and disordered 


conditions. This alloy gave only partial thermal compensation and 
dissolved rather slowly in tin, but most of the energy effects were so 
large that the accuracy was not seriously impaired. Also, thermal 
compensation was used in some of the determinations. 
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DESCH 1929)" iE 3) to evaluate electrode potentials 

Sprine. Jour 1953)" measured the potential 

across a cell comprising an annealed and a cold-worked electrode of 


high-purity copper, and applied the same equation to these measure 


ments ( learly the resulting figures tor the stored energy ol cold 


»> accepted i 


III. VARIABLES AFFECTING THE AMOUNT OF STORED ENERGY 


The literature now contains about fifty reports of investigations in 


which the stored energy of cold work was measured. The results 
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represent a wide range of conditions and vary greatly in accuracy. 
Table | lists representative values of the stored energy, £,, and of the 
ratio of the stored to the total expended energy, L,./E,. The Table also 
summarizes information on the methods of measurement. the deforma 
tion processes and other variables 

The reported values of the stored energy of cold work range from less 
than 0-01 to more than | cal/g of metal. The spread remaining after 
the elimination of doubtful values far exceeds the range of uncertainty 
of the reliable measuring methods, and thus represents the effects of 
real variables. Moreover, there is an increasing number of published 
investigations which are explicitly concerned with the influence of 
variables on the stored energy It is thus becoming possible to con 
sider systematically the various factors which affect the amount of 
stored energy of cold work 

The variables fall into two classes: those involving the metal or 
alloy, such as its composition and grain structure, and those involving 
the deformation process particularly the type and extent of deforma 
tion and the effect of temperature 

The values of the stored energy can also be related to the energy 
expended during deformation when this quantity is known. A problem 


of special interest is the saturation of a metal with stored energy as the 
strain increases 


The Metal as a Variable 


Nature and ¢ om position 

The stored energy has been measured with simple metals of various 
degrees of purity, solid-solution alloys, and even steel. Most results 
are not strictly comparable, however, because of differences in the con 
ditions of cold working { onsequently there is little precise knowledge 


of how various metallic elements and alloys differ in their tendency to 


store energy during cold work 
Values of stored energy have usually been reported in cal/g, but 


comparisons would be better made on the basis of cal/gramme-atom 


Table 1 lists the values of stored energy in both units; discussion in 
this review will be in terms of gramme-atomic quantities 

For pure oO! nearly pure metals the highest published values, after 
of obviously incorrect values, are listed in Table 2. The 


rejection 
known, and the cold-working 


corresponding strains, where they are 
processes are also stated The latter differ widely, and it is clear that 
the values of stored energy cannot be directly compared. However, 


they indicate the general range that has been found. Differences in the 


amounts of energy stored by metals at large plastic strains do not 
seem to be related to crystal structure. TayLor and Quinney’ 
attempted with some success to relate the change of stored energy 


Orr 


aia 













PROGRESS IN METAL PHYSICS 


TABLE 2 


Highest Values of the Energy Stored by Metals 
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Room 
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rayitor'* Torsion A) 29 
FEDOROV Compression £ 0-67 Sn 0-7 
FEDOROV Compress n 5 0-69 Pb 0-8 
KHOTKEVICH et al," Compression Pb 110 
KHOTKEVICH et . Compression Cd 27 
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MICHEL! 







and Ha 








with strain to the work-hardening properties of the metal, and Table 2 


does suggest some relation between strength properties and the 






capacity to store energy Additional support is to be found in the 
i 






results of CLAREBROUGH et al for copper and nickel of comparable 







purities. For example, at a torsional strain, nd/l 1-87, copper stored 






about 19 cal/gramme-atom, nickel about 35 cal/gramme-atom: the 






hardness values of these metals in the annealed state were about 





60 and 100 v.h.n 





The stored energy also runs roughly parallel to melting points and 






) 


recry stallization temperatures, as can be seen from Table 2. Feporoyv"’ 






compared the behaviour of copper, aluminium, lead and tin by plotting, 






for a given strain, the ratio #,/E,, against the ratio 7/7, where 7’, 


m 






was the temperature of cold work (room temperature in this case), 






and 7',, was the melting point of the metal, both temperatures being 






expressed as “K. The values of stored energy for lead and tin were 






barely within the experimental accuracy, but a steep downward trend 
: | ‘ | 






of the curves with increasing values of 7',/7'. is well established. 


m 






The purity of a metal is an important factor in determining the 






stored energy of cold work. CLAREBROUGH ef al.“ found that the 






energy stored in copper of 99-55 per cent purity (arsenical copper) 
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was about 30 per cent greater than that stored in copper of high 
purity, as shown in Fig. 1. In an earlier investigation’) a decrease in 
the purity of copper from 99-98, to 99-96, per cent had little effect on 
the total amount of energy stored after twisting to fracture, but the 
rate of energy release was altered significantly. 


The earliest indication of the effect of alloy elements appeared in 


qualitative observations of KrrvoBoxk,”) who observed that anomalous 
“arrests” in the heating curves of cold-worked steels were less marked 





Nickel, torsion 

Arsenical Copper, torsion 
Arsenical Copper, tension 
Pure Copper, torsion 
Pure Copper, compression 





Fig. 1. Percentage of energy stored as a function of the work of deforma- 
tion for various metals and methods of working. CLAREBROUGH ef al." 


the lower the carbon content. The results of TayLor and Quinney"? 
agree with this in showing, at a given strain, a slightly larger quantity 
of energy stored in low-carbon steel than in decarburized steel. 

There are three investigations of the effect of composition in solid- 
solution alloys. Although the absolute values of energy reported by 
Sato"® for brasses must be viewed with reserve [see Part II, Section 
(2)], they permit conclusions to be drawn about the effect of com 
position. With one minor exception, his results showed that, for a given 
expenditure of energy, /,,, an increase in zine content was attended by 
an increase in the stored energy, #,. The results of TizHnova‘ for 
copper-nickel alloys showed a similar trend. Thus, for a compressive 
strain, é = 0-29, the stored energy, #,, ranged from 14 cal/gramme 
atom for pure copper to 62 cal/gramme-atom for a 30 Cu-70 Ni alloy. 
The increase of #, with increasing nickel content held for all strains up 
to the maximum investigated. Tizhnova gave no information on the 
expended energy, and the variation of #, with composition for a given 
value of EZ, therefore, cannot be compared with the graphs shown by 
Sato.“® However, if Sato’s values of the energy stored by brasses are 
replotted against composition for a given strain, a rising trend is found 
that is comparable to that for the copper—-nickel alloys. Tizhnova also 
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showed that for a given strain, the ratio /E#,, increased with increasing 
nickel content. At the largest strain, é ‘5, E/E, rose from 8 per 
cent for copper to a broad maximum of 13-14 per cent in the range 
50-70 per cent nickel. At small strains the increase in £,/E,, was 
sharper and there was no maximum. With drillings of gold—silver 
alloys, GREENFIELD and Bever found that the stored energy varied 
considerably with composition over the range 50-99 per cent gold. 


For example, an alloy containing 75 per cent gold and cold worked at 


Wt. % Au 








energy, E, (cal/g — atom) 


v 
- 
X 
° 
a 
“) 


Composition , 


Fig. 2. Energy stored as a function of composition of gold-silver chips 


formed by drilling at room temperature and at 195° ¢ GREENFIELD 
ind BEVER 


room temperature stored about four times as much energy as one 
containing 99 per cent. After cold work, both at room temperature 
and at 195°C, the stored energy had a maximum value near 65 per 
cent gold (Fig. 2). The strains introduced by drilling were unknown, 
but were certainly large and may be assumed approximately equal 
regardless of composition These results can, therefore, be compared 
directly with those of Tizhnova and with the replotted values of Sato. 
Together, the three investigations establish firmly the strong effect of 
comp wition on the stored energy of cold work in solid—solution alloys. 


Grain Structure 
There are few investigations of the energy stored in deformed single 
crystals. With aluminium, at a tensile strain, é 0-44, FARREN and 
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TayLor™ measured a stored energy of 3-6 cal/gramme-atom. At 
comparable strains the stored energy found by these investigators was 
higher for polycrystalline aluminium than for single crystals; the 
ratio #,/E,, was also larger. Krivopok’s”) thermal analyses of single 
crystals of an iron-silicon alloy gave no energy values. Masia and 
Sacus™) reported the ratio £,/H 
in tension, but gave no values of the stored energy. However, they 


» for single crystals of brass strained 
noted the unexpected phenomenon of a release of energy at certain 
stages during the extension. With single crystals of copper, compressed 
at room temperature, Kanzak1) found an energy release of 0-4 
5-2 cal/gramme-atom for shear strains ranging from 0-1 to about 0-7. 
For crystals deformed at 80 and 186°C, he reported no energy 
values, but his measurements began only at room temperature, where, 
he observed, recovery was in most cases already complete. 

Among the many investigations of polycrystalline metals, initial 
grain size appears to have been measured by Suzuxk1® (0-01 cm), 
WELBER and WEBELER™) (0-006—0-045 em), Gorpon™ (0-0015 cm) 
and HENDERSON and KoEHLER™) (0-01 cm). Although copper was the 
metal used in each of these investigations, the results furnish no 
information on the role of grain diameter because the deformation 
processes were different. In an investigation of a polycrystalline 
82-4 Au-17-6 Ag alloy in which the grain diameter was varied by a 
factor of about 50, there was no measurable difference in the energy 
stored during wire drawing. Preliminary results indicate that copper 
with an initial grain diameter of 30 microns deformed by 35 per cent 
compression (é = 0-43) stored 7-6 cal/gramme-atom, while the same 
copper with an initial grain diameter of 200 microns deformed the 
same amount stored 5-7 cal/gramme-atom. A general comparison of 
Kanzaki’s results for single crystals with results for polycrystalline 
copper compressed at room temperature (see Table 1) indicates that 
much larger quantities of energy are stored by polycrystalline speci- 
mens. Results for polycrystalline metals and single crystals, however, 
are not strictly comparable because the degree of cold work probably 
cannot ever be the same; even for identical macroscopic strains, the 
microplastic mechanism of deformation must differ. 


2. The Process of Defor mation as a Variable 
Nature of the Deformation Process 


As shown in Table 1, many deformation processes have been used; 


they include extension, compression, torsion, wire drawing and rolling, 


as well as cutting operations such as filing, drilling and orthogonal 
cutting. Apart from differences in strain and strain rate, these processes 
differ in more fundamental ways. Simple processes, such as extension, 
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by many investigators: Farren and Taytor,) Sato,“® RosEnHAIN 
and Storr,“ Tayitor and Quinney,”?) Kunin and Senttov™ and 
most investigators since 1940. Typical examples will be found in 
Figs. 3 and 4 and also in Fig. 5. 

Strain is a satisfactory parameter for describing the degree of cold 
work in simple deformation processes. This is illustrated by Fig. 5. 
A geometrical parameter fails, however, for composite processes, such as 





8 








: 


Recrystoallization temperature, 7( °C) 


——-Copper 99-967°, 
---=- Copper 99-988". 


Stored energy, &; (cal/g) 


10 20 30 
Work done in twisting, E, (cal/g) 


Fig. 3. Stored energy and recrystallization temperature as functions 
of the work done in torsion of copper of two degrees of purity. CLARE- 


BROUGH et al.‘*” 


compression followed by extension, and for cyclic processes."®) Further- 
more, it is not entirely satisfactory when the deformation involves 
redundant work, since this, although contributing to the stored 
energy, is not taken into account in an expression for the strain. The 
total expended energy, /,, has also been used as a measure of the 
degree of cold work. Like strain, it is satisfactory in simple deformation 
processes. It is less satisfactory, however, in cases where friction is 
present, since friction contributes nothing to the stored energy, and 
by its heating effect may even reduce the value of £,. It is important, 
then, to distinguish between the geometrical and the physical aspects 
of deformation. Such property changes as strain hardening and the 
stored energy of cold work are functions of the physical process of 
deformation rather than of its geometrical result. 

While the general effect of the degree of deformation on the amount 


of stored energy is well established, the results have been presented in 
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the literature in various ways he stored energy, £ has been plotted 


against true strall percentage reduction in area percentage elongation 


and total expended energ’, Alternatively, the ratio, Z./#.. has been 


As a further complica 
mes per gramme per 


tre its tor coppel 
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under uniaxial stress have been replotted in Fig. 5 on the common 
basis of £, versus é. The range is extremely wide. Differences in purity 
may provide a partial explanation of the observed differences in stored 
energy. It is noteworthy, however, that Gorpon™ using copper of 
higher purity than CLAREBROVGH et al. found larger amounts of 
stored energy. Significant deviations from what may be taken as 
normal appear in the values obtained by the Tomsk school." 7. ®, #®, 4 
These investigators all used virtually the same methods and equip 
ment, they did not report the purity of the metal, and their results 


>-S- 
a’ 


t ngineering strain,« (%,) 

Fig. 6. Energy stored during compression of copper as a function of 
strain and of prior deformation. Highest curve represents annealed 
specimens; for the other curves, C designates prior static deformation, 
lL) prior dynam deformation, and the figures represent percentage 
prior strain. STUDENOK 
differed by as much as 40 per cent at any given strain. Although the 
absolute values of stored energy which they report are unusually high 
the results of each investigation are consistent within themselves and 
are qualitatively plausible 

An exception to the general rule that the stored energy increases 
with progressive strain has been reported by Mastma and Sacus,' 


who observed a decrease at certain stages during the extension of 


single crystals of brass. They interpreted this as an evolution of heat 


associated with a change from one operative slip system to another 
StrupENOK”® and Deertiarev™ investigated the effect of prior 
deformation on the tendency to store energy Studenok found that 


» 
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the amount of energy stored at a given < ompressive strain ina secondary 
deformation was less the larger the strain and strain rate in the primary 
compression (Fig. 6). Degtiarev obtained corresponding results from a 
secondary compression following a primary extension ; the amount of 
energy stored at a given secondary strain was a diminishing function 
of the prior extension. These results confirm what one would expect 
from the form of the usual curves relating £, and é, and from the shape 
of the stress-strain curve Work by Shelepukhin, reported by 
Frporov,'” showed that the amount of the stored energy increased 
markedly with the strain rate. 


Eff ct of the T'¢ m pe rature o] f old i ork 


Kanzaki deformed single crystals of copper at 180°C. but. as 
already noted, his work did not establish accurately the effect of low 
temperature on the storage of energy because his measurements started 
only at room temperatures. Rices observed that copper stored 
slightly more energy during working at 195°C than at room tempera- 
ture, but his specimens also were heated to room temperature before 
measurements began 

HENDERSON and KorHnLeR™) in their investigation of the annealing 
behaviour of copper below room temperature measured the energy 
evolved between 185 and 30°C. The values ranged from 8-3 to 
12-1 cal/gramme-atom, depending on the strain. They were of the same 
order as the energies stored by copper at room temperature under 
comparable conditions. The values of Henderson and Koehler, 
however, are unknown fractions of the total energy stored at 185°C, 
since the heating was stopped below the temperature for the complete 
evolution of the stored energy 

KHOTKEVICH ef al.‘ measured the energy stored in cadmium and 
lead after deformation at 195°C. Their only other observations 
were made on copper at room temperature. Although they reported 
neither the strain nor the work of deformation, a comparison of their 
value for lead (£ 34 cal/gramme-atom) with that of FEporRov"’ 
for lead heavily worked at room temperature (/£, ~ 0-8 cal/gramme 
atom) shows the importance of the temperature of working. 

A systematic investigation of the effect of temperature was made by 
LEACH et al.,“**) by drilling a 75 Au-25 Ag alloy at 195°C and at room 
temperature. They found that the stored energy increased from 
82 cal/gramme-atom at room temperature to 242 cal/gramme-atom at 

195°¢ GREENFIELD and Brver* observed a _ corresponding 
increase in chips obtained by drilling an 82-6 Au-—17-4 Ag alloy at 


195°C; an intermediate amount was stored at 79°C. In an 


investigation by these authors™ of the composition de pendence of the 


stored energy in the gold-silver system, alloys worked at 195°C 
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stored from two to four times as much energy as those worked at room 
temperature (Fig. 2). 

The effect of the temperature of working on the stored energy, 
which has been observed in the gold—silver system and probably holds 
for all metals and alloys, bears an important relation to the mechanism 
of energy storage and the nature of the deformation process. In a 
macroscopic sense it may be attributed to the strengthening effect of 
reduced temperature; in terms of microplasticity, the predominant 
mechanism of deformation depends on the temperature. It is also 
likely that, at lower temperatures, processes of energy release occurring 
during or immediately after the deformation are suppressed to a greater 
extent. 


3. The Ratio of Stored to Expended Energy—Saturation 


In the earliest published account of an investigation of the stored 
energy, Hort": *) reported values of the ratio of the stored to the total 
expended energy, #,/H,,. Since then, much information on this ratio 
has accumulated. It should be noted that all single-step methods for 
finding #, require the measurement of Z,,, whereas two-step methods 
do not. In a number of two-step investigations, however, separate 
measurements of L,, have been made. Table 1 shows that the reported 
values of the ratio, L/L, range from less than 1 to about 90 per cent, 
with the great majority lying under 15 per cent. 

In Part I, Section (1), it was stated that the total work of deformation 
may comprise several terms, which include work against friction, W,, 
and redundant work, W,. The question arises which of the terms should 
be included in the expended energy, H,,. Although the frictional 
work, W,, does not contribute to energy storage, it has, with two 
exceptions,“. 2) always been included in £,, along with the ideal 
work, W,, and the redundant work, W,. 

At large strains the amount of stored energy approaches a limiting 
value. If the stored energy is plotted against strain, or against expended 
energy, the resulting curve levels off and thus indicates saturation. 
A more sensitive indication is afforded by plotting d#,/dE,, against 
EB or é. 

ROSENHAIN and Srorr®?*®) and Marer and ANpERSON™* noted a 
tendency to saturation. The first investigation in which close attention 
was paid to the change of #,/E,, with progressive strain was that of 
TaYLor and Quinney." They obtained incremental values of the 
stored energy, AH,, for corresponding increments of work, AZ,,, during 
stage-by-stage twisting of specimens of low-carbon steel, decarburized 
steel and copper. By plotting AZ,/AEL,, against nd/l, they demonstrated 
that the value, AZ,/ALF,,, fell rapidly to zero in a narrow range of 


expended energy (Fig. 7). Taylor and Quinney attempted to correlate 
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this saturation phenomenon with strain-hardening behaviour. They 
showed that the energy expended in deforming copper to a point 
where strain-hardening had practically ceased was about 15-5 eal/e 
985 cal/gramme-atom in twisted copper the value AZ,/AE,, began 
to fall at FE. w 14-1 eal/g (896 cal/gramme-atom Thus strain 
hardening and energy storage ceased at about the same stage of the 
deformation process. Saturation of mild steel with energy was not 


reached within the range of the experiments; but for decarburized 


Fig. 7. Ratio of the incremental values of stored and expended energy 
as a function of strain of copper in torsion. TAYLOR and QuINNEyY"”?) 


steel the fall of AZ /AF. took place at a strain (nd/l 0-4) at which 
the shear flow-stress no longer rose 

Most later investigators have plotted EB rather than \R AE... 
against strain or work. The sults shown in Figs. 4 an 
In general, saturation is not approached until strains of 
are attained. GREENFIELD and Bever™) assumed that if the ratio 
E/E. isl per cent or less, the stored energv was close to the saturation 
value in gold-—silver alloys } similar relation probably holds for all 
metals and alloys 

The amount of energy stored at saturation depends not only on the 
metal, but also on the process ol deformation. This is demonstrated 
by results obtained for 75 Au—25 Ag alloys worked by rolling.'” ortho 

cutting," drilling, filing®* and wire drawing.” The maxi 

mum observed values range om 27 cal/gramme-atom tor rolling to 
2 cal/gramme-atom for drilling (Fig. 4 The strains for drilling and 
filing were unknown, but the energies stored in these two processes 


exceeded the saturation levels found with the othe processes No 


sper iti explanation can be given fo! the change of the saturation value 
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with the process. Strain rates undoubtedly play some part, and 
temperatures reached on a local scale must also be important. 

A problem still unresolved is what fraction of the expended energy 
is stored at small strains. Available evidence is meagre and not 
completely consistent. The lowest strain in polycrystalline metals for 
which energy measurements have been reported is é = 0-025.9 In 
the range of small strains of interest here, almost all of the results 
have been obtained by single-step methods." ® 7,8, 1,4,17) The 
various investigators either show explicitly, or give results from 
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Fig. 8. Ratio of stored to expended Fig. 9. Stored energy as a function 
energy as a function of expended of strain for electrolytic copper de- 
energy for cadmium (curve 1) and formed by compression. CLAREBROUGH 
lead (curve 2) at 195°C and et al, 
copper (curve 5) at room tempera- 

ture. KHOTKEVICH ef al." 


which it may be inferred, that even at very small strains the stored 
energy is much less than the expended energy. The value of £,/E,, in 
most cases lies between 10 and 15 per cent. Accordingly, a figure of 
about 15 per cent has often been taken as the upper limit for the ratio 
of the stored to the expended energy. This inference, however, is not 
well founded. At strains below about 0-05, few methods permit 
precise measurements of the stored energy. The most sensitive method 
used up to the present appears to have been the pulse-annealing 
technique of Kuorkevicn et al.) They found a value of £,/E,, of 


90 per cent for the lowest strain used (Fig. 8). On the other hand, 


CLAREBROUGH et al.) obtained a linear relation between stored energy 
and percentage reduction in height of compressed specimens of elec 
trolytic copper (Fig. 9). They extrapolated this curve back to £ 0; 
on this basis, it appears that no energy was stored up to a compressive 
strain of about 0-05. When their results are plotted against true strain, 
as in Fig. 5, the evidence is less definite. The problem of the amount 
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of energy stored at low strains has not yet received adequate considera 
tion and further experimental work is necessary. 


[V. THe RELEASE OF THE STORED ENERGY 


Cold-worked metal is unstable and, under favourable conditions 
undergoes restoration to the annealed state. The restoration processes, 
namely recovery and recrystallization, depend for their driving force 
on the excess free energy introduced by cold work The stored energy 
of cold work, i.e. the excess interna! energy, is closely related to the 
free energy, and a knowledge of the release of the stored energy during 
the restoration processes 1s essential for understanding them 

Annealing methods [Part II, Section (2)] are well suited to following 
the release of the stored ens rgy Asa consequence investigations by 
these methods have thrown much light on the return of metal from the 
cold-worked to the annealed state and also on the mechanisms ol 
energy storage 


gy of cold work has been investigated 


Che release of the stored ener 


mainly by anisothermal annealing methods. Experimental results 
have commonly been presented in the form of a curve of the ipparent 
ipacity against temperature, or its equiy ilent. so that the area 
irve is a measure of the energy released. The results have 
» generally is concentrated in limited temperature 
dips in the heat-« pacity curve In terms of 
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1. Patterns of Energy Release 


Anisothermal Annealing 
Krivosok”®) was the first to study the release of stored energy. 
Although his results were purely qualitative, he was able to show 
that anomalous “‘arrests’’ in heating curves were associated with 
recrystallization. 

The earliest quantitative work was carried out by Sato,“ who 
investigated various metals and alloys deformed in torsion. Among 





Fig. 10. Temperature difference representing evolution of energy from 
I 
copper during continuous heating. Different curves apply to different 


amounts of torsional strain. Sato'* 


the pure metals copper silver and vacuum-melted electrolytic iron 
evolved most of the stored energy in a single sharp peak, although part 
of the energy was released over an appreciable range at a lower tem 
perature (Fig. 10). Sato identified the peak with recrystallization 
apparently without obtaining direct evidence. The temperature of the 


peak decreased with increasing strain as expected. With “‘Armco” 


iron and low-carbon steels, Sato again obtained single peaks, which he 
attributed to recrystallization, but the fractions of energy released 
below recrystallization were larger than with copper. He found two 
peaks with nickel and attributed the upper to recrystallization, but 
370°C, as due to the magnetic trans 
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KANZAKI,“* working with compressed copper (99-8 per cent), silver 
(99-9 per cent) and aluminium (99-9 per cent and using methods 
similar to Suzuki's, also obtained two minima in the specific heat 
curves Like Suzuki K unzaki believed that the release ot energy was 
entirely associated with recovery phenomena, but offered no supporting 
evidence. He also investigated the energy release from single crystal 


ot copper 6 “aS noted it} Part Ii] section | 


nealing temperaturs 


ve strains SUZUKI 


Knowledge of ie changes of stored energy during anisothermal 
anneal has recent! been consolidated by a series of investigations 
at Melbourne." ™, 6, 61, 62, 62a, 62b, 62 In the earliest of these,‘° 
detailed measurements were made on two batches of electrolytic coppel 


strained in torsion. In each case, the energy was released in a single 


sharp peak, except for a very small fraction given out slowly at lower 


temper itures the peak was alwavs associated with recrystallization 
Fig. 13 shows the curves for one batch of copper twisted to various 
strains, and includes a table of the recrystallization temperatures 
Although the amounts of energy stored by the two batches of coppel 
were not significantly different at a given strain, and both exhibited 
a single sharp pe uk, the temperature of the peak was about 120°( 


lower for the purer batch 
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A later paper“ reported work on arsenical copper and nickel, as 
well as further work on elec trolyti coppel Specimens ot electrolytic 
copper were deformed by extension compression and torsion Single 
peaks were invariably found, and were identified with recrystallization, 
but thei shapes were affected bv the deformation process Extension 
produced extreme sharpness with no detectable release of energy at 
iow temperatures, while after torsion the peaks were broader and 
appreciable energy was released at low temperatures (Compression 


caused intermediate effects \ reduction in the heating rate from 


difference 


‘ 
° 
; 

a 


Power difference, representing evolution of stored energy, as a 


for copper deformed various amounts in torsion 


on temper itures also shown (LAREBROUGH ef ai.'*' 


2°C/min merely moved the curve to a lower temperature, as 
expected for recrystallization Arsenical copper (0-35 per cent As 
O-O5S per cent P) also showed a singlk peak which corresponded to 
recrystallization, but the pe occurred at a considerably higher 
temperature and accounted for only about half the energy. The balance 
was released earlier at a low rate in the range 70—300°C (Fig. 14). 
The behaviour of nickel (99-6 per cent) was even more complex. With 
one batch, two peaks occurred (at about 240 and 630°C connected by 
a plateau of slow release, while the lower peak was preceded by a 
plateau, as in the case of arsenical copper. The upper peak, which 
was the more prominent, again corresponded to recrystallization. 
The curve for the second batch oft ni kel was similar except lor an 
additional small peak at about 530°C. The recrystallization peak 
obtained by Micweii and Hare'®4, &>) with nickel grindings was so 
broad that it obliterated the plateau between the two peaks Boas ‘6 


reported that, with a nickel of higher purity (99-85 per cent) deformed 
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in compression, the plateau was absent, and no energy was released 
between 370 and 470°C. Below 370°C there was appreciable recovery ; 
above 470°C recrystallization began. 

[In an investigation of fatigue (in tension-compression) of oxygen 
free high-conductivity copper, energy was released in a single broad 
peak extending from 230 to 430°C and having a maximum at about 
370°C.) This release of energy in a single peak accords with the 
previous work on copper at Melbourne, but in the case of fatigue 
microscopic evidence of recrystallization was not detected. 
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Fig. 14. Power difference, representing release of stored energy from 

cold-worked arsenic-bearing copper, as a function of annealing tem- 

perature. Incremental resistivity and hardness also shown. Specimen 
deformed in torsion to nd/l 1-87. CLAREBROUGH et al,"* 


HENDERSON and KoErHLEeR™) investigated the release of energy 
from copper (99-999 per cent) and brass (4-5 per cent Zn) in the range 
from — 185°C to above room temperature after compressing these 
materials at 185°C. With copper a prominent peak occurred at 

25°C. There was a second at about 90°C. Below this temperature 
energy was released in a broad spectrum which exhibited a number of 
minor peaks. The number and characteristic temperature of these 
latter depended on the strain. With brass, a prominent asymmetric 
peak was observed at 10°C, but appreciable energy was released in a 
broad plateau below this peak. Copper released only small amounts 
between 0 and 40°C; with brass there was still a significant liberation 
of energy at 80°C, the highest temperature at which observations were 
made. 

KHOTKEVICH ef al.) deduced the kinetics of the release of the 
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stored energy from the electrical measurements obtained in the course 
of their pulse-annealing experiments. They reported results only for 
cadmium compressed at 195 A single sharp peak occurred at 

\7°C, although about 5 per cent of the energy was liberated below 
the peak The release of the stored ene rgy was complete at 30°C. It 
should be noted that the annealing pulse lasted only 0-O1—0-02 sec. 

CRUSSARD ef al.‘®) found that pure aluminium released a very small 
amount of energy during recovery. The rate of release increased 
sharply between 280 and 285% this appeared to be associated with 
recrystallization. 

The remaining anisothermal annealing investigations of the stored 


energy 15, 18, 19, 58, 59, 64, 67) did not furnish significant details of the 


energy release 


I sothe rmal Anne aling 


Following a preliminary report by Bore.ivus'”® on the recovery of 


aluminium and copper, Bore ius et al.‘7 presented results of isothermal 
annealing at 100°C applied to rolled samples of aluminium, copper and 
zinc, reported to be the purest available. They found that, when the 
measurements were made immediately after the deformation, the rate 


ot evolution. P. was a simple hyperbolic function of the annealing 
time, f 


P (18) 


where a was a constant. When the deformed metal was allowed to 


recover tor a period the rate ol he it evolution seemed to be described 
by 


; ' , . (18a) 


where f was a constant depending on the re overy treatment. 
AsTROM'*. 7) found in an investigation of aluminium (about 99-99 
cent the liberation of energ\ took place in three distinct 
temperature ange It must be recalled that each cold-worked 
specimen was annealed at successively higher temperatures, and the 
el gy available for evoluti it each given temperature therefore 
had been reduced by that already lost at lower temperatures. A typical 
result is shown in Fj 15. Below 100" the rate of energy release Was a 


hyperbolic function of time. in agreement with the findings of Bort 
al..“™ except that, for very slightly deformed specimens, the 
hyperbolic rate later gave way to an exponential rate. Between 


ind 250°C the rate was exponential At 350°C the curves went 


through a maximum before assuming an exponential iorm During 
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annealing at several temperatures between 100 and 180°C no measur- 
able evolution of energy occurred; between 250 and 350°C no experi 
ments were carried out. On the basis of microscopic observations and 
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Fig. 15. Energy release by aluminium compressed 45 per cent as a 
function of annealing temperature. Relative hardness also shown. 
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Fig. 16. Rate of energy release from copper, extended 17-7 per cent, as a 
function of annealing time at three different temperatures. GORDON) 


hardness tests (Fig. 15), Astrém identified the energy release at high 
temperature with recrystallization. The low-temperature process he 
designated as recovery. He considered the intermediate one to be 
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some kind of substructural change and showed that changes in the 
visible microstructures did occur in this stage. 

GORDON"? investigated the recovery and recrystallization of copper 
(99-999 per cent) at various temperatures in the range 160—220°C 
after extension at room temperature. He obtained curves of the form 
shown in Fig. 16. He attributed to recovery the initial rapid fall in the 


rate of energy release, and by means of microhardness measurements 


Average 
particle ‘% 


size 


; 


ith hon 
cal strain and hardness also 


VERBACH ¢ a 


ye ik with recrystallization The recovery portion 

irves fitted equations of the form, P = be™ or P = c(t + ty) 
m,n and t, were constants, ? was the rate of energy release 
ne It was impossible however, to determine 

ue nerally characteristic of the re« overy 

onfirm those of CLAREBROUGH et al. for 


in tensio! in that practi ill all of the energy was 


le peak concurrently with recrystallization 


n Methods Applied to Annealing 
AVERBACH ef al.'™ investigated the annealing behaviour of 75 Au—25 Ag 
alloy hings Ke ergy measurements were made on samples as filed and 
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after annealing for one hour at various temperatures up to 500°C. 
Below 150°C only a slight decrease was observed in the stored energy. 
Between 150 and 350°C the stored energy fell rapidly to a value close 
to zero. Annealing treatments below 250°C were considered to corres- 
pond to recovery, whereas above 250°C recrystallization was apparent. 
The results are shown in Fig. 17. 

GREENFIELD and Brver') conducted annealing experiments on 
drillings prepared at — 195° C and at room temperature from an 82-6 Au 
17-4 Ag alloy. The results are shown in Fig. 18. The specimens worked 
at room temperature liberated the bulk of the stored energy between 
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Fig. 18. Energy stored in samples of an 82-6 Au-17-4 Ag alloy, cold 

worked at room temperature and at 195°C, as a function of sub- 

sequent annealing treatment. Annealing times shown in hours. 
GREENFIELD and BEVER‘**) 


100 and 300°C. Those worked at 195°C released energy in two 
distinct stages, the first below 80°C and the second between room 
temperature and 300°C. Samples worked at 195°C and annealed for 
192 hr at room temperature were found still to contain 60 per cent 
more stored energy than was introduced by working at room tempera 
ture. After an anneal at 300°C there was little difference between 
samples worked at 195°C and at room temperature. x-ray back 
reflection photographs indicated that recrystallization was complete 
after annealing for one hour at 306°C, 


2. The Relation of Energy Release to Recovery and Recrystallization 
Sato”® early identified recrystallization with the final peaks in curves 
of the rate of energy release against temperature, although he produced 
scant supporting evidence. The recent results of CLAREBROUGH and 
co-workers, %, ©) Gorpon,® AversBacu et al.,“**) Astrém*, 7) and 
GREENFIELD and Bever™? all showed that significant evolution of 
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energy accompanied recrystallization. Thus the views of Sato have been 


confirmed, and those of Suzuki’ and Kawnzak1,"* who ascribed the 
whole of the energ) release to pre-recry stallization phenomena, must 
be rejected \s a consequence, the explanations of their results 
advanced by Suzuki and Kanzaki are not tenable. Interpretations 


97. OF 


based on these results, for example, by Stron™® and Beck are 
also affected The latter has considered this problem also in the light 
ot other evidence v9, 100 


». ¢ 


It seems to be well established": 5. %.@. 74.7 that only the final 
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peak in the energy release is connected with recrvstallization, and that 
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all energy evolution at lower temperatures is associated with pre 
rec rystallization changes in the metal. i. with recovery Table 3 
shows the amounts of energy, /, and £,, associated with recovery and 
recrystallization respectively, in those investigations where a reliable 
separation is possible. The ratios £,/E, and E,/E. are also shown 
The ratio #./E. ranges from essentially zero for high purity copper 
strained by extension or compression to nearly 70 per cent for nickel 
of commercial purity, if the unusual case of fatigue is excepted. This 
ratio is sensitive not only to the metal and its purity but also to the 
deformation process, the strain and probably the annealing procedure 


CLAREBROUGH ef al." 


plotted the recovery and recrystallization 
components Ez. and E. of the stored energy against strain For 
arsenical copper (Fig. 19) they found that £, increased linearly while 


EF deviated from linearity at large strains. For nickel, the same 





investigators divided the stored energy into three components—two 
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associated with recovery, the third with recrystallization—all of which 
increased linearly with strain. Gorpon®’ also recognized the two 


components, £, and £,, of the stored energy in copper The low-tem 


perature component, #,, had no systematic relation to strain, but £, 


showed an approximately linear increase. LEarlier, Suzuki and 
KANZAKI® both distinguished a high-temperature and a low 
temperature component of the stored energy in copper Suzuki found 
that the low-temperature component was a linear function of the strain, 
while the other was more complex Kanzaki found both to be complex. 
However, CLAREBROUGH ef al." found no double peaks with copper, 
regardless of purity 

The results of Satro”® indicated that the release of stored energy 
from pure metals was characterized by a single peak. In every case 
investigated by Sato, this peak accounted for at least half of the 
20 


stored energy. The work of CLAREBROUGH and co-workers": and 


Gorpon® on high-purity copper confirmed this general conclusion. 
It is important to realize that copper undergoes recovery at and near 
room temperature, so that even if it exhibits complex recovery effects, 
none of the foregoing investigations was likely to detect them. The 
work of HENDERSON and KorHLerR™) shows that the release of energy 
from high-purity copper during recovery below room temperature is 
complex, and that the amounts of energy involved are appreciable. 
CLAREBROUGH ef al.“. ™ showed that nickel (99-6 per cent) released 
from 54 to 69 per cent of the stored energy during recovery above 
room temperature. The dissimilarity between this behaviour and that 
of copper is undoubtedly due in part to the difference in purity, but it 


hig 
of stored energy from an 82-4 Au-17-6 Ag alloy by GREENFIELD and 


is also pertinent that the ratio of room temperature to melting point is 
rher for copper than for nickel. In the investigation of the evolution 


SEVER,‘ 55 per cent of the energy stored by drilling at room tempera 
ture was released during recovery When the cold work was carried 
out at 195°C, the fraction of stored energy associated with recovery 
increased to 75 per cent 

It is probable therefore, that recovery is always accompanied by the 
release of appreciable amounts of stored energy. Whenever the 
evolution of energy below recrystallization is inappreciable, it may be 
concluded that insignificant recovery takes place. This does not exclude 
the possibility that recovery may occur during, or immediately after, 
the cold-working process 

The anisothermal annealing investigations may give the impression 
that the release of stored energy, once started goes on uninterruptedly, 
although at changing rates, until the completion of recrystallization. As 
demonstrated by the isothermal annealing experiments of AstTrOM‘*: 7 
this is not necessarily the case. It is in the nature of anisothermal 
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annealing that the various stages of energy release blend, one into the 
other. Events starting at one temperature can stop only at a higher 
temperature. The various parts of complex curves of energy release, 
such as Fig. 20, represent different physical phenomena in the metal, 
and the apparent transitions between stages in the anisothermal 
annealing curves may, under isothermal annealing conditions, represent 


events separated by discrete temperature intervals. 


Vir 


Hardness 


400 


Ti too 
emperoature, 


Fig. 20. Power difference, representing release of stored energy by 

cold-worked nickel, as a function of annealing temperature. Incremental 

resistivity and hardness also shown. Specimen deformed in torsion to 
nd/l 2°34. CLAREBROUGH et al." 


The interpretation of the observations on the release of stored energy 
reported in Sections (1) and (2) of Part IV will be presented in Part V. 


3. Correlation of Other Measurements with the Release of 
Stored Energy 
Along with observations on the release of stored energy, information 
was obtained in some of the investigations on one or several of the 
following: stress-strain curves, hardness, electrical resistivity, density, 
microstructure and x-ray diffraction patterns. 

CLAREBROUGH et al.‘ used metallographic observations, hardness 
tests and x-ray diffraction to confirm that the release of stored energy 
from high-purity copper was concurrent with recrystallization, but 
they did not report details. In a later paper, CLAREBROUGH et al.,‘” 
in addition to metallographic and x-ray observations, reported changes 
in hardness, electrical resistivity and density. They found sharp 
decreases in the hardness and electrical resistivity of high-purity 


copper during the release of energy, i.e. during recrystallization. 


Similar sharp decreases were associated with the recrystallization of 
arsenical copper. In addition, the resistivity went through a maximum 
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during recovery (Fig. 14). There was also a fractional increase in 
density amounting to 2-4 10-* during recrystallization. With nickel, 
besides a decrease in hardness and resistivity and an increase in density 


during recrystallization, there was a slight decrease in the resistivity 


at a temperature corresponding to the lower peak of energy release 


(Fig. 20). The density also increased slightly during this stage. 
GORDON” applied a statistical analysis to microhardness measure 
ments for the determination of the percentage of recrystallization as a 


function of annealing time He found good agreement between the 





Fig. 21. Percentage of recrystallization energy evolved by copper, 
after 17-7 per cent elongation, as a function of annealing time. Circles 
represent percentage of recrystallization determined from microhardness 


values for specimen annealed at 181-:3°C. GORDON 


values obtained in this way and the percentage of energy released during 
recrystallization, E, (Fig. 21 both gave the usual sigmoidal curves 
against annealing time. Gordon also measured the recrystallized 
grain size by an X-ray back-reflection technique and related it to the 
recrystallization energy, £,. He obtained a linear relation between the 
logarithm of the grain diameter D and 1/EZ.. This agreed with the 


equation suggested by LeigHiy, WALKER and Marx."® 


M 
D B exp - ; : ; . (19) 
bk 
where B and WY are constants 
GREENFIELD and Bever'? took x-ray back-reflection photographs 
to follow the progress ot recrystallization They also determined stress 
strain curves at 195°C and room temperature. A 10 min anneal of 
one of the low-temperature test pieces at room temperature caused no 
discontinuity in the stress-strain curve 
AVERBACH ef al." by means of X-ray measurements determined 


302 





THE STORED ENERGY OF COLD WORK 


elastic strain, subgrain size, and degree of short-range order. They 
followed the progress of recrystallization by measuring hardness and 
taking x-ray back-reflection photographs. They concluded that 
annealing for | hr below 250°C produced recovery, whereas annealing 
above 250°C caused recrystallization. On the basis of these results, 
summarized in Fig. 17, they interpreted the mechanisms of energy 
storage for the gold-silver alloy investigated. This interpretation will 
be discussed in Part V. 

The investigation of nickel grindings by MicHELt and Hara‘®4, 62>) 
included x-ray measurements. Michell and Haig used three different 
methods for analysing their x-ray data. They made a Fourier analysis 
of the line shapes assuming either a Cauchy or a Gaussian strain 
distribution, and they measured line breadths. The last method gave 
a value of particle size; the first two gave both particle size and 
elastic strain. The values, especially for particle size, obtained by the 
three methods showed poor agreement. Qualitatively, however, the 
release behaviour was well established, and a comparison with the 
results of AVERBACH et al.'** is interesting. During the annealing of 
the gold-silver alloy, there was a steady decrease in the elastic strain 
up to about 250°C (see Fig. 17), at which temperature the strain had 
fallen to about half its initial value. The release of elastic strain then 
accelerated, and was complete at 300°C. This latter stage corresponded 
to recrystallization. In nickel, on the other hand, the elastic strain 
decreased in two distinct stages. The first stage occurred in the same 
temperature range as the peak in the recovery curve of energy release. 
The amount of strain energy involved was about 15 cal/gramme-atom 
(about 60 per cent of the initial strain energy), and accounted for 
about 65 per cent of the total energy released over the same temperature 
range. The remainder of the strain energy was released rapidly during 
recrystallization. 

AstTrOm"*, 7) determined recrystallization temperatures from hard- 
ness measurements. Using a metallographic technique, he also detected 
changes in the substructure which occurred in the upper part of the 
recovery range. 

Combined studies of the release of stored energy and the restoration 
of properties should be of value in elucidating mechanisms responsible 
for energy storage and changes in properties. Interpretations based 
on such combined evidence have been put forward", 5, 2%, 74, 75, 83, 102 


and will be reviewed in Part V. 


INTERPRETATION—THE MECHANISMS OF ENERGY 
STORAGE AND RELEASE 


Any interpretation of the observed phenomena involving the stored 


energy of cold work should lead to a model which provides mechanisms 
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of energy storage and release. The mechanisms must account for the 
effects of variables on the amounts of energy stored. Among these 
variables are the nature of the metal {Part III, Section (1)} and the 
deformation process Part LI, Section (2)}. The ratio of the stored 
energy to the total expended work and the phenomenon of saturation 
Part III, Section (3)] must also be explained. In addition, mechanisms 
implicit in a model must account for the observed patterns of the 
release of the stored energy Part IV) 

The literature contains various attempts at interpretation. Some of 
these concentrate on a single mechanism, but it is now obvious that 
several mechanisms usually operate. The resulting complexity makes 
it difficult to isolate the effects of each mechanism. Experiments designed 
to do this, such as deformation at several temperatures, are only now 
being made. So far most of the clues concerning the nature of the stored 
energy have come trom observations on its release during annealing. 

The following account will open with a historical survey of the 
interpretation of stored energy phenomena. It will continue with a 
systematic discussion of current models of energy storage and a 


treatment of the kinetics of energy release. 


1. Historical Survey of Inte rpre tations 


Since the first investigations of the change of internal energy with 


cold work, there has been speculation about the seat of this change 
Hrrn’s determination of the mechanical equivalent of heat (about 
1855), in which the work expended and the heat evolved during 
compression of lead were equated was criticized on the grounds that 
the deformation altered the state of the metal. His critics, however, 
did not put forward definite ideas to explain what this alteration was, 
and Hirn, not without justification, argued that, in lead, it was insigni 
ficant. CHARBONNIER and GaLy-Acue& (1900),"*” in a brief discussion 
related Hirn’s results and their own to the effects of cold work, but 
advanced no further \tten pts at more precise interpretation date 
from the work of Hort (1906, 1907 

In the historica development the following four general ¢ oncepts have 
provided the framework on which all interpretations have been built 

|) The formation of a new “phase” during cold work 

2) The existence of a functional relation between the stored energy 
and some other property 

3) The introduction of lattice strains 

4) The creation of crystal! impertections 
Interpretations in Terms of a Phase Chana 


Hort". » discussed the retention of “‘latent energy”’ of cold work in 


terms of changes in the ‘“‘molecular”’ or crystalline structure, and tried 
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to explain the stored energy as a heat of transformation. He compared 
his values of stored energy with heats of certain solid-state trans- 
formations thought to be of the same order of magnitude. As these 
transformations have since been disproved, what little support there 
was for Hort’s speculations has disappeared. 

The idea of a phase change, however, remained alive, stimulated 
largely by the theories of Beilby and of Rosenhain and Ewing. RosgEn- 
HAIN wrote in 1923) that “‘the theory that there is a phase change 
(crystalline to amorphous) which occurs under plastic strain has 
recently received interesting confirmation, although only of a pre- 
liminary sort, from some experiments carried out by Dr. Sinnatt.”’ 
As mentioned in Part LI, Section (1), however, the results of these 
experiments are of doubtful validity. 

XUSSELL (1923), examined the stress-strain curve from the 
viewpoint of work input and heat evolution. He assumed that the 
difference between the work actually performed and that necessary 
to cause the same deformation in the absence of strain hardening was 
absorbed in creating a “‘vitreous’’ phase. From the specific heat and 
latent heat of fusion of iron, he estimated the fraction of the metal 
that was vitreous at fracture, and on the assumption that only the 
latent heat of fusion was retained he deduced a value of the stored 
energy. 

To explain parasitic electromotive forces observed in a thermocouple 
under stress, Mater and ANDERSON (1934) postulated the formation 
of a new phase during deformation. They extended this hypothesis to 


explain the results of their measurements of the stored energy of cold 


work. They computed the amounts of this ‘“w-phase’” from the 
measured density changes and also from the stored energy and the heat 
of fusion. The two sets of figures, however, did not agree. A further 
investigation by Marer (1936) of changes of density with cold work 
led him to the conclusion, contrary to that of Maier and Anderson, 
that the ‘“‘w-phase’’ was denser than annealed metal. 

The idea that cold work produces amorphous metal or some other 
new phase has now lost all standing. Any explanation of stored energy 
phenomena by such mechanisms, therefore, has retained only historical 
interest. 


Inte rpre tations Based on Functional Relations 


Hort": ®) in addition to speculating on phase transformations, related 
the stored energy to strain hardening. From each experimentally 
determined stress-strain curve he derived a stress-strain curve for 
“infinitely slow extension.”’ He used the slope of this curve as an index 
of the strain hardening at any given strain, and plotted against this 
index the quantity 100 x AH#,/AEF, for each stage of deformation. 
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results which fitted this equation. (Of these results, the authors were 
able to trace only those of Bever and Ticknor.™) 

Although there must be some connexion between stored energy and 
strength, the criticism made above of McAdam’s theory applies equally 
to Fastov’s. Furthermore, correlation of strength and stored energy 
as suggested by the various authors mentioned, ™, 4, 17, 205, 106, 10s 
fails to provide any insight into the nature of the stored energy \t 


give a quantitative relation between the 


best, such an approach can 
stored energy and strength properties The marked effect of apparently 
minor but actually significant factors, for example the effect of small 
changes in purity on patterns ol energy release, have not been 
successtully explained 
Several authors have attempted to calculate the stored energy from 
the temperature increase which would cause the same change in a 
given property as that caused by cold work. The product of this 
hypothetical temperature increase and the heat capacity was taken as 
the stored energy Getss and vAN Lirempt (1925, 1927)“, He applied 
this method to changes in resistivity and obtained values of the stored 
energy from the equations 
AT 
KB T’ 22 
where R, and R. were the resistivities of the annealed and cold-worked 
metal, « was the temperature coefficient of electrical resistivity, c 
the heat capacity and AT’ the hypotheti ul temperature rise C,EISS 
and VAN Liempt calculated a value of 775 cal/gramme-atom for the 
energy stored in cold-drawn tungsten.‘ Later vAN LiempT? 
presented a generalized treatment defining a “‘degree of deformation 
R R 
R 
from which 
24 
7 


Woop Y: Liz determined the lattice expansion from the line shift 
observed in X-ray diffraction patterns of rolled copper Using the 


coethcient of thermal expansion and the heat capacity he calculated 


the heat input necessary to cause the same expansion He designated 
this value, 89 cal/gramme-atom, as “‘the latent energy due to lattice 
distortion 

Boas (1937), by equating the effect of temperature and cold work 
on the intensity of X-ray reflections obtained an energy content for 
gold filings. He also analysed the data reported by BRINDLE’ and 
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Sprers (1935) for filings of copper and nickel. Boas distinguished 
between the potential and kinetic energy ol the lattice. On the basis 
that cold work affected only the potential energy, he used half the value 
of the specific heat in his calculations. In this way he obtained a 
value of about 3-5 cal/g (690 cal/gramme-atom) as the stored energy 
of gold. The corresponding values for copper and nickel were 7-4 and 
6-4 cal/g (470 and 380 cal/gramme-atom, respectively) srindley and 
Spiers had concluded that the lattice distortion in copper and nickel 
was mainly a random displacement of the atoms from their equilibrium 
positions. Boas’ calculations were based on this interpretation, but he 
considered this assumption unjustified. In a second paper’ he showed 
that, if atoms could be assumed to be displaced in groups, the calculated 
energy would be greatly reduced and thus would disagree less sharply 
with observed values of the stored energy 

The increase in internal energy caused by heating a metal arises 
from mechanisms very different from those causing an increase in 
internal energy during cold work. Consequently any argument based 
on the equivalence of the effects of temperature and cold work on 
such properties as electrical resistivity lattice parameter, and x ray 


line-intensity is without physical basis 


Inte rpretations in Terms of Lattice Strains 

(mong the many investigations of the structure of cold-worked metals, 
x-ray techniques have occupied a position of special importance. In 
the 1930s papers appeared in which x ray data were used in the 
calculation of the elastic strain energy due to cold work. The interpre 
tations were all based on the lattice distortion deduced from the 
diffraction pattern. Table 4 lists a number of energy values calculated 
from x-ray data. Two points should be noted. Firstly, the elastic 
strain energy is a tree energy and the values in Table + are therefore. 
not stored energies according to the definition used in this review. 
Secondly, the values of the strain energy depend on the assumptions 
made about the distribution of lattice strains (see, for example, Appen 
dix A to the paper by Hawortu,"® which sets out a derivation of the 
formula due to Strerrz!? 

CaGLioTi and Sacus (1932) measured the broadening of high 
order lines in order to evaluate the lattice strains. Hawortn (1937) 
used a similar method, but made an allowance for the broadening 
uwsociated with fine grain size. BrinpLey and Ripiey (1939) 
investigated the intensities and the widths of reflections. They used 
the Stibitz formula in conjunction with the observed line broadening 
to obtain the energies reported in Table 4. From the changes in reflected 


intensities they concluded that the energy of a distorted metal resided 


mainly in atomic displacements rather than in macroscopic stresses 
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extending over entire grains. They considered the displacements to be 
random in copper and nickel, but periodic in rhodium. 

During this period doubt arose as to the meaning of x-ray line 
broadening due to cold work. Many investigators, including CaGLioT1 


TABLE 4 


Values of Stored Energy Calculated from Results of Ex 


x-ray Investigations 


u (singi« 0-001 
crystais 
Cu (polyer lension 0-005 
70 Ni-30 Fe Rolling 0-066 
severe 
press 0-17 
Filing 0-O0004 


Rolling 0-0004* 


Filing 0-0169 
Filing 0-0340 
Filing 0-O834 
WARREN and 
AVERBACH'!**4 30 Zn 


ilated from Woop’'s results 
rhis Table includes results obtained on the assumption that line broadening and the 
almost wholly to lattice distortion. Results of investigations in which the effects of 
ther effects on the x-ray reflections are collected in Table 5 


» stored energy 


are due wholly or 
distortion were separated from 


and Sacus"™) and Haworru,™® interpreted the broadening as the 
result of lattice distortion. Others, especially Woop, held that 
fragmentation was responsible. Strokes, Pascor and Lipson (1942) 21) 
and SmiTH and StTickLey (1941)"2) attempted to decide between the 
lattice distortion and the fragmentation theories. Although their results 
showed appreciable scatter, both groups concluded that the main 
cause of broadening was lattice distortion. 

The problem was investigated again by WARREN and AVERBACH 
(1949),"9) who took advantage of the sensitivity of spectrometer 
techniques. They found that cold work increased the integrated 
intensity of the strong x-ray lines, due to a reduction in primary 
extinction, but did not affect the intensity of the weak lines. They 
suggested"*") that the reduction in the intensity of weak lines reported 


by BriInDLEY and co-workers'*: )) arose from the limitations of film 


techniques. 
WARREN and AVERBACH"*, 126) analysed the effect of cold work on 
X-ray patterns using a Fourier series. They pointed out?” that it was 
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possible to separate the effects of lattice distortion and reduction of 
particle size, and applied the method to a single crystal of a 98 Cu-2 Si 
alloy deformed by rolling With this material the major part of the 
broadening was due to lattice distortion, but the broadening due to 
reduction of particle size was not small enough to be neglected. Subse- 
quent investigations have shown that the relative importance of the 
two tactors depends on the metal and probably also on the process 
and temperature of deformation. Thus, McKreHan and WARREN“ 
found that reduction in particle size was the dominant cause of line 
broadening in the case of filings of thoriated tungsten. 

The unusually high value of lattice strain energy reported by WARREN 


and AVERBACH (1952)"*" (see Table 4) was obtained from an analysis 


of the shape of broadened reflections. Although, as discussed above, 
these authors had originated a method for separating the effects of 
distortion and reduction of particle size on the x-ray pattern, in this 
investigation they ascribed the changes in the pattern solely to 


distortion. This presumably accounts for the large value of the strain 


energy. A later investigation by WARREN and WaREKors") showed 
that stacking faults play an important part in the severe deformation 
of brass 

Only those investigations which take account of the effect of particle 
size on the x ray pattern can be ¢« xpected to give correct values of the 
lattice strain energy due to cold work. The results of such investiga 
tions will be presented in the systematic treatment of the interpretation 


ol energy storage in Section 


Inte rpre lation in Te rma ort ystal Im pe rfections 


The application, in 1934, of the concept of dislocations to the deforma 
tion of metals was soon followed by interpretations of properties in 
terms of imperfections Boas,“ although not using the term 
dislocation,’’ considered that the bulk of the stored energy must reside 
in small inhomogeneously deformed regions rather than in the elastically 
distorted, but homogeneous lattice. Burarers (1941) also discussed 
such a model he postulated coherent but elastically distorted lattice 
blocks containing most of the atoms and, between these blocks 
inhomogeneous distorted transition regions, which stabilized the 
residual stresses in the existing material. He concluded from available 
X-ray evidence™, U6, 18, 119) that only a small fraction of the total 
stored « nergy could be identified with the elasti energy of the homo 
geneous, strained blocks. and that the balance of the stored energy 
must be associated with the inhomogeneous distorted regions surround 
ing them 

KOEHLER (1941, 1942),“%!. 252) and Serrz and Reap (1941)"*’ were 


the first to apply the dislocation theory to the stored energy of cold 
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work. Seitz and Read, citing an analogy with interstitial atoms and 
vacant lattice sites, took the energy of a dislocation to be of the order 
of leV (1-60 x 10-" erg) per atom plane pierced by the dislocation. 
From the experimental values of stored energy given by TayLor and 
Quinney’: !®) they took a maximum figure of about 10° ergs/gramme- 
atom and deduced that, in a heavily deformed metal, about 
one atom in every thousand was near a dislocation centre; this is 
equivalent to a dislocation density of about 10%/cm*?. They calcu- 
lated a similar figure from Taylor’s theory of strain hardening. They 
quoted the decrease in x-ray intensity observed by many investigators, 
for example BRINDLEY and Rip.Ley,™”®) as evidence that lattice defects 
were of atomic size, but conceded that this did not prove that the defects 
were dislocations. From an analysis of the elastic strain field, 
KOEHLER"* calculated that the energy to create a dislocation was 
several electron-volts. By equating the strain energy of various arrays 
of dislocations with the stored energy values of TayLor and QuINNEy,"”? 
he deduced that the average distance between dislocations was about 
10-* cm, i.e. the dislocation density was about 10!*/cm?. 

BraGe (1945) showed that the energy of cold work could not be 
accounted for by elastic distortion, but most probably was due to the 
creation of “local dislocations or intercrystalline boundaries.”” He 
adopted a two-dimensional model to estimate the spacing of dislocations 
on an interface between two mosaic blocks. He concluded from the 
values measured by TayLor and Quinney”) that, in a metal storing 
as much energy as it could hold, interfaces must have been produced in 
which dislocations were crowded as closely as possible. Because of the 
particular model he adopted, Bragg avoided assumptions about the size 
of mosaic blocks. If the length of a block wall is taken as 10-5 cm, the 
energy of the dislocation per atom plane pierced becomes 5-6 eV; 
and for an array of dislocations, such as Koehler assumed, the disloca- 
tion density necessary to produce stored energy equal to that measured 
by Taylor and Quinney would be approximately 10'*/em*, which 
agrees with the estimates of KoEHLER™®” and Serrz and Reap.) 

The early models involving random or uniformly distributed disloca- 
tions are no longer held to give a complete representation of the 
structure of a cold-worked metal. Current theories centre on arrays of 
dislocations and their interaction. In addition, other crystal imperfec- 
tions may contribute to the energy stored during cold working. The 
various mechanisms of energy storage will be treated systematically 
in the next section. 


2. Systematic Interpretation of Storage Mechanisms 


Of the four concepts considered in the historical survey, that of a 
phase change is now discredited, while the development of a functional 
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relation between stored energy and some other property, such as 
strength, fails to give insight into the mechanisms of energy storage. 
The remaining two, namely the production of lattice strains and the 
generation of imperfections, provide the basis for present-day 


interpretations. 


Elastic Strain Ene rgy 
As shown in Section (1), early X-ray investigations of cold-worked 
metals failed to take account of the complexity of the structural 
changes. A completely consistent interpretation of the various X-ray 
results is still lacking. Nevertheless, these results, particularly of 
recent investigations, give approximate information on the amount of 
lattice distortion introduced by cold work. 

Table 5 lists the values of lattice strain and particle size obtained in 
recent investigations in which the two effects were separated. The 
Table also includes values of the strain energy calculated by means of 


the formula due to Stisprrz“’ 


BE wet , ; . (25) 


where £ is the strain energy per unit volume, Y Young’s modulus, 
u Poisson’s ratio, and ¢ the average strain. Where experimental values 
of the stored energy are available for a given metal, they are also 
shown. In a comparison of these with the calculated strain energies, 
it 18 Important to allow for the deformation process. A direct comparison 
of the elastic strain energy and the total stored energy is possible only 
in the investigations of Micneii and Hare, ®>) and of AVERBACH 
*) who measured both strain and stored energy. In the 75 Au 

25 Ag alloy *S) the strain energy amounted to only about 3 per cent of 
the stored energy; in nickel,'**. ®) it amounted to 12 per cent. In iron 
deformed by extension the elastic strain energy derived from the results 
of GaRROD and AuLpD@”® is about 5 per cent of the stored energy 
measured by FarreN and Taytor.”® However, the strains were not 
necessarily equal. A comparison of the strain energies calculated for 
iron and aluminium filings”. %*. 157) with the stored energies’: 
obtained in torsion has little merit because of the great difference 
between the two processes of deformation 

In spite of the quantitative uncertainty of the x-ray methods, there 
is little doubt that the elastic strain energy never amounts to more than 
a small fraction of the total stored energy of cold work 

The Russian school of investigators appears to hold the view that 
the stored energy is due entirely to residual stresses. These stresses are 
considered to be of three types The first two, which appear to corres 
pond to elastic macro-stresses and micro-stresses of the kind conven 
tionally recognized, are held to make insignificant contributions to 
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he stored ‘rg 7, 8, 108 é of the stored energy is ascribed to 


residual stresses of the kind this term apparently covers 
structural changes confined within the limits of a few crystal units 
DEGTIAREV™ refers to them is strainless alterations of internal 


structure the various Russian authors, however, only Fastov™™ 


ight on the mechanism of energy storage He .dopted the model 
waic of particles which were reduced in size by cold work. He 
t the ‘distortions of the third kind”’ were confined to the 
blocks and, from the sub-grain sizes reported irom 

deduces 1 boundary energy was several 


hundred ere m He ) ga an expressiol for the length 


| the mosaic wall, in terms 


cdetormation stress 


mosaic boundary, )} 


intaneous 


distribution i 


le cLisicn 
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invie bound irices 


discussed possible 

\s pointed out there 
ingement of dislocations 
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generally between 10° and 10° 
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dislocations, widely spaced and symmetrically arranged, and arrange 
ments like that suggested by Morr," in which the dislocations are 
assumed to be piled against obstacles in the slip planes. Little is 
known of the interaction energy between piled-up dislocations. 

It is now well established that cold work reduces subgrain size. 
This suggests that a substantial fraction of the dislocations generated 
during cold work is arranged in the subgrain boundaries. The subgrain 
size produced by cold work has been estimated from analyses of the 


shapes of diffraction lines and from data on x-ray asterism, obtained 


by the use of micro-beam techniques. The sizes calculated from line 


shapes depend on the assumed distribution of the strains. The 
Gaussian distribution postulated by WarreN and Aversacn™®, 16 
leads to a smaller subgrain size than the Cauchy distribution suggested 
by WILLIAMSON and SMALLMAN.“*) For example, in nickel grindings 
Micwett and Hare) obtained a subgrain size of 350-400 A using 
a Gaussian strain distribution and 1200 A using a ¢ auchy distribution 
The sizes obtained from micro-beam experiments are larger than those 
obtained from analyses of line shapes, partly because the micro-beam 
cannot resolve very small particles, and partly because the line broaden 
ing may result in part from other types of faults, such as stacking 
faults, thus indicating too small a particle size 

Because a precise description of the structure of a cold-worked metal 
is not yet possible by means of a dislocation model, a discussion of the 
stored energy in terms of numbers of dislocations is unprofitable at the 
present time. A more useful picture of the nature and distribution of 
the stored energy can be obtained by considering the energy associated 
with the boundaries of subgrains created during cold working, without 
taking note of the dislocations as such that compose these boundaries. 

The importance of the formation of subgrain boundaries in affecting 
the stored energy of cold work was demonstrated by AVERBACH ef 
al.) In an investigation of filings of a 75 Au-25 Ag alloy they found 
that most of the stored energy was the interfacial energy of subgrain 
boundaries. From the results of annealing experiments (Fig. 17) they 
concluded that the recovery process involved partial relief of local 
strains and slight subgrain growth. There was some loss of stored 
energy in this stage This was chiefly the result of the slow subgrain 
growth, as the specific interfacial energy changed little. During 
recrystallization the remaining local strain disappeared and the sub 
grain size increased rapidly At the same time the specific interfacial 
energy rose to a value which was presumably that of a random grain 
boundary. While the strain energy was negligible and the bulk of the 
stored energy was due to reduction in particle size, a small but signifi 
cant part of the stored energy was attributable to reduction in short 


range order (see below). Such an effect, however, can occur only in alloys 
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The reports by Micwe.."™’ and Micweit and Hare») on nickel 
grindings also suggest that a large fraction of the stored energy was 
attributable to subgrain boundaries. Of the total stored energy ol 
about 210 cal/gramme-atom only about 24 cal/gramme-atom was 
elastic strain energy The early peak in energy release represents 

pproximately 8 cal/gramme-atom. If this energy is attributed to 
vacancies (see below the energy which may be assigned to subgrain 
boundaries becomes approximately 180 cal/gramme-atom. This is equi 
valent, however, to a subgrain boundary energy of about 1500 ergs/cm?* 
Micnett and Hare) quote the energy of the free surface of 
nickel as about 1750 ergs/cm*. On this basis an approximate value of 
tne energy of a low angle boundary should be about 300 ergs/« m* The 
aiscrepancy between this value and 1500 « rgs;cm* 18 unexplained As in 
the gold—silver alloy investigated by AVERBACH et al.."™ the recovery 
process involved partial relief of local strains and little subgrain 
growth Above 300°C the rate of energy release increased, the balance 
ot the elastic strain disappeared and the subgrains orew rapidly 
Michell and Haig suggested that recrystallization began at about 400° 

Chere is little doubt that the stor we ol energy in subgrain boundaries 

a mechanism which operates in all met: It is to be expected that 
the release of this fraction of the stored energy will be associated with 
recrystallization, although it may occur to a lesser extent in the late 
stages ol recovery 

to GREENFIELD and Bever"? part of the increment of 
gy stored by drilling at 195°C. over that stored at room 
temperature in an 82-6 Au—17-4 Ag alloy was probably due to the forma 
tion of different patterns of dislocations, in particular to increased 
of sub-boundaries. In support, they cited the investigation of 
LY and Rosperts.“*) which showed that the subgrain size of alu 
minium deformed at 195°C was about half that of aluminium de 
formed at room temperature. Greenfield and Bever found that thei 
samples deformed at 195°C and annealed at room temperature 
contained almost twice as much stored energy as samples worked at 
room temperature. They pointed out that this difference could be 
attributed to a smaller subgrain size: Kelly and Roberts observed that 
the subgrains produced in aluminium at the low temperature did not 
grow on annealing to room temperature 

GREENFIELD and Bever™ suggested that the composition-depen 

dence of stored energy in the gold-silver system could in part be 


explained by differences iu subgrain structure They stated that the 


presence of solute atoms might affect the specific interfacial energy OI 
more probably, the subgrain size 
STROH) suggested that the energy stored during cold working 


arose chiefly from the formation of groups of dislocations piled against 
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obstacles in the slip planes. He believed that the major part of the 
energy was released before recrystallization, as a result of rearrange- 
ment of the dislocations. He interpreted the first of the two peaks 
found by Suzuki? (see Fig. 12) as due to the disappearance of inter- 
stitial atoms, and the second to the rearrangement of piled-up disloca- 
tions. The work of CLAREBROUGH and co-workers", *° 
has demonstrated that, in contrast to Suzuki’s results, an appreciable 


and GorpDon"®) 


amount of energy is always released during recrystallization, and 
double peaks are not found above room temperature with copper. 
Stroh’s interpretation, therefore, requires modification. However, it 
should not be concluded that rearrangement of dislocations never plays 
a role in the release of stored energy during recovery. 

CLAREBROUGH et al. attributed the plateau of energy release found 
with nickel (see Fig. 20) to three causes: the movement of dislocations 
to subgrain boundaries, mutual annihilation of dislocations of opposite 
sign, and rearrangement of dislocations into more stable configurations. 
They believed that growth of subgrains was not responsible for the 
liberation of energy during this stage. They suggested that the plateau 
found with arsenical copper also resulted from the rearrangement of 
dislocations. They cited the increase in electrical resistivity as evidence 
that condensed atmospheres of arsenic dispersed during this stage. 
Nowick"*) considered the rapid recovery of internal friction and rise 
in the dynamic Young’s modulus (Késter effect), observed in many 
metals deformed at room temperature, as recovery phenomena 
attributable only to dislocations. He interpreted the release of energy 
from copper at 100°C observed by BoRELIUs et al.\™ to regrouping of 
dislocations. There is little doubt that the movement of dislocations 
can be an important factor during recovery, especially in relatively 
impure metals where their mobility is affected by the presence of the 
impurity atoms. 

CLAREBROUGH ef al.) interpreted the release of energy during 
recrystallization as the disappearance of the dislocations that formed the 
subgrain boundaries. This interpretation is similar to that advanced 
by AvERBACH et al.‘**) From the energies released by copper and nickel 
CLAREBROUGH et al. calculated the densities of dislocations removed 
during recrystallization of these metals. They assumed that the 


energy was the sum of the energies of individual dislocations, that is, no 


interaction occurred. They obtained values of the order of 10"/cm*. 
Boas‘®2e) also calculated dislocation densities for nickel from the data 
of Clarebrough et al. He used three different relations, namely the 
effects of a single dislocation on the stored energy, on the density, and 
on the electrical resistivity. The dislocation density deduced from the 
change in electrical resistivity was fifty to sixty times that deduced 
from the stored energy, and eight to ten times that deduced from the 
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density change. Boas considered the differences too large to be explained 
by errors in the assumptions on which the calculations were based, and 
discussed the possi bilities that micro-cracks might decrease the stored 
energy, or that stacking faults might account for the large change in 
electrical resistivity He concluded that the latter could not explain 
the dis¢ repancy and that the existence of some form of micro-crack 
must be postulated. Srecer”*’ pointed out that the discrepancy 
between the dislocation densities calculated from the stored energy 
and the density change could be resolved by estimating a larger effect 
of a single dislocation on the density He rejected the possibility ol 
micro-cracks, and presented calculations to show that inclusion of the 
effect of stacking faults would give values of the dislocation density 
calculated from the change in electrical resistivity that would agree 
with the other values 

The opinion has already been advanced that up till now calculations 
of dislocation densities have provided little insight into the nature and 
interpretation of the stored energy. The speculations of Boas and 
seecel reported above give point to this opinion They are based on 
experimentally unconfirmed estimates of the effects of dislocations on 
various properties, on rather uncertain values of the energies of dislo 
cations, and on the neglect of interaction energies between piled up 
dislocations. There is no doubt, however, that the major fraction of 
the stored energy of cold work arises from the formation of dislocations 
The likelihood is that a substantial proportion of these is associated 


with subgrain boundaries 


, 
Point Defects 


There is good evidence that pol t defects, i.e. vacancies, and in some 
instances interstitials, occur in metals and alloys. Thermodynamic 
arguments indicate that a crystal at equilibrium contains a number of 


vacancies which is a function of their molar energy of formation, Z 


and of the absolute temperature T’ The equilibrium mole-fractions 


of vacancies in copper are shown for various temperatures in Table 6 
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These values are calculated on the basis that the energy of formation 
is 1 eV per vacancy (23,000 cal/gramme-atom).“*: 1#, 5® The question 
arises whether vacancies generated by cold work make a significant 
contribution to the stored energy. As may be seen from Table 6, the 
increase in internal energy due to 10° vacancies in copper is an order 
of magnitude less than the lowest reported values of stored energy in 
copper. 

The number of vacancies introduced by cold work has been the 
subject of various estimates. Such estimates are necessarily of an 
indirect nature—based usually on the known or assumed effect of 
vacancies on some property which was altered by the cold work. 
Seitz’s early calculation® of the number of vacancies in copper 
deformed at the temperature of liquid air employed the estimated 
effect of a single vacancy on the electrical resistivity. This method 
was used in Part I, Section (3) in conjunction with JONGENBURGER’s 
recent values of the effect of a vacancy on resistivity.’ The percentage 
of vacancies so obtained was 0-014—about ten times the number 
existing in equilibrium at 1000°K. The corresponding contribution 
to the stored energy is 3-3 cal/gramme-atom. 

In any calculation of this kind it is important to recognize two 
points. First, the effects of vacancies on various properties, such as 
electrical resistivity, are not precisely known. Secondly, other defects 
resulting from cold work may also alter the property under considera- 
tion. Thus, electrical resistivity is affected by arrays of dislocations 


and by stacking faults. Before a particular property change can be 


definitely attributed to vacancies, it is necessary to obtain corroborative 
evidence, such as activation energies or changes in density. 

Vacancies have a high mobility compared with line defects. Because 
of this mobility, they escape at relatively low temperatures. One may 
therefore expect vacancies to contribute to the stored energy released 
during recovery, i.e. at temperatures below those which permit 
movement of dislocations locked in subgrain walls or elsewhere. At 
very low temperatures ( 195°C) single vacancies are essentially 


(39) 


immobile, but at temperatures as low as 80° they are mobile 
enough to form aggregates. A group of vacancies has lower internal 
energy than the same number of isolated vacancies. Certain aggregates, 
especially vacancy pairs, also have higher mobility. Serrz® has 
suggested that the recovery of resistivity observed in copper, silver 
and aluminium by MoLENAAR and Aarts may have been due to the 
coagulation of vacancies by diffusion of pairs or larger aggregates. 
These ideas, however, are too qualitative at the present time to permit 
an estimate of the contribution of vacancy aggregates to the stored 
energy. 


The metal on which the most extensive stored energy measurements 
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have been made is copper. High-purity copper cold-worked at room 
temperature characteristically exhibits little or no recovery, but a single 
peak of energy release during recrystallization.“: 5) Cold-worked at 

185°C, copper releases energy in several peaks below room tempera 
ture, all of these peaks representing recovery phenomena. There is 
no change in the electrical resistivity below the recrystallization 
temperature of copper worked at room temperature.“ In contrast 
an appreciable recovery of resistivity occurs during room-temperature 
annealing of copper deformed at 180°C, 6) The stress—strain 
curve is not affected by this annealing process.“°) MANINTVELD"®* 
observed that this recovery of resistivity occurred in two stages, 
namely in the regions of 100 and 25°C. HENDERSON and 
KOEHLER) identified the uppermost peak (at 25°C) in their curves 
ol energy release with the second stage in the recovery of electrical 
resistivity. They adopted Manintveld’s suggestion that this process 
was the diffusion of single vacancies. Following BARTLETT and 
Dienegs, ‘5 they estimated the activation energy for diffusion of 
vacancy pairs to be about } eV, and attributed the release of stored 
energy below 70°C to the movement of vacancy pairs. They 
suggested that the various peaks observed in the release of energy 
below this temperature were due to residual stresses, contending that 
in the thin resistivity samples used by Manintveld, such stresses would 
not have been present. An alternative explanation is that Manintveld’s 
experiments failed to resolve small peaks 

Although the possibility is strong that vacancies play a role in the 
low-temperature recovery of copper, the case is not proved. In 
particular, stacking faults may account for at least part of the changes 
in resistivity and energy observed below room temperature. Also part 
of the restoration of resistivity does not occur until recrystallization,“ 


which suggests that the effect of dislocations is important. (conse 


quently, to attribute the entire resistivity change caused by cold work 


to the formation of vacancies, as Serrz® did, undoubtedly leads to an 
overestimate of their number. Nevertheless, the calculation based on 
his method suggests that the en rgy involved in the formation of 
vacancies (3-3 cal/gramme-atom may account for an appreciable 
part of the energy stored during the low-temperature deformation of 
coppel 

Although the energy release from nickel is complex the evidence 
that vacancies play a role during recovery 18 more definite for this 
metal than any other. CLAREBROUGH ef al. found a decrease in 
resistivity and an increase in density associated with the first peak in 
the energy release (see Fig. 20 but little change in hardness The 
suggestion of CLAREBROUGH ef al. that this peak in the energy 


release might be due to the disappearance of vacancies was tested 
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quantitatively by Nicnoias.“*) He assumed that, during the recovery 
period, point defects moved, without significant interaction, from ran- 
dom positions within spherical grains to the grain boundaries, which 
acted as sinks. He derived an expression for the rate of energy release 
and fitted this to the first peak (Fig. 20). Assumptions about the grain 
size and shape had only a minor effect on the theoretical curve. By 
assuming the defects to be vacancies, Nicholas calculated from the 
measured density change that the deformed metal contained approxi- 
mately 2 x 10 vacancies per cm® (0-022 per cent). Boas‘®*) compared 
the concentration of vacancies calculated by this method with that 
calculated from the change in electrical resistivity, and found good 
agreement. Nicholas estimated that the energy released was 1-6 eV 
per vacancy (37,000 cal/gramme-atom). The activation energy for 
migration was 0-98eV per vacancy (23,000 cal/gramme-atom). He 
compared the total activation energy (60,000 cal/gramme-atom) with 
estimates based on two methods suggested by Le Claire, and found 


reasonable agreement. Nicholas did not ignore the possibility that the 


defects might be interstitials or vacancy pairs, but concluded that 
single vacancies offered the most reasonable interpretation. CLARE- 
BROUGH et al.“ deduced from their results for nickel that the concentra- 
tion of vacancies stable at room temperature probably reached 
saturation at low strains, and that additional vacancies produced at 
larger deformations apparently disappeared, perhaps combining with 
edge dislocations. 

GREENFIELD and Brever') discussed the possible contribution of 
vacancies to the energy stored during drilling an 82-6 Au-17-4 Ag alloy 
at 195°C. They took the energy of formation of a vacancy in this 
alloy to be the same as that in gold,“*: ) namely 1 eV, and adopted 
the estimate of Serrz™® that the energy change due to regrouping of 
vacancies during low-temperature annealing might amount to half or 
more of the energy of formation. Of the total stored energy of 206 cal; 
gramme-atom, about 50 cal/gramme-atom were released at room 
temperature, and Greenfield and Bever estimated that the fraction of 
vacancies formed might be as high as 0-2-0-4 per cent. This is about 
ten to twenty times the concentration estimated above for copper and 
nickel, but the alloy was strained to a greater extent. These authors 
pointed out that their estimate was probably too high, as all of the 
energy released below and at room temperature was unlikely to be 
associated with vacancies. The recovery of the electrical resistivity in 
gold occurs in two distinct stages below room temperature, , 152, 155) 
and this also suggests that the annealing of more than one type of 
lattice defect is involved. The calorimetric experiments with gold 
silver alloys did not reveal such two-stage annealing which, however, 
could have been masked in these experiments. Greenfield and Bever 
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cent Zn. In copper filed under liquid nitrogen, however, the stacking 


fault density was found to be about one in every seventy planes 
These faults annealed out in 5 hr at room temperature 
In body-centred cubi cry stals the effects of stacking faults on the 
X-ray pattern cannot be isolated in a simple way With #-brass 
prepared by filing ; room temper! iture GUENTERT™” obtained results 
that indicated tl sence of stacking or twin faults or both 
king fault is not precisely known. The energy of 
boundary | ris about 20 ergs/ The energy of 
fault is approximately twice th boundary and in 
per may therefore taken as 40 ergs wcking-fault density 
of one i y fe in copper file under liquid nitrogen 8 
therefore. gives ri i i stored energy of about 5 cal/gramme-atom 
OS CaAl/. If the ime specific energy 1s adopted for a stacku 
}0) Zn, and the density of faults is taken as one in fort 
ored energy 1s roughly 10 ca imme-atom (0-16 cal/g 
energy calculated from the strain determined 
WARREN and AREKOIS is approximately |S cal/cor in itom 


Is apparel tacking fault particularily in low mperature 


detormatiolr } . ount tor appreciable pmounts stored energy 


the change in electrical resistivity was discussed 
Miuction ot \ ies and of dislocations 
ossible ettects 
vity. Broom 
stack 


| that 


ey wien ‘ 


m respol 
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Haig ‘*4. 62>) found no evidence for stacking faults in grindings of nickel 
AVERBACH et al.‘**) detected no significant effect of stacking faults on the 
x-ray diffraction pattern of 75 Au-25 Ag filings. Stacking faults have 
been observed in beaten gold foils and in silver filings made at 195°C 
It is not improbable that part of the stored energy measured by Bever 
and co-workers’. *. * in drillings of gold—silver alloys prepared under 


iq nd nitrogen may be due to stax king faults 


Feats 

\ distinction must be made between twins on a metallographically 
resolvable scale and twin faults on a sub-microscopic scale comparable 
to that of stacking faults. Microscopically visible twins do not sensibly 
affect the stored energy. Twin faulting on a fine scale, however, may 
contribute appreciable amounts of stored energy. Such twin faults have 
been reported in copper and silver'*, 1°) deformed at 195°C. Twin 
faults may also form in body-centred cubic metals although the evi 
dence is not definite.“ As noted above the energy stored as the result 
of the formation of stacking faults can be appre iable and this is also 
true of twin faulting. Twins are formed in the low-temperature defor 
mation of gold-silver alloys,“ and it is not unlikely therefore that 


twin faulting is also appreciable and contributes to the additional 


8 29.30 


energy stored in these alloy s when they ire deformed at 195°C 


Reduction of Order 
Cold work reduces such order as may exist in alloys. Associated with 
this reduction in order is an increase in internal energy, which makes a 
contribution to the stored energy of cold work 

For solid solutions in which local order exists, and where the difference 
in atomic size is small, an order-of-magnitude estimate of the changes 
in thermodynamic quantities caused by the destruction of order can 
be made by means of the quasi-chemical theory. RvuDMAN and 


AVERBACH"*4 pointed out that the following equation could be derived 


for the change in internal energy in a binary solid solution due to a 


( h inge in low al order 
AH X ,X,ZN,»(Ac 
where X,, X, = the atomic fractions of components A and B 
Z the number of nearest neighbours 
N Avogadro's number 
the interaction energy 
the short-range order parametel! - : where P, 


{ 
is the probability of finding an A atom as nearest 


neighbour to a B atom. 
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Gold-silver alloys exhibit short-range order.“®) AverBacu et al.‘®*) 
measured the change in the short-range-order parameter due to filing 
a 75 Au-25 Ag alloy, and found that it increased from 0-06 to 

0-03. Taking the value of N.» as — 250 cal/gramme-atom,”©® 
they estimated that the contribution to the stored energy of cold work 
was approximately 21 cal/gramme-atom, equal to about 28 per cent 
of the total stored energy. 

The quasi-chemical theory can also be applied to clustering alloys. 
The quantities » and « are negative for short-range order and positive 
for clustering. With both classes of solid solution, cold work causes « 
to change towards zero, the value for a completely random alloy. Con 
sequently the effect of cold work on a clustering alloy is to produce a 
decrease in «, and thus to make a positive contribution to the stored 
energy. 

The quasi-chemical theory, however, has severe limitations. It 
assumes central forces between atoms, and only nearest-neighbour 
interactions. Both assumptions are oversimplifications and the theory 
can be applied successfully only in special cases. 

For alloys exhibiting long-range order, where the ordering energies 
are large compared with the usual stored energies of cold work, the 
values of the stored energy will be abnormally high, as a result of the 
mechanical destruction of order.‘ 


3. Kinetics of the Release of the Stored Energy 

The results of investigations of the release of the stored energy were 
summarized in Part IV. Consideration was also given there to the 
amounts of stored energy released in each stage of the restoration. 
Development of the formal kinetics of energy release, to be considered 
now, may contribute to a better understanding of the restoration 
processes and of the factors controlling their rates. In particular, values 
of activation energies may furnish clues to the mechanisms of energy 
release and even of energy storage. 

The customary division of restoration processes into “‘recovery”’ and 
“recrystallization” is not ideal. The classical definition of recovery is 
keyed to the criterion that there be no observable structural change. 
In recent years, however, a complication has arisen, as structural 
changes have been observed during processes occurring before recrys- 
tallization. This complication is removed if the definition of recovery 
is freed from any dependence on resolution, and a new definition is 


adopted which includes in recovery all restoration phenomena preceding 


recrystallization. This classification will be followed here. 

Most formal kinetic theories treat isothermal conditions. Recovery 
is traditionally considered to be characterized by an isothermal rate 
that falls continuously with time. Under the broad definition of 


325 





PHYSICS 


recovery, however, this is not a necessary feature. Recovery involves 
a number of physical changes within the metal, each having its own 
kinetics. Recrystallization, on the other hand, is characterized by an 
isothermal rate that is initially zero, rises to a maximum, and falls again 
to zero 

The literature on the kinetics of recovery and recrystallization 1s 
extensive, but there are few treatments which discuss the role of the 
stored energy in these processes. It is emphasized again that in general 
the stored energy of cold work is nearly equal to the free energy of 
cold work 

The activation energies reported in connexion with restoration 
processes are of the order of 10* cal/gramme-atom. Stored energies of 


greater than 100 cal/gramme 


cold work, on the other hand, are seldom 
atom. Variations in the amount of stored energy have an appreciable 
effect on the kinetics of restoration processes because the energy 18 
concentrated in small regions of the deformed metal. The concentration 
of stored energy in local regions also follows from the nature of deforma 
tion processes in crystalline materials. It is consistent with the observed 


localized nature of the beginning of re« ry stallization 


ry 


The thermodynamics and kinetics of recovery have recently been 


reviewed bv one of the authors The following discussion is directed 


toward those treatments of the kinetics of recovery which take account 


ot the stored energe,y 


Kq iations intended to express the kinetics of the recovery of cold 


worked metals begin with the assumption that, at constant temperature, 


the rate of recovery is a single-valued function of the instantaneous 


departure, x, of the property from equilibrium; 1.e 


truth of such an assumption can be tested by conducting, at the 
temperature, two recovery experiments in which the initial 


difter appreci iblv (see Fig. 22 According to Eqn 28) the 


the two curves should be equal at equal values of 2 In 


is naller tha da/dt it anv chosen value 


j 


nowevel ‘ 


i represents conditions of more severe cold work than B. The 
pment of rate equations from observations on recovery, therefore 


s careful consideration of the impli ations ol Eqn 2s 


recovery processes have been found to fit an equation of the 
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where a and + are constants under isothermal conditions. It is clear, 
however, that this equation can apply only to a limited range of 
time (see Fig. 23). The value of x at t 0 must be finite, and the value 


a-Experiment A 


Experiment 





nge due to cold work, x 


ho 


Fig. 22. Typical recovery curves after different degrees of cold work 
as ¢ tends to infinity must be zero. The complete recovery curve is, 
therefore, of the form shown by the dotted extensions. 
Differentiation of Eqn. (29) yields 


dx 


Property change 


= 
t 
5 
5 
A) 
Q 
> 
a 
J 
v0 


== f=() 
< t=O 


Fig. 23. Demonstration of the limits of applicability of recovery 
equations of the type x b alnt 


This, however, is not a “‘rate law,’’ since the rate of a process depends 
on the instantaneous state of the system. Dependence on time is only 
indirect. The rate equation derived from Eqn. (29) is of the form 
dx x 
c exp » « « « (20b) 
dt a 
where c = a exp (— b/a). 
The effect of temperature on recovery is expressed by the usual 
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relation for a thermally activated process. For example, in Eqn. (29b) 
the temperature-dependence may be written 


Cc Cy EXP =) — . (30) 


where £ is an activation energy. Substitution in Eqn. (29b) gives 


dx EB mae : 
. R1 
where m RT/a. This is the equation suggested by KuHLMANN."”®? 


In it the activation energy is a linear function of the increment, z, 
of the recovering property. The resulting increase in the activation 
energy with the progress of recovery can be explained by the tendency 
of the imperfect regions with the lowest activation energies to disappear 
hirst 





Boretivs et al. adopted Kuhlmann’s suggestion of a linear 






variation of the activation energy and introduced an equation of the 





iorm 





da 1D) ma 
; cx exp —— . (3)1) 






where c is a constant Applied to the release of the stored energy, this 





becomes 





dE, 
dt 





ch, exp (E. mE.) RT (3la) 










where £, is the activation energy at the completion of recovery, and 





FE. is the instantaneous value of the stored energy (per gramme-atom) 






associated with the particular recovery process to which the equation 
applies. According to Astrém,* if mE RT, Eqn. (3la) reduces 







to the approximate expression 
dE, RT 1 
dt 





(31b) 











If mE, > RT, 


where ¢’ represents the duration of any prior recovery 
the rate is given approximately by 
dE, RT 


P exp c(t t’)| . (3le) 
dt Mt) 











where » is Euler's constant and c’ is a constant at a given temperature 





The results of isothermal annealing experiments were summarized 
in Part IV. Section (1 Boreuivus et al.'™ found that the rates of 






release which they observed in their recovery experiments fitted 





Eqn. (31b). However, they did not attempt a physical interpretation. 
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Astrrém'*, 75) observed in compressed aluminium both hyperbolic 
and exponential rates of recovery according to Eqns. (31b) and (31c). 
He calculated activation energies for the two recovery stages (see 
Fig. 15) revealed in his investigations. He compared the value of 
28,000 cal/gramme-atom for the first stage of energy evolution with 
values obtained by KuUHLMANN, MAsING and RaArre.sterer”®, He 
sought to explain the process as either climb or glide of dislocations and 
favoured the latter, but no definite conclusion was possible. The activa 
tion energy for the process occurring in the range 180-250°C was 


36,000 cal/gramme-atom, which Astrém considered to be the value for 


self-diffusion in aluminium. He suggested that the process was either 
growth of subgrains or polygonization, but again the evidence did not 
allow a definite conclusion. Astrém observed a transition from a hyper- 
bolic to an exponential rate of energy release during the progress of the 
low-temperature recovery of very slightly deformed specimens. This is 
of particular interest in the light of Eqns. (31a), (31b) and (31c). 

Gorpon,” as already noted, was unable to determine from his 
experiments on copper whether the release of stored energy during 
recovery was generally characterized by exponential or hyperbolic 
rate equations. 


Recrystallization 

ecrystallization is a nucleation-and-growth process in which the rates 
of nucleation and growth are expressed by equations of the type 
proposed by Arrhenius. The isothermal rate of growth is generally 
independent of time. JoHnson and Mes." and Avrami'??!, 172, 178) 
showed that, if the nucleation rate was also constant, the fraction / 
transformed at constant temperature was given by 


exp (— at?) : wh ae & 32) 


where a and 6b were constants. 

Gorpon™ found that his measurements of the energy evolved 
during recrystallization (see Fig. 21) fitted such an equation for values 
of f up to about 0-3-0-4. He obtained values of 5b ranging from 
3-1-3-9. According to Mehl and Johnson } should be 4; according to 
Avrami it should lie between 3 and 4. From the temperature 
dependence of the recrystallization, Gordon obtained an activation 
energy for the reaction of 30,400 cal/gramme-atom for one lot of copper, 
and 26,500 for the other. He suggested that the difference in values 
was due to a difference either in purity, or perhaps in initial grain size. 
At low strains the activation energy appeared to increase with decreasing 
deformation, a result in accordance with the findings of ANDERSON and 
Meni" for aluminium. Gordon discussed the possibility that his 
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values of the activation energy might be the activation energy of grain 


boundary self-diffusion. Since the latter had not been determined 


experimentally, no conclusion could be reached 
From the release ne aluminium at 350° AsTROM(** 
obtained an activation energy ol 58.000 cal/gramme-atom This 
agreed well with the alue of 59,000 obtained by ANDERSON and 
Men." from a microscopic investigation of primary recrystallization 
in 90-05 per cent aluminium AstrOém held that his experimental 
results supported the model developed by CottretL””® and Canyn.“”* 
The essential feature of this model is that the nuclei are pre existing 
grains which either remained relatively free of strain during defo! 
vr became so during subsequent annealing According to 
Astroém his investigation showed that changes in the substructure 
advanced to a certain point before primary recrystallization started 
some subgrains had attained a favourable condition, recrystalliza 

proceeded 

LEIGHLY et al.“ develop quation connecting the recrystallized 
ind the stored energy This took 


“cl VTA SIZES k Was 
boundaries which were 
t and 6 were constants 

in the assump 


the same 


stored ene 
; : 
SULrail 


ifter a critical 


transtormed 


where m al } nstal his : n form with an empirical 
recrystallized grains 

il to the square 

iy true Further, the measured values 

by Walker and Bhattacharya to support 


whereas their definition of strain 
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was tor compression In any case the points as plotted did not fall on 
a straight line and did not establish the existence of a critical strain, ¢.. 

The equations governing the kinetics of recrystallization are derived 
from the concepts of the rates of nucleation and growth, which are 
geometrical parameters Such a phenomenological description of 


recrystallization takes no account of the stored energy. 


Heat f apacity and the Re le ASE of Stored Energy 


It may be well to consider the relation of stored energy to heat capacity. 
Anisothermal annealing experiments, such as those of Sato," 
Suzuki” and CLAREBROUGH and co-workers": do not measure the true 
heat capacity, since an irreversible change takes place during annealing 
The true heat capacity of a cold-worked metal can be measured only 
below the lowest temperature at which stored energy is released. In 
general this will be the temperature at which recovery occurs at an 
appreciable rate 

The possibility that cold work might affect the heat capacity has 
long been recognized, but investigations have been generally inconclu 
sive. Among the investigators of the stored energy, Suzuki referred 
to the possibility of an alteration in the heat capacity due to changing 
the modes of atomic vibration by means of cold work MAIER and 
ANDERSON” measured the heat capacity of annealed and drawn 
wires at temperatures below the temperature of drawing, but the change 
due to cold work was negligible. Earlier work on the difference between 
the heat capacity of cold-worked and annealed metals dating back to 


150 


18400) was reviewed by EuUCKEN 


; 
1 ( onclusion 


The discussion in Section (2) has shown that there are three general 
mechanisms of storing energy during cold work 

| Elastic strain energy It appears that this is never more than a 
small fraction of the total stored energy, even in strong metals 

2) Energy effects associated with generation and redistribution of 


dislocations during cold work While present knowledge makes it 


im possi ble to sav what portion of this energy 18 due to isolated dislo« a 


tions, much of it appears to be associated with dislocations forming 
subgrain boundaries. It is in this way that dislocations account for a 
large fraction of the total stored energy 

(3) Energy due to creation of vacancies. This contribution is 
significant in deformation carried out in and especially below the 
recovery range ol the meta! 

The question may be asked whether it is justifiable to separate the 
elastic strain energy from the energy due to impertections In the 


absence of external loads, elastic strains in a meta! specimen are the 
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iperfections of one kind or another—point defects, disloca 
boundaries, grain boundaries, inclusions Isolated 

the lattice and this distortion is presumably 

strains detected by x rays Dislocations lined up in 
undaries, on the othe! ind, have an appreciable strain 
their immediate neighbourhood. Particle-size determina 
if the stored energy due to these 

if the specific interfacial energy is know: The energy 
if isolated dislocations 1s, at least in part included in the 
energy determined by X-ray methods. The lattice 
wancies must be comparatively) small. and vacancies 

be carried as a separate entry in the energy balance 
details of energy rage are undoubtedly different for every 


und every process of deformation. There is no reason to expect 


relative contributions ofl he three gener il mechanisms to be the 


for one metal deformed in different ways or 
ifferent amour Addition ymplexity arises from the operation 
special mechanisms of energy storage such as destruction of 
formation of stacking faults 
nteraction of dislocations with condensed 
That the mechanisms ol energy storage 
imply confirmed by the variety of 
the stored energy during annealing 
1 pattern of storage 
results of stored energy measurements 
presented 11 the experimental variable The effects 
vVariabies mu ‘plained in any satistactory interpretation 


work The main variables that require 


Ositior 
iT ad structure 


nt of detorn ol in parti ilar the strain 


the temperature of deformation 


the ratio of stored to ¢ xpended energy and the rel ited pheno 


ind the corres 


\ associated with eA h stage of energy 


s released in recovery (/ und recryst illiza 


othe properties ol the metati coincident with 
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At the present time, none of the observed phenomena can be inter 
preted precisely, although some can be explained qualitatively. Thus 
the general increase in stored energy with strain is caused large ly by 
the increase in the number of impertections generated as strain pro 
vresses. Changes in the arrangement of the dislocations may act in 
the same manner. Concerning the effect of strain rate, not even the 
facts are definitely known. 

The energy required to initiate slip is reflected by the yield stress. 
The general correlation between stored energy and strength is not 
surprising, therefore, since a large part of the stored energy 1s associated 
with dislocations generated during slip. Since the temperature of 
deformation affects the strength, it also affects the stored energy. In 
addition, there is the possibility of generating and retaining at low 
temperatures defects of a type not stable at higher temperatures, for 
example, stac king faults and point defects. However, since vacancies 
have little effect on the mechanical properties, such criteria as the 
strength and flow stress cannot alone control the stored energy. 

The saturation level of the stored energy corresponds to a stage of 
deformation where a running balance is struck between the generation 
and immediate annealing of imperfections. A different saturation 
level exists for different deformation processes, presumably because 
the arrangement of imperfections is affected by the stress field created 
by each process. Evidently some stress fields, as in filing, produce 
configurations of imperfections which are stable at high densities, 
whereas others, as in rolling, produce configurations stable only at 
lower densities. It would be interesting to know whether filing a heavily 
rolled metal raises its stored energy to the level produced by filing the 
annealed metal 

Quantitative interpretations of the stored energy remain uncertain 
for two reasons In the first place, current descriptions of the cold 
worked state lack precision, and will continue to do so until reliable 
and accurate methods are devised for determining the number and 
arrangement of impertections 1n a metal. Secondly the stored energy 
measurements themselves would profit from a higher degree of accuracy. 
The discrepancies between the values reported by various observers 
are, in many cases, too large to be due to the metal or deformation 
programme. The comment on stored energy experiments made by 
Farren and Taylor over thirty years ago still applies today: “. . . if 
several independent workers performed such experiments along 


parallel lines their time would not be wasted, even if they got identical 


results.” 
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THE PROPERTIES OF METALS AT 
LOW TEMPERATURES 


H. M. Rose nbe rq 


I vyave a review ot some 


In an earlier article in this series MACDONALD 
aspects of the low temperature behaviour of metals In parti ular, he 
dealt with the speciic heat and the electrical conductivity of metals 
and alloys The purpose of this article is to bring these two subjec ts 
up to date and also to describe some other properties of metals which 
have been the subject of low temperature research These are the 
thermal conductivity, on which a very large amount of work has been 
done, and the mechanical properties of metals, in which systematic 


investigations have been started only in the last few vears 


Whilst the domain of low tempel itures has no defined upper limit 


we shall, in general, be dealing with the range of temperatures below 


that of liquid oxygen, 90°K 


Tue THERMAL CONDUCTIVITY OF METALS AND ALLOYS 


There are two processes by which heat can be transported through a 
metal. The first, and usually the more important, method is conduction 
by the electrons. The sex ond process is that of conduction by the lattice 
vibrations (or to use the term suggested by Peierls, ““‘phono1 but this 
need onlv be considered in alloys and in metals and semi-conductors 
which have very few electrons. The total thermal conductiv 
metal will be the sum of the two \ full itment of the theory 
these two processes will not be attempted | but an outline will 
given in order that the underlying ideas might be appreciated. For a 
more complete discussion the reader is referred to the review irticle 
by KLEMENS 

Both conduction processes are limited by various scattering met h 
anisms without which infinite conductivity would result und the 
theoretical problem it the outset is to decide what types of scattering 
are possible which ones are the most effective i.e. which ones give an 


appre iable thermal resistance ind finally to calculate that thermal 
1} 


resistance The problem 1s usually simplified by issumiIng that one 


scattering process is not nfluenced by the others that ar present at 
the same time. This is not always rigorously true but, in general, the 
eTrTrors involved ire a1) | This simplifi ion whi h in the case ol 


electrical conductivity called Matthiessen’s rule) means that the 
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ii 


thermal resistivity due to each scattering process can be calculated 


sistivities will give the total thermal 
resistivi I conduction mechanism In our case we have two 
anisms. that bv the electrons and that by the phonons 


thermal resistivit: Vy and W. respectively These 


separately and the sum olf these re 


will eac! 1 number of resistivities 


to the scattering mechanisms A, 

of the metal. however, will be the 

sported Db the electrons and the phonons and hence 

thermal conductivity is the sum of the conductivities of 


] 
ms anu 


(1) 
and A 
detail 


consider the terms 


mal Resistivity 
is by which the electrons may be 
. thermal resistance. These are the 
by the thermal vibrations of the lattice 
ind the scatteru g of the electrons by impurities, 
SIStivity i n cw scattering mechanisms are, of 


nes which als ve to be considered in the case of electrical 


There le extra resistivity mechanism, the 
electron ne an but this has not as yet been 
term i the resistance due to 

using the formula from kinetic 


vitv, K. can be calculated from 


is the specifi heat per 

velocity of the heat carriers 

ire being scattered by impurities 

ither chemical impurities) the mean free 
be temper re dependent. v can be assumed to be 

the electron distribution is degenerate and hence A 

nal to the specific heat of the electrons, i.e. A will be 
temperature und therefore W. will be of the form 

It is this scattering of ele ms by impurities which gives rise to 


ant 


residual electrical resistance, R,, at low temperatures” 
mnected with W. by the Wiedemann-Franz law 
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where L is the Lorenz constant and is equal to 2-45 10-8 if R. is 


expressed in ohm-cm and W, in watt~' cm deg. Hence 


(4) 


The second term W,, due to the scattering of the electrons by the 
lattice vibrations, cannot be dealt with so simply. Qualitatively one 
can see that as the temperature is reduced the amplitude of the lattice 
vibrations gets less and hence their scattering effect becomes smaller. 
This will give, therefore, a thermal resistance which decreases as the 
temperature is decreased. A proper solution, however, can only be 
achieved by solving the Boltzmann transport equation and this leads 
to a complicated integral equation which has only been solved for the 
case of quasi-free electrons. This has been done by several authors to 
various orders of approximation and the reader is referred to WILson’s® 
book for these solutions. They are also reviewed by KLemens"? and 
by OLsen and Rosenserc. 

The result of these calculations is that, at low temperatures 
(7’ < 6/10), the thermal resistance W,, is of the form «7, the numerical 


value of « being given by 


(5) 


where N is the number of electrons per atom, K, is the limiting 
thermal conductivity at high temperatures, @ is the Debye temperature 
and G is a numerical factor which has a value of about 70 depending 
on what approximation is used. It will be noted that « can only be 
calculated with the aid of other experimental data, in particular K ,.. 
This is because it is not possible to calculate the true interaction 
function of the electrons with the lattice vibrations. If, however, 
is taken as unity and experimental values of A, and @ are used, the 
calculated value of « appears to be about four times greater than that 
obtained from actual measurements of the thermal conductivity at 
low temperatures (see HuLM®’). It has been suggested by BLackman‘® 
that one reason for the discrepancy might be that since the Bloch 
theory only assumes scattering of electrons by the longitudinal lattice 
vibrations a special value of 6 should be used, say 6,, which only takes 
into account such vibrations. The specific heat 6, of course, takes 
account of lattice vibrations of all polarizations. The value of such a 
6, is about 1-5 times higher than the specific heat # and this would help 
to remove the discrepancy. 

There is, however, a more serious difficulty. When the theoretical 
solution for temperatures higher than 6/10 is examined, it is found that 


W, should pass through a maximum at about 6/5, i.e. that there should 
be a minimum in the thermal conductivity. Such a minimum has been 
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looked for very carefully in several experiments (see for example 
BeRMAN and MacDonaup"™ and RosenperRG"™’) and has not been 
found. This problem has been considered by Ziman“ who showed 
that whilst the theoretical treatment outlined above was correct as far 
as it went, there was one electron—phonon scattering process which had 
been negle ted This was the mechanism first suggested by Prereris”? 


und called by him an “‘umklapp-process In this form of interaction 


momentum is not conserved among the interaction components them 
selves, but some is transferred to the lattice as a whole. Ziman has 
developed the theory, taking into account umklapp-processes and the 
uct that only longitudinal phonons should be considered. He shows 


t the maximum in |W, is then almost entirely removed and that the 


numerical values obtained are in quite good agreement with the measure 
ments on sodium of BERMAN and MacDona.p.™ Unfortunately, his 
treatment does not give an explicit expression for the calculation of 
iF 

lhe general form of the electronic thermal resistance at temperatures 
below @/10 is therefore 


W. i rT? +. BIT (6) 


oted that o lattice scattering coefficient should be a 
1 particul il, but that #, the impurity coefficient, will 
1e particular sample of the metal which is being measured 
from a fundamental point of view, « is the more important 
Providing that § is fairly small it can be seen that there will be 
the total electronic thermal resistance, W,, at low 
temperatures, i.e. there will be a maximum in the thermal conductivity 
T ller the value o vr a particular metal (i.e. the purer the 
( highet will iximum and the lowe! the temperature 
which it will occur. Fig. 1 shows typical curves for the thermal 
iductivity of high purity metal 


satisfac 


Whilst one ould expect that Eqn a) would hold most 


rily for a metal such as sodium, it is found that the thermal resistivity 


; 


pure metals is of this form Che simple st wav of checking this is 
t WT agai T?, when a straight line should be obtained with a 
om such a straight line have been obtained 
these have been explained in such a way as not 
disrepute 
bits 


ween phonon scattering and electron 
This is that I temperatures which we are considering, 
the electron energv distribution is degenerate and hence to a first 


approximation » considered as independent of the temperature. 
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The vibrational spectrum of the lattice, however, changes continuously 
with the temperature and hence over a given temperature range we 
san consider the lattice and its defects to be “‘scanned”’ by a band of 
changing wavelength. Depending on the wavelength used some types 
of defects will be detected and others will not—hence a whole range of 
scattering processes is possible as the temperature is changed. 

The most important scattering mechanisms for phonons are, in the 





Thermal conductivity, W/cm deg 








20 30 40 50 60 7% 
Temperature, °K 


Fig. 1. The thermal conductivity, K, of two specimens of lithium"™® 
showing the general behaviour of metals of high purity 


order of their effectiveness as the temperature is increased, the scatter- 
ing of the waves at the specimen boundaries which occurs at the lowest 
temperatures, the scattering by electrons, by dislocations, by point 
defects, and lastly, the scattering of the waves by interaction with one 
another. A full discussion of these mechanisms would be out of place 
in this article as several of them are only of importance in the conduc- 
tivity of non-metals and for details the reader is referred to the articles 
by Berman," Pererts”® and KLEMENS.'?) In metals at low tempera- 
tures the main contribution to W, is that arising from the scattering 
by electrons although at higher temperatures the resistivity due to 
defects and impurities must also be taken into account. 

The resistance arising from the scattering of the phonons by the 
electrons, W,,, has been considered by Makrnson,?” KiLEemeEns'? 
and Ziman.) These authors show that W,, is of the form y7'-*. This 
can be seen from the kinetic theory, Eqn. (2). The mean free path, /, 
of the phonons will be inversely proportional to the number of electrons 
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which are able to scatter them. The only electrons which can do this 
will be those whose energy lies within £7’ of the Fermi surface Z, and 
the proportion of these electrons to the total number present will be 
of the order k7'/E Hence the number of electrons available for scatter- 
ing will be proportional to 7' and therefore / will vary as 7". Assuming 
that the phonon velocity v, is constant, and that the specific heat is 
proportional to 7° gives A proportional to 7", i.e. W,, yT-*. 

The calculation of the value of y by the authors mentioned in the 
previous paragraph is uncertain, since assumptions must be made about 
the form of the interaction constant between the electrons and the 
lattice waves—the same difficulty as arises in the case of the electronic 
thermal conductivity. MAKINSON’s calculation”) overcomes this by 


using the limiting high temperature value of the electronic thermal 


conductivity, A in his expression for y. This reduces to 
0-204.N°6*/K (7) 


KLEMENS™ has argued that since it is known that the Bloch theory 
on which Makinson’s work is based) does not take into account effects 
such as umklapp-processes which probably influence the value of K_, 


it might be safer to modify Eqn. (7) so as to use the value of the low 


temperature electronic thermal resistance, W,, instead of K,. His 


value of y is given by 
LO~34f4\ 4/3 ; (8) 


nere z is defined by i xT? 4s if Eqn 5 
contribution deals mainly with a non-degenerate electron 


such as one meets in the case of semi-conductors with a 


very small concentration of electrons. In the limit, however, his 


expressions reduce to the ones given above 

The scattering of phonons by impurities and lattice defects can be 
treated by considering the analogous example of the scattering of light 
waves by small particles (Rayleigh scattering). In this case the mean 
tree path of the waves is proportional to the fourth power of the 


wavelength. Since for lattice waves (as in the case of Wien’s displace 


ment law for radiation 


proportional to the temperature, this gives / proportional to 7-*. If 


the dominant lattice wavelength is inversely 


we assume, as before, that we are in the region where c is proportional 
to 7°, then substituting in Eqn. (2) gives A proportional to 7'-'; ie. 
the thermal resistance of the phonons due to point defects and individual 
impurity atoms, W’,,, should be of the form e7’. At higher temperatures 
this flattens off because the specific heat tends to become constant 
and also because as the phonon wavelength becomes shorter 
Rayleigh scattering no longer holds, the scattering tending to become 
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independent of the wavelength. At low temperatures, however, the 
total lattice thermal resistance W, is of the form 


W..+Wpo=y/T?+eT. . . . . (9) 


There will also be other contributions to W, from dislocations and grain 
boundaries, but for the time being we shall ignore these. 

It is found by experiment that the thermal resistance of a high 
purity metal (with a purity say better than 99-9 per cent) can be fitted 
very well to the form of the expression for W,[ Eqn. (6)]. This indicates 
that practically all the heat is transported by the electrons and only a 
very small amount by the lattice. The main reason for this is that the 
term |W ,,, due to the scattering of the phonons by the electrons, is 
generally quite large, and this reduces the total phonon conductivity 
until it is very much smaller than the electronic contribution. There 
are, however, two main ways in which the phonon conductivity can 
become appreciable. The first arises when the number of electrons 
per atom is very small as, for example, in bismuth, antimony, ger- 
manium and silicon. There are then very few electrons to carry the 
heat and hence A, is very much reduced. At the same time there 
are fewer electrons to scatter the lattice vibrations, W,, is there- 
fore smaller and so the lattice conductivity can rise to quite large 
values (in the case of germanium and silicon it can be as high as 
10 watt units or more). The second way in which the lattice conduc 
tivity can be easily detected occurs when impurity atoms are added to 
the metal as in an alloy. This has the effect of tending to reduce only 
K, at low temperatures because, as has already been noted, Wp is 
proportional to 7’ for impurity scattering and hence K, will be un 
affected in the liquid helium range. Thus A, can be reduced until it is 
of the same order of magnitude as A,. It should be noted that this 
method of detecting A, differs from the first in that the electronic 
conductivity is reduced and the total conductivity is usually quite 
small (a few tenths of a watt unit or sometimes very much less). In 
the first case, however, when NV has a low value, the lattice conductivity 
is actually enhanced and the total conductivity can be quite high. 

Once experiments have been made the problem arises as to how one 
should separate the measured conductivity into its various components. 
It is obvious that some assumptions must be made as to what scattering 
mechanisms need or need not be considered. If they were all taken 


into account in the analysis the problem would be far too complicated. 


For a pure metal one generally assumes that all the heat transport is 
by the electrons and hence that the total thermal resistance, W, is 
equal to W, as given by Eqn. (6). This means that, as has already 
been explained, if we plot W7' against 7%, a straight line should 
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be obtained. If one has a sample in which it is suspected that there 
is an appreciable proportion of lattice conductivity present, then one 
generally assumes that at the lowest temperatures the dominant term 
in K, is that due to the phonons being scattered by the electrons (i.e 
1/W..), and the dominant term in KA, is that due to the electrons being 
scattered by the impurities (i.e. 1/V| By referring to Eqns. (6) and 
(9) the form of the total thermal conductivity, A, is in these circum 


stances 


A A A I}, T° 10 


If this is so, a plot of A/7 against 7' will give a straight line with a 
slope of 1/y and an intercept on the A/7' axis of 1/8. A check on this 
can be obtained by measuring the residual electrical resistance, R 
of the specimen. As has already been shown, / R/L. This relation 
usually holds exceedingly well. Due to the fact that other scattering 
mechanisms come into play at higher temperatures the straight line of 
the A/7 against 7 plot does not usually extend very far, but it is 


nevertheless very useful in giving an idea of the magnitude of the 


lattice conduc tivity and also of the value of the parametel 


Recent |} 
In the past few years the thermal conductivity of a very wide range of 
pure metais has been measured and in many cases the values of « and 


8 have been calculated. For details the reader is referred to the review 


papers by Kiemens™’ and by Powe... and BLanpiep"* (this has 


most of the data in the form of graphs, and includes information on 
alloys and non-metal The experiments show that all pure metals 
do have thermal conductivit\ irves similar to those shown in Fig. |! 
In many cases the conductivity at the maximum can be very high, 
50 to 100 watt units ven more, particularly when the metal can 
be obtained in a very hig! ite of purity and is carefully annealed 
made into a ngie \ for comparison it should be noted that 
the conductivity o at room temperature is about 4 watt units 
he alkali metals of course, the ones to which one would expect 
the theory apply mi ecessfully. Unfortunately, they are rather 
is thermal and electrical conductivity 
ind MacDonaLp"”’ on sodium 
een continued MacDONALpD ef al ol ill the alkali metals 
ROSENBERG” on lithium These all confirm that whilst the 
form of the conductivity is that which one would expect from the theory 
us Outlined abo the numerical value of the thermal resis 
ti 


} 


ibout four times smaller thar n eore 


mentioned, ZImMAN’'s"® modification of the theory 
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agreement in the case of sodium but it has not yet been applied to the 
other alkali metals. 

One rather general result that has been shown is obtained from 
Eqn. (5) for «. If the form of this expression is correct, even though 
the values of G and N are uncertain, one might expect that metals 
with similar electron configurations would have the same values for 
G and N and that the value of «K_6? would be the same for those 
metals. RoseNBERG has analysed his results and has shown that 
for metals of a given chemical group the values for «K _.6? are the same. 
A similar type of analysis has since been made by Kiemens™ and 
MacDona cp et al.™) show that it holds for their results on the alkali 
metals 

One interesting problem that must be decided is whether the elec 
trons do only interact with the longitudinal lattice vibrations (as the 
Bloch theory suggests) or whether they are, in fact, able to interact 
with phonons of all polarizations. OLSEN and RosEenBEeRG™ suggested 
that if only longitudinal phonons were involved then there might be 
an appreciable lattice conductivity due to the transverse phonons and 
this had not been observed. Ziman“ has pointed out, however, that 
there would probably be sufficient interaction between the longitudinal 
and transverse phonons themselves to reduce this conductivity. A 
very useful attack on the problem, however, has been made by KEMP 


2 


et al.“ Kisemens”® had shown that the low temperature ratio of 
the lattice to the electronic thermal resistivity of a metal, W,,/W, 
depends very much on which type of coupling scheme between elec- 
trons and phonons is assumed. If there is interaction with the longi- 
tudinal lattice waves only, then W,,/W, will be twenty times larger 
than if there was interaction with all lattice waves. The problem was 
to measure this ratio for a pure metal. It was not possible to do this 
directly because, as has been indicated previously, the lattice conduction 
of a pure metal is very small. The metal which was chosen was silver 
and the problem was solved"? by measuring the conductivities of 
various silver-cadmium and silver-palladium alloys of known concen- 


tration. These alloys, which were in effect impure silver, had an 


appreciable lattice conduction and this could be extracted from the 


total conductivity as has been shown earlier in this article. The values 
of W. so found were plotted against the percentage concentration of 
impurity and the curves were extrapolated back to zero impurity. 
Since the curves were quite smooth this seems quite a justifiable 
procedure The results. which are reproduced in Fig 2 show that the 
value of W, which was obtained was that to be expected if the electrons 
were able to interact with phonons of all polarizations (the theoretical 
calculation gives the point M on the ordinate If interaction had been 


with the longitudinal phonons only, then an intersection with the 
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conciude that in the issume that electrons can 


iteract with phono i all polarizati 
Another interesting point which arises from this work is the effect 
of cry stal perfection on the lattice 
as drawn condition as well as after careful 


he expected ; lattice 


conductivity. Some of the specimens 


were measured in the 


nme iling and it was tound that. as wa to 
conductivity was increased by the annealing treatment he extent 
of the improvement, however, was surprising when compared with the 
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The fact that dislocations can be detected by heat conductivity 
measurements has been utilized by Lomer and Rosenserc."**) They 


have strained crystals of alpha brass and have shown that the build up 


of dislocations with increasing amounts of cold work can be easily 
investigated. It would seem that this might be a useful method for 
determining the dislocation density of a cold-worked metal 

Now that the general form of the thermal conductivity of pure 


metals has been established, experiments have tended to be designed 


Fig. 3. A plot of WT against 7° for a cadmium single crystal, showing 
the different slope s obtained at high and low temperatures due to the 


variation of 0 


to investigate parti ular scattering processes such as have been des 
cribed in the previous paragraphs. Other work, however, has been 
started in order to see whether there is at low temperatures any 
deviation from the strict form of W, [Eqn. (6)}. In general this requires 
quite careful measurements (to better than 1 per cent) which is difficult 
though not impossible, to achieve. There is one case, however, where 
a deviation is quite easy to detect. This is in the case of cadmium. 
It will be recalled that to check Eqn 6), WT' is plotted wainst 7" 
and a straight line should be obtained. When this is done for a cadmium 
single crystal a straight line is indeed obtained up to about 4°K, but 
at this temperature the curve starts to bend upwards and at a higher 
temperature it becomes a straight line again with a slope about three 
times that of the original line (see Fig. 3). This was rather difficult to 
expiain as the detailed theory shows that whereas at higher tempera 
tures the slope of the W 7' curve might be expected to decrease it seemed 


unlikely that it should increase. It was suggested (ROSENBERG™ 
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that the increase in slope was probably connected with the very marked 
drop in the value of the Debye @ (by ~ 30 per cent) which had been 
found for cadmium from specific heat measurements (Smrru). 
Since the slope of the W7' curve [i.e. « in Eqn. (5)] depends on 1/4 
(A ,, depends on 6?) even a small change in @ might affect «. One must, 
of course, be careful in this connexion not to take the value of 4 too 
literally when one calculates «. @ is only inserted into the equation as 
a convenient way of averaging over the phonon spectrum. It is not 
introduced because of the specifi heat as such Since the averaging 
process is different for specific heat and conductivity a slight change 
in 6 should not be taken very seriously in its effect on «. In the case 
of cadmium, however, 6 changes by such a large amount that it is not 
surprising that some change in « is detected. The temperature at 
which the change of slope occurs corresponds quite well with that at 
which @ starts to drop in value. If there were a strict correspondence 
between « and 6, however, one would have expected « to have increased 
five times instead of by a factor three. To check that this change in 6 
was indeed the cause of the increase in slope of the W7' curve, measure 
ments of the conductivity of a zinc crystal were also taken‘ since 
Smith’s work showed that zine also exhibited a sharp drop in 6. The 
increase in « was shown by zinc as it was for cadmium, although once 
again the increase in « was not exactly in accord with Eqn. (5) 
Another type of thermal conductivity research which has proved 
popular is to see whether anomalous behaviour in the electrical resis 
tance is reflected in the thermal resistance In general as might be 
expected, similar changes are found. Such experiments have centred 
around magneto-resistance effects, anisotropic effects and the mini 
mum in the electrical resistance which is found in some metals at low 
temperatures » bel 379). Several workers have investigated 
this minimum with particular reference to magnesium which was known 
MacDonaLp and MENDELSSOHN’) to exhibit a marked minimum in 
its electrical resistivity. The thermal conductivity at first sight shows 
no evidence of any anomaly, but if W7' is plotted against 7” it is then 
found that there is a minimum in that curve which does occur at about 
the same temperature as does the minimum in the electrical resistivity 
There is a difference in the details from the various workers (see Fig 
} Kemp et al.® and Rosenpere”? find that the value of ar dips 
below the continuation of the linear part of the curve, but the former 
find that at the lowest temperatures it then rises to a value greater 
than it would have done if there had been no anomaly, whereas the 
latter found that at temperatures below the minimum, W7' increased 
until it fell on the extrapolation of the linear part of the curve again 
Spour and Wesser™ found that W7' increased in value at low 


temperatures, but that there was no minimum in the curve. ALEMENS“? 


oe 
dv 
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has pointed out that the shape of all these curves could be partially 
explained if one assumed that some lattice thermal conductivity was 
present, but since the minima in the first two experiments cited do 
coincide with the temperature of the electrical resistance minimum, 
it seems certain the effect has something to do with this anomaly as well. 


The Effect of a Magnetic Field on the Thermal Conductivity 


It has been found that the thermal resistivity of many metals increases 
on the application of a magnetic field in a similar manner to the way 














Fig. 4. Plots of WT against 7° for magnesium by various workers, 


showing the anomaly which is associated with the electrical resistance 
minimum. SW—SpouR and WeEsBeER,"*’ KSW Kempe ef al.,‘* 


R—ROSENBERG"*"? 


in which the electrical resistivity is also increased. It is rather unfor 
tunate that this phenomenon cannot be explained at all on the free 
electron model of a metal since such a model gives rise to zero magneto 
resistance. This means that a more complicated model must be 
adopted and this has been done by SONDHEIMER and Witson® and 
by Kou ier.“ All these workers derive the same results although 
their methods are different. The model which they treat is one con 
sisting of two overlapping bands (i.e. the s and the d bands) and they 
assume that there is no interaction between one band and the other. 
The general form of the results depends on whether the number of 


carriers in one band is equal or unequal to the number of carriers in the 
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other band. If AW is the change in thermal resistivity in a field H 
compared with the value }(0) in zero field at the same temperature, 


then, if the number of carriers in each band is unequal, 
AW/W(0 1 H?/() B/H* (11) 
whereas if the number of carriers is equal then 
CH? (12) 


where A, & and C are functions of the temperature, }(0), and the 
number of carriers in each band It will be noted that whilst both 
equations show that for small fields AW is proportional to H?, Eqn. 
(11) leads to a saturation effect in high fields whereas Eqn. (12) does 
not. SONDHEIMER (Physical Society Conference on Crystal Dynamics, 
1957) has recently shown, however, that at high fields both Eqns. (11) 
and (12) should tend to a saturation value equal to the lattice thermal 
resistance. Experimental results have not so far shown any saturation 
effect (except for bismuth and antimony which will be discussed below) 
and that whereas in small fields AW is approximately proportional to 
H? this usually changes to a linear relation in higher fields. In view 
of the rather artificial nature of the model it is not surprising that the 
theory does not agree very precisely with the experimental observations. 

Early work on the magneto-resistance effect was done by 
GRUNEISEN and ApENsteptT™ who measured the effect of a 12 kG 
field on the thermal and electrical resistances of copper, tungsten and 


beryllium single crystals and of platinum and silver polycrystals at 


liquid hydrogen temperature. They found that it was only with the 


single crystals that Al) was appreciable and that the relative increases 
in the thermal resistance were not as large as the increases in the 
electrical resistance, i.e hat he Wiedemann-Franz law did not hold. 
This under certain circumstances can be shown to follow from Sonp 
HEIMER and Wutson’s” theory Thev@’)! showed that AW was 
proportional to H? for small fields but that the relationship tended to 
become linear The largest nange in W which they noted was for 
beryllium whose thermal resistance increased sixty times in a 12 kG 
field. De Haas and pe Nope. *) have measured the magneto 
resistance ot at ten iwle crystal in fields up to 36-4 kG between 
l4 and 20°K. At y found that the thermal resistance increased 
222 times in a field of 36-4 kG 

At liquid helium temperatures th ffect of a longitudinal field on 
pure tin has been determined by » up to 1-5 kG, and MENDELS 
SOHN and ROoOSENBERG™ car out a general survey and found 
appreciable effects in polycrystalline indium and thallium and in single 
crystals of cadmium, zine, tin, le id and gallium. Some of their measure 


ments were made in fields up to 18-5 kG but no sign of saturation of 
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AW was detected. In general they found that AW/W/(0), in a given 
field, increased at lower temperatures, and that a transverse field had 
much more effect than a longitudinal one. The effect of the field can 
be very marked. For a cadmium single crystal at 2°K the thermal 
resistance increased over 1000 times in a field of 18-5kG. Aters‘5) 
has recently taken measurements on zinc crystals in fields up to 60 kG 
and he too detects no saturation effect. Two further interesting points 
arise from his work. He shows that the value of AW/W/(0) can depend 
very critically on the orientation of the magnetic field with respect 
to the crystal axis—a change of about 5° can change AW/W/(0) by a 


Therma Electrical 
resistance resistance 


Fig. 5. The oscillatory nature of the thermal and electrical magneto- 
resistance of zinc in high magnetic fields, H.'°’ The extra anomalous 
resistance is plotted against 1/H 


factor of three at 60 kG—and this effect was also shown by Griineisen 
and his co-workers. Alers also showed that if the field was parallel 
to the hexagonal axis of the crystal an oscillatory variation was 
impressed on the more or less linear curve of AW/W(0) against H. It 
was found that these oscillations were periodic in 1/H (see Fig. 5). 
These variations are characteristic of the de Haas—van Alphen effect 
(i.e. the periodic variation of the magnetic susceptibility with the field, 
which is found in some metals at low temperatures) and seem to be a 
reflection of this effect in the behaviour of the thermal resistivity. 
Alers also found a similar effect in the electrical resistivity. STEELE 
and Basiskin“® have found the same type of oscillatory behaviour in 
the electrical and thermal resistivities of bismuth. 

Whilst the details of the magneto-resistive effect are difficult to 


account for properly, KoHLER™® has derived a general equation which 


fits the results quite well. This is 
AW/W(0) J|H i (O)TL) ; ; ; » tid} 
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where J is some function which may or may not be of the form of 
Eqns. (1! Eqn. (13), which is an extension of Kohler’s rule for 
electrical resistivity, shows that we should expect a larger magneto 
resistive effect if we are at a lower temperature, or if (0) is smaller, 
i.e. if we have a purer specimen. This is borne out by experiment; 


e.g. Hulm showed that whilst he got a magneto-resistive effect for 

pure tin, his specimens with small amounts of impurities showed no 

effect. Most of the other workers in the field have also shown this. 

In particular if the specimen is a single crystal it usually shows a much 

greater value of Ali /HW(0 If one assumes that L is constant then one 

would expect from Eqn. (13) that a plot of Al’/W(0) against H/W(0)7' 

would be a single curve for points taken on the same specimen 

at different temperatures Both Kouniter™ and MENDELSSOHN and 

RoseNBEeRG™ have shown that this is approximately true, although 
there is a shight spre vding of the points at the highest fields 

There is one important of the magneto-resistive effect that 

mentioned his arises when one considers metals which 

ble lattice thermal conductivity A Even though 

is itself usually limited by electron scattering, SOND 

have shown that A, will not be affected by the 

Thus in such a metal (e.g. bismuth 

part of the thermal conductivity will 

ite a simple analysis (for details 

review articl read\ ote : me can obtain the value 

ittice thermal conductivit the metal \ considerable 

if work on these li: | do 1 bismuth by pe Haas 

liquid nitrogen and hydrogen temperatures), by GRUNEISEN 


SHALYT®” (liquid helium to 


iductivities of antimony and 
1, 40 


ir manne 
itude of the magneto 
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the electrical resistance dropped to zero, there was any corresponding 


change in the thermal conductivity. Early experiments by OnNnzEs 
and Horst” published in 1914 showed that at the superconducting 
transition temperature, 7'., no discontinuous change in the thermal 
conductivity accompanied the disappearance of the electrical resistivity. 
It was not until the 1930s, however, that further investigations were 
made, mainly by pe Haas and his co-workers‘ *) and also by 
MENDELSSOHN and Pontius.“ They showed that when a metal 
became superconducting the thermal conductivity had a lower value 
than when a magnetic field was applied to bring it back to the “‘normal,”’ 
non-superconducting state. For a detailed report of this work and the 
much greater volume which has been done since 1946. the reader is 
referred to the review by MENDELSSOHN.” Since, however, this 
type of research shows yet another facet of thermal conductivity, and 
particularly since it has recently shown itself to be of considerable 
practical importance in cryogenic technique, the salient features will 
be described. 

Whilst the phenomenon of superconductivity has yet to be fully ex 
plained* and, as yet, no fully satisfactory theory is available, many of 
the experimental observations can be explained in terms of the “two 
fluid’ model of GorTEeR and Casimir.“ According to this theory the 
electrons form two groups, or fluids, the normal’ electrons, which 
occupy higher energy levels, and the “superconducting” electrons, 
which exist in a lower set of levels. Below the superconducting transi- 
tion temperature a certain fraction, z, of the electrons remain in the 
normal state, whilst (1 r) go into the superconducting state. As the 
temperature is reduced, more electrons become superconducting, and 
at the absolute zero a 0 The properties of the superconducting 
electrons are such that they are not scattered by the lattice waves 
or the impurities. Below the transition temperature, even though 
(1 x) might be quite small, there will be a thread or a fine network 
of superconducting electrons which will “short circuit’’ the resistance 
due to the normal ones, and hence the metal will have zero resistivity. 
The experiments of Daunt and MENDELSSOHN”) led to the conclusion 
that the speciic heat of these superconducting electrons is zero and 
hence, from Eqn (2), they cannot contribute to the heat transport. 
Hence, as the temperature is reduced below 7',, fewer and fewer 
electrons can carry the heat, and so the thermal conductivity becomes 
much less than it is when the metal is in the normal state. In pure 
metals this is indeed the general observation, but the behaviour can be 
shown to fall into two groups. When the transition temperature is on 
the high temperature side of the thermal conductivity maximum (i.e. 


* For a detailed description of superconductivity the reader is referred to Shoenberg’s 


ty (Cambridg L ni rsitvy Press, 1952 
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for the superconducting state meets the 
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temperature Ls reduced more and more electrons leave the normal 
state and become superconducting [according to the Gorter—Casimir 
theory the fraction of normal electrons is (7'/7',)*] and hence the 
lattice waves are no longer scattered so much. This means that the 
lattice conductivity will start to increase appreciably below, say, 
about 0-37',, and at lower temperatures one might expect the con 
ductivity to be almost entirely due to the phonons. To check this, 
experiments must be done below 1°K This was, until recently an 


W/cm deg 


supercon 
nperature, 
multi 


er scale 


unknown region for thermal conductivity measurements, and new 
thermometric te¢ nniques had to be devised before satisfactory results 
were obtained. The earliest experiments were made by Herr and 
®) and later by GoopMan,®” but more precise work has since 


RENTON and MenpE.Lssoun?, 5, &®) and by 


DAUNT 


hee n published by (OLSEN 
LAREDO 55 These workers show that at the lowest temperatures the 
thermal conductivity in the superconducting state is proportional to 


T®? 
g. diamond and Al,O, 


of non-metals (e.g 
lends weight to the lattice conduction hypothesis 
can be shown that the 7 dependence for the thermal conductivity is 


This is the same t« mperature dependence as is obtained for crystals 
at low temperatures, and this 
For non-metals it 


due to the fact that the phonon mean tree path is so long that it is 
n gn (2) should 


of the specimen, i.e. / i 
By inserting measured values of 
calculated, and it does indeed 
In the 


being limited by the size 
equal the diameter of the specimen 


the conductivity in Eqn 2) 1 may be 


agree quite well with the specimen diameter (see BERMAN“! 
agreement between / and the 


se ot superconductors however the 
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diameter of the specimen is not entirely satisfactory. LAREDO’s results 
on tin® show that / is less than three-quarters of the specimen dia 
meter and MENDELSSOHN and Renton® show that for their tin 


specimen, / was about one-third of the diameter. At the moment it is 


not possible to say whether these discrepancies are due to crystal 
I \ 


imperfections or whether there is also some other type of scattering 

process present Chere seems to be no doubt, however, that the heat 

transport in this region is by the phonons, even though the details are 
not yet properly understood 

When a superconductor is placed in a gradually increasing magnetic 

field, the field suddenly starts to penetrate the specimen (at a strength 

dependent on the shape ot the specimen and the direction of the field), 

until at a field strength H, all the metal has become normal (H, depends 

on the metal and the temperature Che electrical resistance returns 

and the electronic properties are those of an ordinary metal. The range 

between where the field first starts to penetrate and H, is called the 

transition region. If now the field is once more reduced to zero, the 

specimen does not always return to its original superconducting state, 

although its electrical resistance again drops to zero. Magnetic suscepti 

neasurements, however, quite often show that some parts of the 

iormal in zero field and that there remains a so-called 

It will be seen at once that this type of behaviour is 

ible for investigation by thermal conductivity measurements 

» it should possible to get an idea of the amount of metal which, 

trapped by this frozen-in flux, remains normal Accordingly many 

experiments have been mi on these lines. The thermal conductivity 

has been measured he d has been increased up to H, and then 
decreased to zero once more 

transition rion itself has been investigated to 

hermal « changes as the field penetrates 

experimental procedure has been to take 

vity measurements as the field was increased in steps 

from zero to H. and then re <i back to zero again. Usually two sets 

in fields which were transverse and 

is. It is unfortunate that such experi 

to interpret as might have at first been supposed. 

onductivity as the field was increased was not exactly 

it was decreased, and so a form of hysteresis curve 

\t higher temperatures the results were, perhaps, 

ive been expected At the point where the magnetic 

irted to penetrate the specimen (in a transverse field with a 


specimen this shou d occur at LH the thermal ( onductivity 


st urted to in reas as parts ol tne 
increasing field it gradually rose until at H, the normal conductivity 


specimen became normal, and with 
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was attained. As the field was reduced this curve was more or less 
retraced, although there might be some hysteresis (Fig. 8). 

At low temperatures, particularly with superconducting alloys, much 
more complicated behaviour was observed. As the transverse field 
first penetrated the specimen the conductivity dropped, passed through 
a minimum and then rose to its normal value at H,. On reducing the 
field this behaviour was not repeated—no minimum was observed and 
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Fig. 8. The change in thermal conductivity of a lead—bismuth alloy 
at 5-4°K when superconductivity is destroyed by a magnetic field.“® 
Full line—field increasing; broken line—field decreasing 


the conductivity in zero field was usually lower than it had been in the 
original superconducting state. Such behaviour was first shown in 
niobium and in lead—bismuth alloys by MENDELSSOHN and OLsEN“® 
(Fig. 9) but it has since been found in pure metals, e.g. tin, lead and 
indium.?, ) The explanation of the minimum in increasing field is 
still not generally agreed—one possible reason is that it is due to lattice 
conduction which is reduced because the lattice waves are being 
scattered at the boundaries of the normal/superconducting phases 
(SLADEK®®), Renton), Larepo and Prepparp®)), Other writers 
(Hutm®), DetrwiterR and Farreank?), WersBER and SponHr®?) 
suggest that in certain cases it is due to the scattering of electrons at 
the phase boundary. 
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The fact that the conductivity does not return to its original value 


after the completion of a magnetic cycle has in some cases been taken 
us evidence of considerable frozen-in flux in the specimen. SHIFFMAN, ‘®? 
however, in work on tin-indium single crystals, has taken both mag 
ind thermal conductivity measurements on the same specimens 


net 
und he showed that some specimens which exhibited no frozen-in flux 
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the thermal conductivity of super 

series of superconducting alloys, 

ind tin-indium. The 

| here as they are very complicated 
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the temperature and the impurity content, the interpretation of the 
results leads to considerable uncertainties. The reader is referred to 
KLEMENS"™) for a general review. 


The Thermal Switch 
It has probably struck the reader that the above brief review of the 
thermal conductivity of superconductors has been a description of 
experiments which have been extremely academic. As so often happens 
in scientific research, however, the most academic experiment suddenly 
becomes of practical importance. This has happened most decidedly 
in the thermal conductivity of superconductors. One of the problems 
which have to be tackled in any cryogenic experiment is that of thermal 
contact. If a specimen has to be cooled it must be connected with a 
heat sink, e.g. a bath of liquid helium or a paramagnetic salt below 
1°K. At helium temperatures this is fairly simple to achieve as the 
contact can usually be a rod of pure metal such as copper. It is some- 
times desirable, however, to break the contact so that the specimen 
should be isolated and, if the contact has to be made again at a later 
stage of the experiment, this is difficult to achieve. It is possible to 
use helium exchange gas to provide contact but below 1°K the vapour 
pressure is very low and so the heat is not conducted away very quickly. 
The gas is also difficult to pump away when isolation is required. 
Mechanical contacts can be used, but, as the work of Berman‘) has 
shown, these usually have a high thermal resistance and moreover this 
resistance tends to increase if the pressure on the contacts is released 
and then reapplied. It has been suggested independently by several 
authors’ that the difference in the thermal conductivities of a metal 
in the normal and superconducting states could be utilized in a thermal 
switch which entailed no moving parts and would operate instanta- 
neously when a field greater than H, was applied to or removed from 
the metal. The lower the operating temperature below the transition 
temperature, the larger is the ratio between the two conductivities, 
and it is therefore advisable to use a metal which has a high transition 
temperature. Accordingly, lead (7’, 7-2°K) is the most convenient 
to choose and since it can be obtained in a very pure form the con- 
ductivity in the normal state (when the switch will be “‘made’’) will be 
high. Such a switch will be most effective in the demagnetization 


region below 1°K since here, as has already been discussed in this 


article, the superconducting thermal conductivity seems to be mainly 


due to the lattice vibrations and is very low. Hence the heat flow 
when the switch is “open” will be small. As the ratio of the two 
conductivities is proportional at least to 7?/7™, this ratio can be of the 
order of several hundreds or thousands to one, depending on the 
operating temperature below 1°K. 
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Such a switching device has been used successfully in two main 


types of experiment DarBy et al.) in their work on two stage 


demagnetization used a lead contact between some paramagnetic 


salt which was demagnetized to 0-25°K and a second salt which was 
cooled via this contact by the first salt The second salt could be 
demagnetized further after it had been isolated by making the lead 


low temperatures could be reached 


superconducting. In this way very 

by the second salt using relatively low magnetic fields. By demag 

netizing from a field of 9000 G a temperature ol approximately 1O-*" KK 

could be reached The switch was so efficient that the heat influx 

to the salt was only | erg/min and the temperature was kept below 
10-**K for 40 min 

Dhe supe reonducting switch has also been used by Heer et al.’ in 

o-called magnetic retrigerator Iwo lead strips are used to 

a working substance with a paramagnetic salt and the salt 

ith a helium bath boiling at about ! By alternately connecting 

he demagnetized paramagnetic salt to the working substance and then 

lagnetizing it agall ! oO t with the helium bath (to 

ind then reconnecting it to the 

ound a refrigeration cycle. By operating 
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at low temperatures. Many of these topics have been dealt with in 
detail in earlier articles in this series and we shall therefore not go into 
theoretical details except in so far as they are necessary for an under 
standing of the low temperature results. In general we shall be con 
cerned with work of a more fundamental nature which has been 
carried out at 90°K or below. A comprehensive compilation of engineer 


ing data on metals below room temperature is given by TrEp.‘7° 


The Sire ngth of Metals at Low Te m pe ratures 


As has been mentioned above, the first experiments on the tensile 
strength at 20°K were made by pe Haas and Hapriexip.) They 
made measurements on iron of 99-85 per cent purity, four carbon 
steels, thirty alloy steels, four non-ferrous alloys, and commercial high 
purity copper and nickel. They found that the tensile strength in all 
cases increased between room and liquid air temperature, but that 
for iron and most of the steels there was no further increase in strength 
at 20°K because brittle fracture occurred. Only in the case of steels 
with high nickel content was this brittle fracture inhibited. For 
copper, nickel and the non-ferrous alloys, however, the strength 
increased down to 20°K For example, the tensile strength of copper 
at 20°K was about twice its room temperature value and its ductility 
was also improved at low temperatures 

Since the war much more work has been started on these lines. 
Whilst a great deal of this has been concerned with tests on techno 
logical alloys measurements on pure metals have also been reported. 
Eiprin and Coiiris" have designed a machine which can apply 
loads of up to 30 tons at liquid helium temperatures. They describe 
measurements on 1020 steel at temperatures down to 12°K. In con 
firmation of the work of pz Haas and Haprie_p™? they also found a 
temperature 61-5°K) below which brittle fracture took place although 
the y found that as the temperature was decreased below this to 12°K 
the brittle fracture strength did not remain constant but increased 


Te 
slig 


htly Uznark' describes an apparatus in which loads of 8 tons 


can he applied und this has been used at room temperature 78 K 


and 20°K to obtain the stress—strain curves of several steels, bronze 
and duralumin. He also found that brittle fracture occurred below 
78°K and he concluded that the lower the critical shear strength (or 
yield poimt at room temperature the greater was the percentage 
change in shear strength at low temperatures and the more was the 
likelihood of brittle fracture occurring. He also found that a nickel 
chromium steel showed ductility at 20°K thus being in agreement 
with the observations of pe Haas and Haprretp™? that nickel 
inhibits brittle fracture 

WesseE.L'®) has recently described an apparatus in which loads of up 
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be upplied it temperatures down to 4:2°K This has 


un 
been used for investigating the brittle fracture and the ductile—brittle 
transition which occurs in ne metals. In a preliminary paper’ he 
reports investigation o! the stress-—straim curves down to 42°K of 
1 number of metals from the various crystallographic ty] He shows 
th for the face-centred cubic metal, nickel, and for hexagonal 
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the pre-yield plastic strain is due to the movement of dislocations 
which are then piled up at grain boundaries or other barriers. Due to 
the very high stresses produced in the region of these pile-ups, new 
dislocation sources are eventually activated which break through the 
grain boundary barriers and produce the yield point phenomenon 
At lower temperatures, due to there being less thermal activation, 
the yield stress increases (i.e. the stress at a pile up must be increased) 
before any break-through can occur, and hence the pre-yield plastic 
strain will increase. Eventually, however, the strains required will be 
so large that the highly localized stresses which are produced in the 
dislocation pile-ups will cause cleavage in unfavourably oriented 
regions and hence micro-cracks will develop. In favourably oriented 
regions plastic flow will still occur, but due to the spreading of the 


micro-cracks the amount of pre-yield extension will be reduced At 


still lower temperatures, as the \ ield stress increases furthe many 


micro-cracks will form after a very small amount of plastic strain, 
and brittle fracture results after a very limited extension. Thus this 
theory of brittle fracture does explain the observations on the pre-} ield 
plastic strain. Wessel points out that whilst it does not seem possible 
to avoid brittle fracture in some metals, it might be possible to lowe! 
the brittle transition temperature if the yield stress could be reduced 
This could be achieved by reducing the possibility of the formation of 
large dislocation pile-ups either by having a very small grain size (o1 
perhaps by producing a dispersed second phase within the grain) or 
by having a very much purer metal 

Measurements on the shear strength of metals between 4-2 and 300°K 


have been reported by Simon et al The prime object of thei 
experiments was to determine the temperature variation of the co 
efficient of friction, but in some subsidiary work the shear strength 
was measured by finding the force necessary to shear the metal with a 
punch and die. They point out that due to the uncertainty in the 
actual distribution of stress, this method might not give accurate 
values but that there seemed to be no reason to doubt the relative 
changes which were measured. Measurements were made on Fe, Ni 
Cu, Pb, Zn and Sn. For Sn and Zn there was little change in shear 
strength between 4-2 and 300°K, but for Cu, Ni and Fe its value had 
approximately doubled by 4-2°K and for Pb it had increased by over 
four times 

\ very detailed study of the tensile properties ot single crystals of 
high-purity iron has been made by ALLEN ef al.“ Stress—strain 
curves were taken from 20 to 373°K and they cover the range from 
cleavage (brittle) up to fully ductile fractures. Due to the fact that 
single cry stals were used, the type of fracture obtained at low tempera 


tures was very dependent on the crystallographic orientation of the 
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specimen In agreement with Wessel they found the very rapid rise 
in yield strength at low temperatures, which one expects in a body 
centred cubic metal, and they also observed that, below 90°K, the 
cleavage strength was not constant, but that it rose to a higher value 
at 20°K. This is a similar observation to that of ELpry and CoLtiis™ 
on the fracture strength of steel to which we have already referred 
Measurements of the ultimate tensile strength of a number of poly 


crystalline pure metals between 4 and 300°K have been made by 


ig. 1l. The variation with temperature of the ultimate tensile strength 
some metals Note that even between 20 and 4-2°K there is still a 
ght increas« , Che curve for zinc is different from the others as it 


has a brittle transition at low temperatures 


McCammon and Rosenpera.'* Some representative curves are 
shown in Fig 11 and it can be seen that in most cases the increase in 
strength at low temperatures is very considerable. In aluminium, 


for example, the tensile strength increases about four times between 


room temperature and 4-2°K, and most of the other metals double 


their strength. It is a pity that at the moment a quantitative theory 
is not available to account for these observations and the others of a 
similar nature which have been described. There seems to be no 
doubt that the increased strength of metals at low temperatures is due 
to the fact that the external stress must be increased to move the 
dislocations in order to compensate for the lack of thermal activation. 
Such ideas can be developed in order to derive the temperature varia 
tion of the critical shear stress (SEEGER? The final strength of the 
metal, however, is much more dependent on its work-hardening 
characteristics, and this makes a full solution of the problem far less 
tractable 
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It has been possible in this section to mention only that work which 
has covered the range down to 20°K or below, and we have not been 
able to describe the very extensive experiments which have been 
made in the last few years at temperatures down to that of liquid 
nitrogen (78°K) as these would merit a separate article. For a report 
on some of this work the reader is referred to the review article by 
MApDDIN and CHEN” in an earlier volume of this series. 

Whilst not actually concerned with the measurement of strength, 
mention should be made of the work of BLEewrrr et al.'*?) who have 
taken stress-strain curves at 4°K on several single crystals of copper. 
This work is of particular interest as the curves instead of being of the 
usual parabolic shape have a very extended linear work-hardening 
range. The authors suggest that such a linear work-hardening occurs 
before the dislocation pile-ups break through their barriers (e.g. 
mosaic boundaries) and at low temperatures, due to lack of thermal 
activation, this break-through will only occur at relatively high 
stresses. A detailed theory on these lines has been recently published 
by FRIEDEL. 

FONTANA and his co-workers, 1%, 1%) have measured the tensile 
strength, elastic moduli and hardness of many metals used in aircraft 
construction and their work is referred to in more detail below in the 
section on fatigue. 


Serrated Stress—Strain Curves 

Many observers have reported that the stress-strain curves of several 
metals at 4-2 or 20°K exhibit serrations, instead of giving the smooth 
curve usually obtained at higher temperatures. Uzurk‘’®) shows such 
a curve for an austenitic steel at 20°K and Wessex, 7, 7, 7) obtained 
similar curves for many of his specimens at 4-2°K. These curves are 
very similar to those obtained for cadmium single crystals (see for 
example THompson and Mintarp™®) in which twinning occurred 
during the extension, and BLewirr et al.5?) have ascribed the term 
“apparent twinning”’ to serrated curves which they obtained for copper 
single crystals pulled at 4-2°K. They have since shown” by x-ray 
methods that this is, in fact, true mechanical twinning. It seems un 
likely, however, that this would be the mechanism in every case when 
one considers the wide range of metals in which it has been observed. 

This type of behaviour does occur sometimes at higher temperatures 
and here it can be explained on the basis of dislocations breaking away 


from an impurity atmosphere which then diffuses so as to re-anchor 


the dislocations. This does not seem to be a possible mechanism for 
the observations at 4-2°K, where the probability of diffusion must be 
very small indeed. Wessel suggests that some more general dislocation 


mechanism might be invoked. Under the high stresses necessary for 
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deformation at low temperatures a “burst” of dislocations might be 
produced in which there would be considerable plastic flow. These 
would then interact with one another and hence restrict the flow until 
another burst was produced in another region of the specimen. 

More light has been shed on the problem recently by Basrtnsk1™®? 
who has shown that for pure aluminium the serrated curves can only 
be obtained at 4-2°K but that thev can be produced at higher tempera 
tures with aluminium alloys. These have a much lower thermal 
conductivity than pure aluminium at higher temperatures and this 
suggested that the effect is connected with the rise in temperature of 
parts of the specimen so that unstable flow can then occur. This was 
checked by using a specimen with a niobium wire through the middle; 
this wire is superconducting at 4-2°K and becomes normal at 9-2°K. 
Basinski shows that when the specimen was pulled at 4-2°K the niobium 
wire did become normal indicating that a very appreciable temperature 


rise occurred in the specime! and he noted that this coincided with the 


drop in the stress-strain curve. It does seem, therefore, as if the effect 


might sometimes be due to the unstable flow which he suggests. 


The k lastu Moduli at Lou T'¢ m pe ratures 


Whilst it is possible to determine the various elastic moduli by tensile, 
torsion and compressibility measurements, low temperature determina 
tions of these quantities have tended to rely on ultrasonic techniques. 
In some experiments the resonant frequency of the specimen has been 
determined, whilst in others the transit time of very high frequency 
pulses (of about 10 Mc/s) has been measured. From the technological 
point of view the variation of the elastic constants is very small. 
rhere is a slight increase in their value as the temperature Is decreased 
but between room temperature and 4-2°K this increase is usually less 
than 10 per cent Fundamentally, however, the low temperature 
values are important, since these are the values which should be used 
in checking the theory of cohesion and specinc heats It should be 
noted that from the third law of thermodynamics the slope of the curve 
of elastic constant against temperature should tend to zero as the 
absolute zero of temperature is ipproached 
Ultrasonic methods have been used in measurements on aluminium 
gie cry stals by Sutton“) and on coppel single crvstals by OVERTON 
GAFFNEY.“ A typical curve from the latter work is given in 
12 in which the variation of the constant Cay W ith temperature from 
4 to 300°K is shown. The decrease in slope towards zero at the lowest 
temperatures will be noted Above about 6/3 the curve is linear. 
Sutton’s work on aluminium has been done between 63 and 773°K 
and this gives very similar results to that on copper 
The only other measurements on these lines have been on crystals 
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of germanium and silicon. Frve® determined the resonant frequency 
of his germanium crystals between 1-7°K and 275°C whereas 
McSxrimin*?) measured the velocity of ultrasonic waves (of from 10 to 
30 Me/s) in his specimens of germanium and silicon. Considering the 
difference in their methods and in their specimens, there is very good 
agreement in the results of these two workers. The general form of the 
results is similar to those for Al and Cu. 

It should be remarked that ultrasonic experiments give the adiabatic 
elastic constants and that the isothermal constants must be calculated 
from these. Since the correction term is a function of the ratio of the 
specific heat at constant pressure to that at constant volume, there is 
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very little difference at low temperatures between the adiabatic and the 
isothermal values. OvERTON and GAFFNEY) have made the necessary 
calculation for copper and they show that even at 100°K the difference 
is less than 0-5 per cent although by room temperature a correction 
of about 3 per cent is needed. 

Low temperature compressibility measurements have been made by 
SweEnson'®®) who measured the volume change of all the alkali metals 
for pressures up to 10,000 atm at 4-2 and 77°K. As one would have 
expected from the other work which has been described in this section, 
there was very little change in the compressibility below 77°K. The 
values of AV/V (where AV is the change in volume) are shown in 
Fig. 13. It will be noted that as one goes from lithium to caesium the 
metals become very much softer. The dilatation observed is quite 
considerable. For caesium at 4:2°K there is a change in volume of 
about 25 per cent when a pressure of 10,000 atm is applied. The results 
(89) 


have been compared with calculations by BARDEEN which are 


369 





PROGRE rAL PHYSICS 


based on the Wigner-Seitz theory of cohesion but it is shown that, 
except for sodium discrepancies exist which are outside the exper! 
mental error and are probably due to the over-simplified nature of the 
model. Much better agreement (except for lithium) is achieved if the 
lattice constants (from density determinations) are compared with those 


9O 


calculated by Brooks One interesting observation in these exper! 


ments was the discovery of a possible transformation in rubidium at 


77K. In one run there was a sudden change in volume as the pressure 


0-30; 


Compressions of the 


was being applied, and hange persisted even when the sample 
was warmed to room temperature under zero pressure. The density was 


about 10 per cent higher than for the normal metal, and instead of 


nen did not melt even at 100 it was 


periments failed to reproduce this effect 

1 be very difficult to ascribe it to any 

ible therefore that it might be due to a 

ce some of the other alkali metals are 
temperature transformations, a transition In 
surprising 
elasticity occurs when a metal becomes 
umic reasoning shows that when a metal 


there should be a very small change in the 
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elastic moduli (see SHOENBERG™), At one time it was thought that 
this would be much too small to measure, but very delicate static 
torsional experiments have been made by OLsENn‘*”) in order to detect 
this change in polycrystalline tin. He found that on destroying 
superconductibility with a magnetic field the relative change in the 
shear modulus AG/G was of the form 3-5 1O- 1 (7'/T'.)*|, where 
7’, is the superconducting transition temperature (3-7°K). Such an 
expression is in good agreement with theoretical calculations by 
Preparp.® Similar work using an ultrasonic method has been 
reported by Lanpaver”® who used tin single crystals. Whilst he 
also found that the effect was larger at lower temperatures, the magni 
tude of his changes was very much greater than those found by Olsen. 
At the moment there seems to be no explanation for the discrepancy 
between these two sets of work. 


The Creep of Metals at Liquid Helium T'¢ mperatures 


Experiments over most of the normal experimental temperature 
range show that creep is very temperature dependent. The extension 
per unit time under a given load increases very markedly as the 
temperature is raised. All theories of creep have had to take account 
of this fact, and in the general explanation it is assumed that under 
the applied load, dislocations could not break through the barriers 
which were obstructing their movement and that thermal activation 
was necessary to provide the extra energy for the barriers to be over- 
come. Independent of the details of the model used, the extension, e, 
is always given by an expression of the form ¢ kT f (stress, time), i.e. 
the extension should be proportional to the absolute temperature. 
Most of the experimental evidence supports this result; for details 
the reader is referred to the review article by SuL.y. 5) 

In 1930, MerssnerR ef al.) made experiments to see if they could 
detect creep in cadmium crystals at liquid helium temperatures, and 
they showed that quite measurable extensions (of the order of a few 
tenths of a per cent) were recorded in the first few minutes of a test 
They made experiments at 4-2 and at 1-2°K and the curves which 
they published indicate that the creep rate was very similar at both 
temperatures. This, of course, contradicts the prediction of the theory 
which has just been outlined. Experiments to check this early work 


have been made recently by GLEN and he too measured the creep 


on cadmium crystals in the liquid helium range. This work confirmed 


the fact that creep does occur at these low temperatures and that it 
is not very temperature dependent. Glen shows that the amount of 
creep observed is very much more than would be expected from the 
theory, although some measurements which he took at 77 and 90°K are 
in agreement with it. The experiments show that at low temperatures 
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The value 
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process in which a relaxation time, t, exists of the form ¢ 


Is an activation energy and RF is the gas constant 


where / 
about 0-1 e\ This means that the 


of U for this process is very small 


energy absorption cannot be due to the actual annihilation of any 


torm of detect he use if this were so 
In actual fact it was found that the copper had 


these defects would anneal out 


at room temperature 
to be heated to about 350°C. before the low temperature absorption 


some 


This indicated that thev were due to 


peaks were removed 
Mason“®) has suggested that this mechanism 


dislocation mechar 


might be the of segments of dislocation limes which are 
pinned at either et impurity atoms or by other dislocations 


Niblett and Wilks pomMmt out that this does 


to obtain a well-defined activation energ 
Since the position of the peaks 


not seem very likely since 


one requires a constant 


length of segment ich can vibrate 
is not dependent on impurity or on the exact amount of cold work 
both of which w lengths of the pinned segments) it 
does not appear like theory is correct A more likely 
explanation has been given by Seecer.“”’ This also involves the 
of segments of dislocation line 
iInique length of line along the close pac ked direction 


| 


but in this theory it is shown 


' 
oscillation 


that there is a 
which will bulge out alternately to the atomic planes on either side « 
This unique length is determined solely by 


its original pos 
considerations of um line energy and it is not dependent on any 
mechanical pinning at the ends of the segment It is thus more in 
accord with the experimental results Quantitatively the theoretical! 
the activation energy is in reasonable agreement with that 


found by experiment Ithough for complete agreement a value of the 
ed which is an order of magnitude higher than 


value of 


Peierls force must be u 
that found by conventional tension experiments. Seeger points out 


~ 


~* 
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tension experiments might give a value of the Peierls 
low because a large fraction of the dislocation lines 

we packed directions and hence the effective 

reduced. Nipierr’®*) mentions that it is possible 

| friction experiments might, in actual fact, be the best 
if determining the correct value of the Peierls force and this 
o. provided that one or two othe points in the theory 
for the line energy of a dislocation) can be cleared 

two internal friction peaks are observed can be 

that in a face-centred cubic lattice there are two 

ms in the close packed plane in which vibrations can 


these would be expected to have different activation energies 


Tempe 
Second World War have seen a very large 
m fatigue, it is surprising that few 
very low temperatures. When one con 
problems of aircrait operating at great 
not surprising that the first reports of low 
experiments concerned themselves with aircraft 
hese experiments were made by Fontana and his co-workers 
the first paper by ZAMBROow and Fontana” dealt with measure 
magnesium and iminium alloys and on various stainless 
as shown that in all cases the fatigue lifetime at liquid 
nitroge1 ‘mperature ul 1 given alternating stress was about ten 
times greater than the lifetime at room temperature. Tests at 78° 
intermediate curves. Hardness and tensile tests were also made 
the specimens and it was noted that there was a strong correlation 
tween the tensile and the fatigue behaviour. For metals in which a 
decrease in temperature prod “1 a large change in tensile strength 
there was a correspondingly large change in fatigue strength, whereas 
ose specimens whose tensile properties were not very temperature 


cit pena nt did not show very much change in the fatigue strength 


Later papers” g » similar data on titanium and titanium alloys. 


ilso sho Ul » effect of temperature on notched specimens 

1 innotched ones 
1 new type of helium liquefier in which a brass 
produce a change in volume at low temperatures 
LONG and Simo? ” noted tha ie lifetime of these bellows at low 
temperatures was very much greater than it was at room temperature. 
This observation started a more fundamental investigation on the 
yw temperature fatigue of brass and later of copper This work, by 


McCamMMon and ROSENBERG has been concerned with the measure 


of fatigue behaviour down to 4-2°K. They have confirmed the 
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work of Fontana and his group and have shown that the fatigue 
characteristics of copper continue to improve at 20°K and that there 
is a further improvement between 20 and 4-2°K (Fig. 15). They have 
also measured the ultimate tensile strength at these temperatures 
and have shown that the increases in the ultimate tensile strength are 
in almost exactly the same ratio as are the increases in the fatigue 
strengths. Later work has extended the measurements to the other 
face-centred cubic metals, silver, gold, aluminium and nickel, and to 
hexagonal cadmium and magnesium, where similar results were found. 





Peak stress, dyn cn‘ 


.—— 





Cycles to failure 


Fig. 15. The fatigue of copper at room temperature, 90, 20 and 
arn 


The case of aluminium was particularly interesting because its tensile 
strength increases over four times between room temperature and 
4-2°K. This large increase was reflected in the fatigue curves and gave 
rise to very large changes in lifetime when the temperature was altered. 
setween room temperature and 4-2°K the lifetime under a given 
stress increased by a factor of about 10’. Anomalous behaviour was 
shown by zine and iron which have a transition to brittle fracture at 
low temperatures. Below this temperature the fatigue strength de- 
creased and it was, in fact, very difficult to fatigue these metals at all 
in this range. 

These low temperature experiments throw useful light on the funda- 
mental mechanism of fatigue, in that they show that thermal diffusion 
is not necessary in order to initiate fatigue cracks. If it were, then there 


should be virtually no difference between the fatigue curves taken at 


20 and at 4-2°K, whereas there is a considerable change in this tempera- 
ture region. This does not mean that at higher temperatures diffusion 
need not be taken into account, but it is clearly not fundamental to 
the problem. From electron microscope studies of copper specimens 
fatigued at 4-2°K, Corrretnt and Hutt”) have proposed a purely 
geometrical mechanism involving the interaction of intersecting slip 


or 
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planes, to produce surface micro-cracks. Once the fatigue crack has 
formed, its growth will depend on whether the stress concentration at its 
tip is such that the metal can work-harden until the fracture strength is 
exceeded in that region (see Heap™®). If it can, then the crack will 
spread. On this basis one can see why there is such a strong correlation 
between the fatigue and tensile strengths although no detailed explana 
tion has yet been given. The fact that fatigue behaviour does vary so 
much with temperature is very useful in studying the fundamental 
aspects of the problem because we now have a method of altering the 
fatigue characteristics of a metal without recourse to alloying, special 
heat treatments or prestraining, all of which introduce unknown 
factors into the structure of the metal 

Another aspect of the work has been concerned with the measurement 
of the amount of work hardening which has been introduced into the 
metal when it is fatigued. It was found that when a metal was fatigued 
at a certain stress for a given time at room and at lower temperatures, 
then stress-strain curves taken afterwards on the same specimens at 
room temperature showed that the lower the fatiguing temperature, 
the softer was the specimen In order to determine whether a longer 
period of fatiguing at the low temperatures would have increased the 
hardness, measurements were taken to see how the hardness increased 
as a function of the number of fatigue cycles. It was found that, 
independent of the temperature, the hardness rose to a final constant 
value after the first few thousand cycles Thus the softness at low 


temperatures could not be exp! ined on this basis. Experiments were 


also made after fatiguing at low temperatures with a stress which had 
been increased to that at which the lifetime would have been the same 


is that of the specimens fatigued at room temperature. These showed 


that the specimens which had been fatigued at the low temperature 


were now harder than those fatigued at room temperature. There 
loes not seem to be, therefore, any simple correlation between work 
hardening and fatigue as a function of temperature. 

Nevertheless. the cold work introduced during fatigue is of interest 
because there is a growing body of evidence to show that this cold 
work is of a different nature from that which is introduced during uni 
directional extension. McCammon and RosenperG”@ have shown 
that for copper a considerable amount of fatigue cold-work anneals 
ut at a temperature of 100°C, which is much lower than the recovery 
temperature for cold work produced by extension. Broom and Ham‘ 
in experiments at 90°K and 293°K have shown that if stress—strain 
curves are taken after fatigue, the flow stress is much more temperature 
dependent than if the specimens were work hardened by tension. 
Thev suggest that this is because fatigue hardening might be due to 


the interaction of dislocations with point defects. This might be 
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expected to occur in fatigue since no large dislocation movements occur. 
This is particularly the case in their experiments because the final 
fatigue stress was reached only after a very gradual increase in load. 
Corroboration for this type of effect is given by McCammon and 
ROsENBERG™® who showed that the fatigue lifetime at 20 and 4-2°K 
depended very much on whether the full load was applied to the 
specimen immediately, or whether the loading was brought up from 
zero to its final value in about 10 sec (at 225 c/s). In the first case 


one might expect hardening by dislocation interaction since quite 


large movements would occur if the full load was suddenly applied to 
a soft annealed metal; in the second case the point defect hardening, 
as postulated by Broom and Ham, might become the dominant 
mechanism. These two types of hardening might lead to the different 
fatigue properties which were observed. 

Broom and his co-workers have also shown that certain processes 
which are activated by fatigue can be quenched if the fatiguing is 
done at 90°K. For example, they show that if a metal is strained by 
a certain stress and is then fatigued at a lower stress level, considerable 
softening of the metal occurs. Such a process, which presumably 
involves the movement of point defects, is almost inhibited at 90°K and 
very little softening is observed. In some work on aluminium alloys“ 
it was shown that the poor fatigue behaviour of D.T.D.683 is probably 
due to over-ageing during the test. This was demonstrated by the 
fact that at room temperature the fully hardened and the initially 
over-aged specimens both gave very similar fatigue curves, indicating 
that the fully hardened material had become over-aged due to the 
fatiguing. Confirmation was given by tests at 90°K. At this tempera 
ture the over-ageing during fatigue was quenched and hence the 
fatigue characteristics of the fully hardened metal were now much 
better than those of the over-aged sample. 


ELEcTRICAL Conpuctiviry aT Low TEMPERATURES 

An earlier article in this series”) has given an outline of the theory of 
electrical conductivity and has described much of the experimental 
work up to about 1951. Since then several hundred papers have been 
published on the subject and it will be possible to mention only a few 
selected topics in this article. A more detailed treatment of the theory 
and of some of the experimental results has been given by Ma 
DoNALD."!9) 

The general behaviour of the electrical resistivity at low temperatures 
is similar to that already described for the thermal resistivity. There 
are two resistive mechanisms: one is due to the scattering of the elec 
trons by the lattice vibrations, the “‘ideal’’ resistivity, and it therefore 
decreases at low temperatures, usually being proportional to 7® for 
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T <6. The other is the scattering by static impertections and impurity 
atoms, and this gives a constant term which at very low temperatures 
is the only one of any significance. Thus the resistance at low tempera 
tures tends to this constant value—usually called the residual resis 
tance—whose magnitude depends on the particular sample of the metal 
which is being measured. The ideal resistivity, on the other hand, 
should be the same for all samples of the same metal 

Most experimental values of the ideal resistivity are compared with 
the theoretical! expression of Gruneisen (see ref. 119 which is based on 
the free-electron model. Whilst the temperature dependence predicted 
by this theory does tend to 7" at low temperatures there are serious 
discrepancies when it is applied in detail. Firstly, the theory uses a 
characteristic temperature, #,. This is assumed to be constant, but if 


experimental values of the resistivity are fitted to the Griineisen 


fi 


rp Varies very considerably in many cases 


expression the value of 
Even for the alkali metals, which one might have hoped to be good 
approximations to the idealized model, 6, changes quite markedly 
except for sodium which does have a constant value. That the value 
of 6, is not constant is readily understandable, since it is well known 
that a crystal lattice does not vibrate strictly with a Debye spectrum and 
that the specific heat (see below p 385) also cannot be re presented by a 

tle value of 6. The effect of such deviations from the Debye spectrum 
on the resistivity has been calculated by CorRNiIsH and MacDonaLp”“” 
and they show that a much better agreement is obtained for lithium 
if a modified spectrum is used. As in the case of thermal conductivity 
there is considerable confusion as to whether 4, should correspond 
to the specific heat 6, or whether it should be 4, representing only 


the longitudinal lattice vibrations. MacDonaLp™*® points out, how 


ever, that the differences in the behaviour of 6, might not be due 
entirely to the lattice spect im but to variation in the actual electron 
behavio different metals To support this he cites the case of 
it 6 of both these metals exhibits 
temperatul dependence but whereas §, has a col 


sodium, it iries considerably with temperature for 


potassium If the anomalies i were due oniv to the lattice spectrum 


then one would have expected a similar variation for bo metalis 


fF spite of the uncertainty ’ ) ess possible 
to choose some kind of average vali 30 th | resistivity 
theory can be tested quant tively n tou it. for the 
ilikali n is in partici he theoretical \ ie of ft resistivity at 
/ 2 is about twi which 1 ow temperatures 
comparison is best d b inch rin | to the 


theoretical curve at high temperatures If this is don considerable 


deviations between the curves occur at low temperature lhe theory 
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can be modified by assuming that the interaction between two electrons 
is not determined by the expression e*/r but that a screened field 
of the form e*/r exp (— br) is used. Houston“ shows that such 
a screened potential gives results in much better agreement with 
experiment, although he still has to use some arbitrarily chosen 


3AR 


parameters. ZIMAN) has also considered the problem using | 
DEEN’s"*) work as a starting point. This takes into account scattering 
by umklapp-processes. He shows that in the case of sodium quite 
good agreement can be achieved, particularly if the scattering formula 
of Bardeen is modified. 

On the experimental side the electrical conductivities of all the alkali 
metals have been measured by MacDona p et al.“®) and they show that, 
with the exception of sodium, the ideal resistivity is proportional to 
T® at low temperatures. For sodium, however, an unexpected result 
was shown, because whilst there was a proportionality to 7° between 
8 and 15°K, the temperature dependence was raised to 7° below about 
9°K (see also Woops"**), The reason for the 7 term is not yet clear, 
although the authors suggest that it might be due to the fact that at 
very low temperatures it might not be possible for the lattice vibrations 
to remain in equilibrium during the passage of a current. They also 
show that the use of a screening parameter improves the agreement 
between theory and experiment. 

For copper, silver and gold, KLEMENs" suggests that the theory 
would be in better accord with experiment if it were assumed that the 
Fermi surface touched the zone boundary in some places. Prpparp’s'8? 
work on the anomalous skin effect of copper shows that this is probably 
true. When an electron drifted to such a part of the surface, it would be 
scattered to the other side of the zone and this would introduce an 


extra resistance. 


The Resistance Minimum 


The previous review article described an anomaly which is sometimes 
observed in electrical resistivity at low temperatures, namely a mini 
mum in the resistance of some metals. In the past few years further 
work has been reported although we still have no satisfactory explana 
tion of the existence of the minimum 

Most of the work on the resistance minimum has been made on 
copper, silver and gold, or their dilute alloys. A minimum can be 
produced by a very small amount of added impurity; for example 
PEARSON”) has shown that copper containing 0-005 atomic per cent 
iron produces a very marked minimum. GERRITSEN and LinpE””* 
have extended their earlier measurements on silver-manganese alloys 


to copper-manganese, copper—chromium, gold—manganese and gold 


chromium alloys. The copper and gold alloys show the same very 
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| per cent Mn the alloys became anti-ferromagnetic. Specific heat 
measurements by Smith (unpublished) on similar alloys show that 
there is a peak in the liquid helium range for those containing less than 
1 per cent Mn. It would seem likely that these observations should 
also be connected with whatever mechanism produces the resistance 
minimum, but it is not yet clear how all these phenomena should be 
linked together 

An interesting point arises as to whether at very low temperatures 
the resistance continues to rise, or whether it flattens off to a constant 
value. It appears that either can happen. In the case of dilute copper 
alloys Wurre"* has shown that the resistance has become constant 
by about 2°K whereas Menpoza and Tuomas) (for copper, silver 
and gold) and Crorrt et al.“*® (for gold) showed that the resistivity was 


still increasing in the demagnetization region 


The Re sistance dus lof old i} ork and Irradiation 


In the last few years many measurements have been made on the change 
of electrical resistivity when a metal is deformed or irradiated. Whilst 
such a change is not necessarily a low temperature effect, it will be 
appreciated that since the defects which are introduced affect only the 
temperature-independent residual resistance, a much larger percentage 
change in resistance is obtained if the measurements are taken at a 
low temperature than if they are made at room temperature. In 
addition, however, there is always the possibility that some of the 
defects which are introduced might anneal out at room temperature 
and hence the initial deformation must be carried out at a low tempera 
ture if the effect of all the damage is to be observed. If after deformation 
at a low temperature the temperature of the specimen 1s raised in 
steps to higher temperatures then any change in the initial resistance 
will indicate that some of the damage has annealed out. The study of 
such recovery curves, coupled with the resistance change produced in 
the original deformation. should give information which ought to 
assist us in determining the nature of the original damage. In some 
cases the recovery curve exhibits steps where no annealing occurs 1n 
between two temperature regions ot resistance recovery, and in these 
cases certain temperature regions can be recognized in which one 
presumes that well-defined, unique recovery processes occur. From a 
detailed study of such recovery curves one can calculate the activation 
energy ol the defect which has annealed and hence one can make 
assumptions as to what the defect was. Provided that the curves can 


be interpreted unambiguously, it can be seen that such resistance 


recovery experiments could provide very useful information. It is 


unfortunate that at the moment there are many conflicting ideas as to 


the various recovery mechanisms and a coherent picture cannot yet 
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be given A detailed review of earlier experiments is given by 
BROOM 

The outstanding thing about all the experiments however, is the 
very great amount of damage which can anneal out below room 
temperature. If copper, say, is strained at 20°K, then the resistivity 
will be increased by about 15 rr cent tor a strain of 10 pel cent If 
the specimen is allowed to warm up to room temperature and is then 
cooled down again and the resistivity is measured again at 20°K, it 
will be found that about half of the original increase has recovered, 
ulthough there is no recovery 1n the cold work introduced into the 
specime! It seems certain that the resistivity recovery must be due 
to the migration of point detects. Such ¢ xperiments were first made at 
78°K on copper, silver and gold, by MoLENAAR and Aarts.“**) More 
detailed work on the recovery curves by DRUYVESTEYN and MANIN1 
VELD‘)*, i showed the ex! nce i two regions ol recovery, one 
between 130 and 60°C and another between 30 and 50°C 
The activation energy in these two regions was ibout 0-2 and 0-88 eV 


respectively ater work has been reported by EaGGLestTon™ at 4°K 


L 
and by VAN BUEREN and JONGENBURGER”®, 48,14) at 20°K. The 


last named authors have suggested that the extra resistivity due to 
dislocations can be separated from that due to point defects by 
measuring the magneto-resistance of their strained specimens and then 
plotting the results on a Kohler diagram. Point defects, being iso 
tropic, will introduce no additional magneto-resistance above that of 
the unstrained metal, whereas if dislocations are present the curve on 
the Kohler diagram will be displaced. This displacement can only be 
removed if the specimens are heated above 200°C and hence it seems 
likely that it is caused by the dislocations Van Bueren™ has 
unalysed the results and comes to the conclusion that about half of 
the extra resistivity originally introduced by work is due to 
dislocations and the other half to point defects 

The recovery of the electrical resistivity introduced by low tempera 
ture irradiation has vielded vy interesting results. Cooper et a/l.“® 
irradiated copper, silver and gold at 10°K with 12 MeV deuterons 
On warming up they found that about 40 to 50 per cent of the coppel 
resistance recovered at about 40°K and the activation energy of the 
process was of the order of 0-1 eV. Similar results were found with 
silver. A recovery process at such a low temperature is very surprising 
and there has been much speculation as to the mechanism involved 
At one time it was thought to be the motion and annihilation of an 


| 85) on the release 


interstitial atom, but recent work by BLEwirrt et a! 
of stored energy in the temperature range of the resistivity recovery 
gives a value which is so small that the interstitial mechanism appears 


highly unlikely 
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LoMER and CotTrre.ti™*”) have shown that the mean number of 
jumps a defect has to make before it is annihilated, calculated from 
experimental data, is about 10’ for the 0-2 eV annealing stage (which 
is rather high if the concentration of defects is about 10-*), but only 
about 10 for the higher temperature, 0-88 eV stage. This figure is 
much too small and they suggest that all the defects might be of the 
same type, but that whilst some are annihilated in the first stage, 


others might remain trapped at, for example, impurity atoms. Energy 


would then be required to release the defects for these traps before 
they could migrate. They show that such a mechanism yields reason 
able results. They suggest that the high figure of 10’ for the 0-2 eV 
stage (where it was assumed that vacancies and interstitials annihilate 
one another) might be overcome by assuming that the interstitial 
cannot move freely in three dimensions but that it is constrained to 
move as a “crowdion’’ (PANETH"™*)) in one line. If this is so then the 
rather high number of jumps before annihilation can be understood. 
For a further discussion on the mechanism of the various recovery 
steps the reader should refer to SEEGER” and Broom"®?) in addition 
to the authors already mentioned. Much more work must be done, 
however, before we have a clear picture of all the processes involved. 


Superconductivity 

Besides the work referred to in other sections of this paper, perhaps 
some of the most interesting superconductivity experiments have been 
those in which superconducting behaviour has been altered or has 
been produced by mechanical means. Experiments by BuckEL and 
Hitscu"*) have been made on the resistance of thin films of metal 
which have been condensed on to a support at liquid helium tempera- 
tures. Under these conditions of preparation the atoms are in a con 
siderable state of strain and disarray, and it has been found that the 
superconducting transition temperatures of these films are very different 
from those of the bulk metal. In some cases the transition temperature 
is raised and in others it is lowered. One of the most interesting 
results, however, is that bismuth, which is not a superconductor, 
becomes superconducting when prepared as a film in this way, its 
transition temperature being 6°K. What is just as interesting is that 
warming the bismuth film up to about 13°K destroys its supercon- 
ducting properties. Here we have more evidence of the fact pointed 
out in the previous section that even at these very low temperatures 
migration in the crystal lattice is possible. More recent work by 
BartH™® has shown that the superconducting properties can be 
maintained even after annealing at 200°K if small amounts of other 
metals are deposited with the bismuth. 

Experiments on the superconducting transition at very high 
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pressures (10* and above) by Jones and his co-workers"! ®”) and by 
Hatron'’, *) have also shown that considerable shifts in the transi 
tion temperature can occul and, once more, under these conditions 
bismuth becomes superconducting.“ »*) Both these and the experi- 
ments of Buckel and Hilsch emphasize the fact that superconductivity 
is not a property dependent on the atom itself, but that the crystal 
structure plays a very large part in determining whether or not a 
metal is a superconductor 

One of the more complicated aspects of superconductivity has been 
that associated with the intermediate state which arises when a 
transverse magnetic field is gradually applied to a superconductor. 
At some stage the field penetrates the specimen and parts of it become 
normal. This is called the intermediate state. As the field is increased 
further the normal regions extend until at the critical field the whole 
of the metal is in the normal state. The structure of the intermediate 
state is of great interest since there have been many theoretical esti 
mates of the shape and thickness of the normal and superconducting 
regions. These are very dependent on the surface energy of the super 
conducting/normal boundary. Some experiments on the structure of 
the intermediate state were made some time ago by MEsHKOvSKY and 
SHALNIKOV®®’ who used a bismuth micro-probe to detect changes in 
the field along the specimen, but recently a new technique has been 
developed 186) which enables the different regions to be seen very 
clearly. The principle is very similar to the magnetic powder method 
for the investigation of ferro-magnetic domains. Niobium powder (a 
superconductor), which has both a high transition field and tempera 
ture, is sprinkled on to the specimen surface to be investigated. A 
magnetic field is applied to produce the intermediate state in the 
specimen and this field penetrates the specimen through the normal 


regions. Since the niobium is still superconducting and hence strongly 


diamagnetic, it is forced away from the regions where the field can 


penetrate and hence it only remains over the parts ol the surface 
which are still superconducting. Thus the structure of the intermediate 
state is shown. Besides giving values for the surface energy, these 
experiments have also confirmed the theoretical prediction that the 
laminae produced in a long rod are transverse to the rod when a 
transverse field is applied to the specimen 

There is still no satisfactory theory to account for superconductivity 
Both Frouticnu™® and BarpEEN”®*”) have developed models but the 
most promising is that of BARDEEN ef al.“** in which a specialized 
electron phonon interaction gives rise to a state which has zero electrical 
resistance and which also exhibits the magnetic properties of super 
conductors (Meissner effect For this state to be realized a certain 


condition has to be fulfilled which serves to separate superconductors 
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from other metals. Calculations, on the basis of this theory, of the 
specific heat and of the penetration depth of a magnetic field agree 
very well with experimental results. A detailed account of the experi- 
mental basis of superconductivity is given by Serr and the 
earlier theoretical work is dealt with by BARDEEN ®®) to which papers 
the reader is referred for further details. 


Tue Speciric Heat or Merats at Low TEMPERATURES 


The Lattice Specific Heat 
BLACKMAN’s theoretical treatment"™ of crystal vibrations shows that 
in a discrete lattice the frequency distribution is dependent on the 
square of the frequency, n, for small values of n, but that the dependence 
becomes greater than n* for higher values of nm. He shows that this 
leads to a specific heat, c, which is proportional to 7° in the n? region 
(i.e. the same as the Debye theory) but that c increases more rapidly 
than the Debye theory predicts as higher values of n are excited. If 
the specific heat data are represented by the variation of the Debye 6 
with temperature, this means that # should be constant at very low 
temperatures (say below 4/100) but as the temperature is increased, 4 
should decrease, pass through a minimum value and then gradually 
increase to a constant value at high temperatures. Such a prediction 
has been confirmed by recent experiments and these are illustrated 
in Fig. 16 by the very marked changes in @ which are shown for zinc 
and cadmium. These experiments and others by SmirxH and WoL- 
coTr6!, 162) show that this pattern for the variation of 6 exists for nearly 
all metals. They show that the discrepancies between the theoretical 
calculations of @ using the elastic constants and the experimental value 
are due in many cases to the fact that the experiments have not been 
taken to low enough temperatures and that a “‘constant”’ value of 6 
has been used which is really at about the minimum in the @ curve. 
The constant value of § from their own results does fit the theoretical 
calculations quite well, but this emphasizes the fact which Blackman 
first pointed out, that one must go to about 6/100 before one can be 
sure of being in the true Debye 7 region. It should be noted that 


experiments such as these call for very accurate measurements in the 


liquid helium region, because in order to calculate the lattice specific 
heat, the electronic contribution must first be subtracted and this can 
be a large fraction of the total value. One must also work with very 
pure metals, as many anomalies which were noted in early work can 
now be ascribed to impure samples. It is difficult, however, to see how 
impurities can account for the small humps in each of the specific heat 
curves of Na, K, Rb and Cs which DauPHINEE ef al.“®, 1 have found 
in measurements between 20 and 330°K. These are slight increases 
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above the main specific heat curve which occur at about 200°K for 
sodium and at about 150°K for the other three metals. The reason for 


their presence is not clear, but even here the authors do not entirely 


discount the possibility of impurities being the cause, even though most 
of their specimens (particularly the sodium) were of high purity. 
Measurements on the specific heat of sodium at lower temperatures 
l-4-20°K) by ParkINsoN and QUARRINGTON”® and of lead by 
Horowi!Tz et al.“ show a similar variation of 6 with temperature as 
has been described for zinc and cadmium. Many other workers have 
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th temperature or Zine ridmium 


measurements ote very sharp 


‘ 


eratures 


made measurements do Kk. so that more reliable values of @ are 
now available (CorAK ef a/.“® for Cu, Ag and Au: ESTERMANN ef 
W.[) for Mg, Ti, Zr and Cr; Rayne and Kemp”®® for Cr and Ni 
Hitt and Smirn”” for Be In some cases, however, # had not become 
constant even by about I1°K (Smirx and Woxicorr’® Hg; CLEMEN1 
and QuUINNELL"’” In For the heavier alkali metals one would not 
expect to get a reliable low temperature value of 4 until about 0-5°K 
or below 
fic Heat 

As the earlier article” i his series showed, there is a considerable 
contribution to the low temperature specific heat by the valency 
electrons olf the meta This mn agreement with the Sommerteld free 
electron theory gives a term of the form v7’. The value of is dependent 
on the density ‘ctro ne: it the Fermi surface and it can be 


written in the 
14) 
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where & is Boltzmann’s constant and ZL, is the energy at the Fermi 
surface. The value of g(H#,) from experimental data can be compared 
with that to be expected from the free electron model and from more 
complicated overlapping band models. Recent experiments have 
confirmed the earlier observations that for the transition metals the 
value of g(#,) is much higher than that to be expected from the free 
electron theory, and that it can be accounted for by assuming an 
overlap of the bands which can give rise to a very high density of 
states (Mott and Jonrs"”)), Careful work has shown that the electronic 
specific heat is proportional to 7' even at the lowest temperatures. 
Rayne“ has taken measurements from 1°K down to 0-1°K for Cu, 
Ag, Pt, Pd, W and Mo and finds a linear relation in this region. The 
only exception which he found was for sodium which gave an anomalous 
peak at 0-87°K. This peak was reproducible from one run to the next 
and is difficult to explain, except in terms of some impurity or crystal 
transition. This is a pity, because results on the electronic specific 
heat of sodium would be those which should agree best with the free 
electron theory. Measurements by PARKINSON and QUARRINGTON"®) 
above 1°K give no anomaly but their value of y is about 60 per cent 
above that given by the Sommerfeld theory. BuckrnaHam and 
ScHAFROTH”’® have suggested that an extra contribution to the 
theoretical value might arise from the interaction of the electrons with 
the lattice vibrations, but it is not yet clear whether this would account 
for the high experimental value. Recent work (Smith and Theodossiou, 
private communication) shows that the other alkali metals also exhibit 
values of y which are too high, and this gives another warning against 
treating them with too much confidence as free electron metals. Such 
a state of affairs has already been mentioned in the sections on 
conductivity. 

For the divalent hexagonal metals SmirH and Woxcorr™®!, 16) show 
that the values of y for Be, Mg, Zn and Cd can be accounted for by the 
band structure to be expected from an overlapping s and d band. 
For small axial ratios the density of states changes rapidly. This 
accounts for the small value of y for Be and the much larger y for Mg 
although the axial ratio is only slightly larger. For high axial ratios 
g(E,) does not change very much, and this explains the similarity in 
the values of y for Zn and Cd. 


By measuring the specific heat of a series of palladium-silver alloys 


(up to about 50 per cent Ag) in which the Fermi level is gradually 
changed, Hoare et al.“ have been able to plot the shape of the 
curve relating g(/) and #&. There is some uncertainty in their results 
as the addition of the silver might affect the shape of the band. Never 
theless such work shows the important use to which specific heat 


measurements can be put. 
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curve Kxponential behaviour is also shown by tin below 0-77 


180 


(CORAK and SATTERTHWAIT!I and GoopMAN“*” in measurements 
between 0-25 and 1-2°K has found a similar relation for aluminium 
Such a law of the form exp b/kT) might be expected if there was an 
energy gap of magnitude 6 which defined the spacing of a condensed 
zone ot electrons Such a gap 1s predicted by the recent theory ol 
BARDEEN et al.“** and, as has been noted earlier, this theory agrees 
well with the results of specific heat experiments 

It should be mentio hat the deviations from the 7* law which 
have been described have onl been detected by means otf calorimetric 
work of very high accuracy In no small part this has been due to the 
use of semi-conductir ¢ thermometers to record the te mperature of the 
specime! In parti ular, the use of an orainary carbon com position 
radio resistor (of a few tens of ohms room temperature resistance has 
been very s asf\ 1ENT and QUINNELL"”” Im the 
helium rat hese hav very temperature dependent resistivity 
good re producibility can be obtained from one run to the next In 
addition they are unaffected by magnetic fields and so are particularly 


a) 


usetul for work { } Lit reonductors In some Cases (,00D™M Ans i 


layer of carbo paint has been used as a thermometer and ESTERMAN N 


illov thermometers These latter thermo 
veloped by GEBALLE ef a 
1 considerable 
] upercon 
particular, me ne! y low temperatures below | 
important and \ y ditheult to obtain accurately We hav 
sulreadvy mentioned the wo of GoopMan™” and Rayne” below 


K and we shouk o reter to the work of SaAamMorov™**’ on cadmium 
workers have all used fairly conventional! 


techn es ( ? weve! another method } is hee! ~ iggested 


qu 
which might be of ¢ ise bel: K. This is not a static method but 
involves the use of si! isoidal power input to one end of the specimen 
which is in the form of rod stance thermometers of short 
time constant are spaced along } od, the other end of which is 
thermal! anchores len perature waves pass down the rod and the 
phase difference | ween the two thermometers is measured electron! 
leulated (A 


is » thermal conductivity, « 1e sper heat and d the density 


cally From tl the thermal diffusivity (A i n be ca 


\ constant currel +] } ) | he ite! enables kK to he determined 
and hence ! f The advantage of the method is that the 


specime! } | ontact with the heat sink all the time, i.e 
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the paramagnet lor work below 1°K, whereas in the ordinary 
method the specimen must be isolated after it has been cooled or if 
this is not done then the specific heat of the salt must be subtracted 
irom the final result and this leads to inaccuracies Also the specimen 
need not be very large in contrast to the quantities usually required 
Such a method of m« isurement has been investigated in the range above 
I-K by How Line et al.“* and they have shown that it is capable of 

accurate results for « ypper al d aluminium in good agreement 


with other workers 
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